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a b s t r a c t 

The electrochemical properties of high strength 7xxx aluminium alloys strongly depend on the substi- 

tutional occupancy of Zn by Cu and Al in the strengthening η-phase with the two-sublattice structure, 

and its microstructural and compositional prediction is the key to design of new generation corrosion 

resistant alloys. In this work, we have developed a chemical-potential-based phase-field model capable 

of describing multi-component and two-sublattice ordered phases, during commercial multi-stage artifi- 

cial ageing treatments, by directly incorporating the compound energy CALPHAD formalism. The model 

developed has been employed to explore the complex compositional pathway for the formation of the 

η-phase in Al-Zn-Mg-Cu alloys during heat treatments. In particular, the influence of alloy composition, 

solute diffusivity, and heat treatment parameters on the microstructural and compositional evolution of 

η-phase precipitates, was systematically investigated from a thermodynamic and kinetic perspective and 

compared to electron probe microanalysis validation data. The simulated η-phase growth kinetics and 

the matrix residual solute evolution in the AA7050 alloy indicates that Zn depletion mainly controlled 

the η-phase growth process during the early stage of ageing, resulting in fast η-phase growth kinetics, 

enrichment of Zn in the η-phase, and an excess in residual Cu in the matrix. The gradual substitution of 

Zn by Cu atoms in the η-phase during the later ageing stage was in principle a kinetically controlled pro- 

cess, owing to the slower diffusivity of Cu relative to Zn in the matrix. It was also found that the higher 

nominal Zn content in alloys like the AA7085 alloy, compared to the AA7050 alloy, could significantly 

enhance the chemical potential of Zn, but this had a minor influence on Cu, which essentially led to the 

higher Zn content (and consequently lower Cu) seen in the η-phase. Finally, substantial depletion of Zn 

and supersaturation of Cu in the matrix of the AA7050 alloy was predicted after 24 h ageing at 120 ◦C , 

whereas the second higher-temperature ageing stage at 180 ◦C markedly enhanced the diffusion of Cu 

from the supersaturated matrix into the η-phase, while the matrix residual Zn content was only slightly 

affected. 

© 2021 The Author(s). Published by Elsevier Ltd on behalf of Acta Materialia Inc. 

This is an open access article under the CC BY license ( http://creativecommons.org/licenses/by/4.0/ ) 
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. Introduction 

Ordered solid solution phases play a fundamental role in deter- 

ining the mechanical, electrochemical, and environmental prop- 

rties of metallic alloys, such as γ ′ precipitates in Ni-based su- 

eralloys [1] and η′ (and η) precipitates in 7xxx aluminium (Al) 

lloys (Al-Zn-Mg-(Cu) system) [2–13] . These structural alloys are 
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sually multi-component in nature containing many deliberate al- 

oying additions and impurity elements. Furthermore, the present 

trengthening phases have ordered lattice structures, wherein el- 

mental site preference arises [10] . The microstructural charac- 

eristics of these ordered phases, e.g. composition, size distribu- 

ion, morphologies, number density, and the related remaining so- 

ute levels in the matrix are comprehensively determined by alloy 

omposition and complex thermal process kinetic pathways [14] . 

herefore, quantitative design and optimization in a given commer- 

ial alloy system, with improved properties to meet the demanding 

hallenges in performance and sustainability, requires the ability to 
c. This is an open access article under the CC BY license 
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orrectly predict and control the compositional and microstructural 

volution of the complex ordered phases that dominate their prop- 

rties. 

The superior strength of Cu containing 7xxx series Al alloys 

s principally ascribed to the development of a high density of 

anoscale precipitates, which undergoe the sequence from Guinier- 

reston (GP) Zones to metastable η′ , and stable η-precipitates [3–

2] . In practice, these alloys are primarily used in an overaged 

emper state ( e.g. T7651, T7451 tempers) to improve their stress 

orrosion cracking (SCC) susceptibility at the expense of a mod- 

st loss of yield strength [15] , which is accompanied by Cu en- 

ichment in the η-phase [16,17] . It has been widely reported that 

he substitution of Zn by Cu in the η-phase can effectively min- 

mise the extent of anodic dissolution of the η-phase, due to a 

educed electrochemical potential difference between the matrix 

l-solid solution and the Cu-containing η-phase, while the break- 

own potential of the η-phase in deaerated 0.5 M NaCl is rela- 

ively unaffected by Al incorporation in the η-phase [18,19] . It is 

nown that the η-phase is based upon its Laves-C14 crystal struc- 

ure (Al,Cu,Mg,Zn) 2 (Al,Cu,Mg,Zn) 1 with two sublattices, and the Mg 

oncentration is generally fixed at 33.3 at.%, but both Al and Cu can 

ubstitute on the Zn lattice sites and its composition evolves dur- 

ng ageing heat treatments, with the Cu content increasing more 

lowly than that of the other species due to its lower diffusiv- 

ty [16,20,21] . However, the quantitative role of the heat treatment 

rocess parameters on the solute distribution between the η-phase 

nd matrix still remains elusive. The composition of the η-phase 

s furthermore determined by the bulk thermodynamic properties 

 e.g. chemical driving force, elastic strain energy), thermodynamic 

apillarity properties (interfacial energy, i.e. Gibbs-Thomson effect), 

nd the kinetics of the phase transformation process ( e.g. diffusiv- 

ty of different solute elements). As a consequence, η-phase trans- 

ormation in multi-component 7xxx Al alloys can take complex ki- 

etic pathways, that depend on the alloy chemistry and the ther- 

al path. It is therefore important to be able to simulate and bet- 

er understand the impact of alloy composition and heat treatment 

n the composition and morphological characteristics (size, volume 

raction, precipitate size distribution) of the η-phase precipitates 

nd ultimately how this impacts on the materials’ mechanical and 

orrosion properties. 

The compositional evolution and particle size distribution of or- 

ered phases in multi-component alloys is generally influenced by 

 number of diffusion-related processes with different elemental 

iffusivities, such as solute transport in the matrix, which affects 

he growth and coarsening behaviour of particles of various sizes. 

 number of theoretical and numerical frameworks have be de- 

eloped to model such behaviours with varying levels of phys- 

cal detail and across multiple length scales: for instance, first 

rinciples-informed lattice kinetic Monte Carlo studies on solute 

lustering during the early-stage precipitation [3,14] , sharp inter- 

ace modelling of precipitate growth kinetics [22] , and mean-field 

stwald ripening theories considering a statistically relevant num- 

er of precipitates [23] . Phase-field models are effective in describ- 

ng the evolution of complex microstructures and solute distri- 

utions, where adjacent compositional enrichment and depletion 

ones interact and where elasto-plastic deformation fields arising 

rom the phase transformation eigenstrains gain relevance [24–31] ; 

owever, a challenge of applying such methods for the prediction 

f the precipitation kinetics in typical engineering alloys lies in 

ealing with the existence of multi-component elements and the 

omplex multi-sublattice crystal structures of ordered phases. 

In multi-component alloys, an accurate description of the Gibbs 

ree energy and solute migration energy is paramount for quan- 

itative phase-field simulations, since they determine precipitate 

ompositions, volume fractions, the chemical driving force of phase 

ransformation, and solute diffusion kinetics. CALPHAD-based ther- 
2 
odynamic databases have been successfully developed to model 

hese key thermodynamic parameters and are widely used for 

quilibrium phase diagram calculations [32] , which can be ex- 

ended to non-equilibrium systems via combination with diffu- 

ion simulations [33] . The incorporation of CALPHAD databases 

nto phase-field methods can hence remarkably enhance the ca- 

ability of phase-field models to quantitatively simulate the more 

omplex microstructure evolution found in many technologically 

elevant alloy systems that contain ordered solid-solution phases 

34,35] . However, the direct incorporation of the CALPHAD-based 

ibbs free energy formalism in phase-field methods generally suf- 

ers from poor numerical convergence and performance owing to 

he ill-posedness of the logarithm term in the dilute limit repre- 

enting the entropic contribution [36] , and the complexity of the 

iffuse interface equilibrium condition in multi-component sys- 

ems [37] . Furthermore, the Gibbs free energy of the ordered phase 

s usually modelled as a function of site fractions in each sublat- 

ice and, hence, additional constrained energy minimization is re- 

uired to find the site fractions for a given set of mole fractions 

32] . Therefore, direct adoption of multi-sublattice models for or- 

ered phases can further compound the computational complexity 

f CALPHAD/phase-field coupling. 

The incorporation of multi-sublattice CALPHAD models into 

hase-field theories has consequently been achieved through dif- 

erent approaches with varying degrees of fidelity. For example, di- 

ect linking of the CALPHAD databases to phase-field simulations 

as been frequently performed by running a commercial CALPHAD 

oftware and the phase-field calculations interactively [34,38] . De- 

pite being accurate, this approach is computationally intensive. Al- 

ernatively, the related thermodynamic quantities and equilibrium 

onditions can be pre-calculated and stored in a database prior 

o phase-field simulation [39] . However, their extension to multi- 

omponent systems has proven to be unfeasible, as the number 

f storage and data retrieval operations for thermodynamic entries 

ncrease exponentially with the number of components. In addi- 

ion, polynomial fitting or piecewise approximation of the Gibbs 

ree energy have also been commonly used in binary or ternary 

ases [40,41] . However, only a narrow range of the thermodynamic 

unction can be accurately fitted by a polynomial, while the actual 

inetic pathways for precipitation in complex multi-component al- 

oys can lead to much larger compositional ranges. It is thus dif- 

cult to identify beforehand the most relevant composition win- 

ow to be considered in the phase-field simulation. The direct in- 

orporation of the multi-sublattice formalism into the phase-field 

odel has been pursued by Zhang et al. [42] , where the relation- 

hip between the specific site fractions and mole fractions was 

stablished through the finite interface dissipation method [43] . 

hu et al. [35] first proposed an approach to incorporate a four- 

ublattice model by relating the site fractions to the order param- 

ters in a Ni-Al binary system, which has been recently extended 

o the study of multi-component Ni-based superalloys [44,45] and 

ight-weight steels [46,47] . However, with an increasing number of 

lements in the alloy system, the strong coupling between the site 

raction and the order parameter can escalate the mathematical 

omplexity and hence result in intensive numerical computation. 

urthermore, this method has been limited to specific applications 

here a single function formalism of the Gibbs energies can be 

dopted for both the ordered and disordered phases [44] . 

In order to simplify the implementation of the interface equi- 

ibrium condition, Plapp [48] has recently formulated a phase-field 

odel based on a grand potential functional. However, to date the 

pplication of such an approach has been limited to simple bi- 

ary or ternary substitutional phases [49,50] , since the grand po- 

ential of the bulk phases was calculated by a Legendre trans- 

ormation of the Gibbs free energy, which is mathematically un- 

easible for ordered phases described by a multi-sublattice for- 
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alism. Furthermore, the Legendre transformation does not even 

xist for non-convex Gibbs free energy forms. More recently, a 

hemical-potential-based phase-field model has been constructed 

sing a time-discrete semi-analytical inversion of the thermody- 

amic relations by the current authors [13,31] . Such an approach 

as the advantage that it is applicable to general CALPHAD Gibbs 

ree energy forms of multi-component substitutional systems. This 

odel has been used to successfully study the grain boundary η- 

hase transformation and microchemistry evolution in Al-Zn-Mg- 

u alloys. However, the η-phase was simplified as a stoichiometric 

hase and had a fixed composition throughout the heat treatment 

imulations [13] . The influence of alloy composition, solute diffu- 

ivity, and heat treatment parameters on the microstructural and 

ompositional evolution of the η-phase could thus not be compre- 

ensively investigated. 

This work therefore aims to develop a chemical-potential-based 

hase-field model capable of describing multi-component ordered 

hases by directly integrating the two-sublattice CALPHAD for- 

alism. This has been achieved by semi-analytically inverting the 

ibbs free energy formulation of the ordered phase, which re- 

ults in solute transport equations as a function of the chemi- 

al potentials instead of compositions. The site fraction occupied 

y an element in each sublattice can then be directly obtained 

rom the dynamic variable ( i.e. the chemical potentials). Additional 

omputation-intensive energy minimization can thus be avoided. 

e begin by first describing the thermodynamics and multi-phase- 

eld model adopted for the multi-component and two-sublattice 

hase, and then present an efficient numerical algorithm to solve 

he resulting formulation as a function of phase-field order param- 

ters and chemical potentials. After developing the framework, we 

hen explore the complex compositional pathway for the formation 

f the η-phase in Al-Zn-Mg-Cu alloys, focusing on the influence of 

lloy composition, solute diffusivity, and heat treatment parame- 

ers on the evolution of the η-phase composition during η-phase 

rowth and Ostwald coarsening. Although this work has focused 

n the Al-Zn-Mg-Cu system, our model is built on the CALPHAD 

hermodynamic formulation that should facilitate generalization to 

any other multi-component alloy systems with multi-sublattice 

rdered phases. 

. Model formulation 

In this section, we begin by first briefly reviewing the multi- 

hase-field model [25,38,51–53] , and then describe the approach 

sed to directly incorporate the CALPHAD-based multi-component 

nd two-sublattice free energies into the formulation. 

.1. Multi-phase-field model 

Assuming a multi-phase, multi-component system with α = 

 . . . N phases and i = 1 . . . K components, the local volume frac- 

ion and solute composition for each phase are represented by the 

ector-valued phase fields ϕ and phase compositions c α , respec- 

ively. The order parameters and phase composition meet the fol- 

owing constraints, 

 N 
α ϕ 

α = 1 , and 

∑ N 
α ϕ 

αc α
i 

= c i . (1) 

he Gibbs free energy functional of this system is expressed as a 

unction of phase fields ϕ , phase compositions c α , and temperature 

: 

( ϕ , ∇ ϕ , c α, T ) = 

∫ 
V 

(
f intf ( ϕ , ∇ ϕ ) + f bulk ( ϕ , c α, T ) 

)
d V, (2) 

here V is the domain of consideration, f intf and f bulk describes 

he interfacial and bulk free energy density, respectively. 
3 
The interface energy density is defined by: 

f intf ( ϕ , ∇ ϕ ) = 

∑ N 
α � = β

4 σαβ

ηαβ

[ 
− ηαβ 2 

π2 ∇ ϕ 

α · ∇ ϕ 

β + ϕ 

αϕ 

β
] 
, (3) 

here, σαβ and ηαβ is the interface energy and width between 

hases α and β , respectively. 

The bulk free energy includes both the elastic strain en- 

rgy ( f elas ) and chemical free energy ( f chem 

) contributions. 

ince η-precipitates generally have semi-coherent or incoherent 

recipitate-matrix interfaces [11,12] , the elastic strain energy is 

nly expected to play a minor role in the η-phase formation (see 

etails in Section S.1 in the supplementary material). Therefore, it 

s physically reasonable to neglect the mechanical driving force for 

he present application to the simulation of η-phase growth in Al- 

n-Mg-Cu alloys. The diffuse interface is approximated as a mix- 

ure of multiple phases that each retain their macroscopic prop- 

rties with the same diffusion potential. The chemical free energy 

ensity, f chem 

( ϕ , c α, T ) , is calculated as the volume average of each 

hase, f α
chem 

(c α, T ) . 

The temporal and spatial evolution of the phase fields is ob- 

ained by the minimization of the total Gibbs free energy, F , 

hrough over-damped relaxation: 

˙ 
 

α = −∑ ˜ N 
β=1 

M 

αβ

˜ N 

[ 
δF 
δϕ α

− δF 
δϕ β

] 
, (4) 

here ˜ N is the number of active phases, M 

αβ is the interface mo- 

ility between phase α and β . 

.2. Multi-component diffusion 

In the mass conservation law, a linear flux formalism is as- 

umed for the component diffusion, 

˙ 
 i ( ̃  μ) = ∇ · ∑ K−1 

j=1 L 
K 
i j 
∇ ̃  μ j , (5) 

here the vector-valued quantity, ˜ μ, denotes the diffusion poten- 

ial of solutes. The diffusion potential of solute i , ˜ μi = ˜ μα
i 

= ˜ μβ
i 

, 

s calculated as the difference of the chemical potential relative to 

he solvent component K: 

˜ α
i 

= 

(
∂ f α

chem 

∂c α
i 

)
T,P ,c j � = c i −

(
∂ f α

chem 

∂c α
K 

)
T,P ,c j � = c K . (6) 

 

K 
i j 

are phenomenological chemical mobilities, calculated as the 

olume-average chemical mobilities inside different phases, αL K 
i j 

, 

see details in [13] ). 

One should notice that the composition fields, c i ( ̃  μ) , in 

q. (5) are implicit functions of the diffusion potentials, ˜ μ. There- 

ore, the solution of the mass conservation law, Eq. (5) , requires 

he inversion of the chemical potential relation in order to express 

ompositions c i := c i ( ̃  μ) for i = 1 , . . . , K − 1 . A numerical approach

o achieve this chemical-potential inversion, applicable to a substi- 

utional phase, has been recently proposed by the current authors 

13,31] . In the following section, we will extend this algorithm 

o deal with ordered phases with two-sublattice structures, based 

n the semi-implicit inversion method, in the chemical-potential- 

ased solute transport equation. 

.2.1. Two-sublattice CALPHAD model 

Many ordered phases can be described by the two-sublattice 

odel as (A, B, C, ...) α′ (A, B, C, ...) α′ ′ , where αi is the stoichiome-

ry of each sublattice such that 
∑ 

i α
i = 1 . For the current applica- 

ion to the η-phase in Al-Zn-Mg-Cu alloys, all the solute elements 

ere allowed to occupy both the first and second sublattice. The 

ibbs energy of the crystalline phase with two sublattices can be 
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xpressed as: 

f 
φ
chem 

(y (s ) 
i 

) = 

∑ K 
i =1 

∑ K 
j=1 

[ 
y 

′ 
i 
y 

′′ 
j 
G 

φ
i : j 

] 
+ RT 

[ 
a 

′ ∑ K 
i =1 y 

′ 
i 
ln (y 

′ 
i 
) + a 

′′ ∑ K 
j=1 y 

′′ 
j 
ln (y 

′′ 
j 
) 
] 

+ 

XS G 

φ
chem 

, 

(7) 

here � is the molar volume, and y 
′ 
i 

and y 
′′ 
i 

are the site fractions 

or component i on the first and second sublattice, respectively. 

he relation between the site fraction and mole fraction of com- 

onent m is given by: 

 

φ
m 

= 

∑ 

t a 
t y t m ∑ 

t 

∑ 

i a 
t y t 

i 

. (8) 

 

φ
i : j 

in Eq. (7) represents the molar Gibbs energy of the end- 

ember compound i 
a 
′ j 

a 
′′ . The logarithm terms in Eq. (7) express 

he contribution of the ideal mixing entropy. The excess term, 
S G 

φ
chem 

, describes the non-ideal interactions between elements in 

he phase, and is given by the Redlich-Kister polynomial (see de- 

ails in Section S.3 in the supplementary material). 

Assuming a system in internal equilibrium, the phase diffusion 

otential defined by Eq. (6) must have the same value as the dif- 

usion potential in each sublattice [54] . Otherwise, there would be 

 driving force for an exchange of atoms between different sublat- 

ices. Thus, the following equal diffusion potential condition in the 

wo-sublattice model can be obtained: 

˜ i = ˜ μt 
i 

= μt 
i 
− μt 

K , (9) 

here μt 
i 

and ˜ μt 
i 

are the chemical potential and diffusion potential 

f component i in the t sublattice, respectively. 

Following the derivation of partial quantities [54] , the chemical 

otential of component m in the first sublattice can be calculated 

rom the Gibbs free energy definition in Eq. (7) : 

′ 
m 

= � f 
φ
chem 

+ 

1 

a ′ 

[ (
∂� f 

φ
chem 

∂y 
′ 
m 

)
y 
′ 
l 

− ∑ K 
i =1 y 

′ 
i 

(
∂� f 

φ
chem 

∂y 
′ 
i 

)
y 
′ 
l 

] 
. (10) 

The diffusion potential for component m in the first sublattice 

 Eq. (9) ) can then be expressed as: 

˜ 
′ 
m 

= 

1 

a ′ 

[ ∂ f 
φ
chem 

∂y 
′ 
m 

− ∂ f 
φ
chem 

∂y 
′ 
K 

] 

= 

1 

a ′ 

[ 

K ∑ 

j=1 

y 
′′ 
j G m : j −

K ∑ 

j=1 

y 
′′ 
j G K: j + RT a 

′ 
ln 

(
y 

′ 
m 

y 
′ 
K 

)

+ 

∂ XS G 

φ
chem 

∂y 
′ 
m 

− ∂ XS G 

φ
chem 

∂y 
′ 
K 

] 

. (11) 

Solving the diffusion equations ( Eq. (5) ) as a function of the dif-

usion potentials requires the inversion of the diffusion potentials 

 Eq. (11) ) in order to express c i := c i ( ̃  μ) for i = 1 , . . . , K − 1 . This is

chieved algorithmically, with a time-discrete approach, through a 

emi-implicit splitting of the diffusion potential relation in a cer- 

ain sublattice: 

˜ i (t n ) = ˜ μ
′ 
i 
(t n ) = 

ˇ̃
 μ
′ 
i 
(t n ) + 

ˆ ˜ μ
′ 
i 
(t n −1 ) , (12) 

nto a convex contribution: 

ˇ̃
 

′ 
i 
(t n ) = 

1 

a ′ 

[ ∑ K 
j=1 y 

′′ 
j 
(t n ) G m : j −

∑ K 
j=1 y 

′′ 
j 
(t n ) G K: j + RT a 

′ 
ln 

(
y 
′ 
m (t n ) 

y 
′ 
K 
(t n ) 

)] 
,

(13) 

nd a non-convex contribution: 

ˆ ˜ 
′ 
i 
(t n −1 ) = 

1 

a ′ 

[ 
∂ XS G 

φ
chem 

∂y 
′ 
m 

(t n −1 ) − ∂ XS G 
φ
chem 

∂y 
′ 
K 

(t n −1 ) 
] 
, (14) 
4 
here t n and t n −1 are consecutive discrete time intervals, and local 

quilibrium is assumed ( Eq. (9) ). Based on this semi-implicit split- 

ing approach, the site fractions in the first sublattice, y 
′ 
i 
, can then 

e calculated in terms of diffusion potentials by the inversion of 

q. (12) ; 

 

′ 
m 

(t n ) = 

exp 

[ 
λ
′ 
m (t n ) − ˆ ˜ μ

′ 
m (t n −1 ) 

RT 

] 
1+ ∑ M−1 

n exp 

[ 
λ
′ 
n (t n ) − ˆ ˜ μ

′ 
n (t n −1 ) 

RT 

] , (15) 

here 

′ 
m 

(t n ) = ˜ μm 

(t n ) − 1 

a ′ 

( K ∑ 

j=1 

y 
′′ 
j (t n ) G m : j −

K ∑ 

j=1 

y 
′′ 
j (t n ) G K: j 

)
. (16)

ollowing the above derivation, the site fractions in the second 

ublattice, y 
′′ 
i 

, can also be obtained. Eq. (15) is an implicit system 

f equations that can be numerically solved for a given diffusion 

otential, ˜ μ(t n ) . 

.3. Numerical implementation 

The inverted thermodynamic relation for the two-sublattice 

hase is given by Eq. (15) for the first sublattice. The correspond- 

ng relation for the second sublattice is analogues to Eq. (15) . 

etails of the corresponding relation for the disordered matrix 

hase are outlined in a previous work [13] . Substituting the above 

nverted thermodynamic relation, through Eqs. (1) and (8) , into 

q. (5) yields the final transport equations. Together with Eq. (4) , 

hese form the governing equations to be solved as a function 

f solute diffusion potentials, ˜ μi , and phase-field order parame- 

ers, ϕ 

α . The proposed CALPHAD/phase-field model for the multi- 

omponent and two-sublattice phase has been implemented in the 

reeware material simulation kit, DAMASK [55] , and a large-scale 

arallel finite element solver using the PETSc numerical library 

56] has been developed to deal with the discretization and nu- 

erical solution of the coupled differential field equations. The so- 

ution approach involves solving the coupled system of Eqs. (5) and 

4) within a staggered iterative loop until a self consistent solution 

s achieved for a time increment. The numerical solution procedure 

s described in detail in [31] . 

. Application to η-phase precipitation in Al-Zn-Mg-Cu alloys 

.1. Experimental methods 

To validate the CALPHAD parameters for the chemical free en- 

rgies, available from the open source thermodynamic databases 

or the two sublattice η-phase [57,58] , CALPHAD predictions were 

ompared to experimentally measured equilibrium η-phase com- 

ositions. However, since the η-phase in 7xxx alloys typically ex- 

sts as nanoscale precipitates, their compositions are challenging 

o analyse using conventional electron microscopy due to the rela- 

ively large electron-interaction volumes overlapping with the ma- 

rix phase [21] . In order to overcome this limitation, in this work, 

amples of interest from the T/4 plate position of five different 

xxx alloys (AA7085, AA7050, AA7040, AA7449, and AA7010) were 

nstead solution treated at 470 ◦C for 1 h to dissolve all inter- 

etallic phases present. The samples were then slowly cooled at 

 rate of 10K h 

−1 to promote the nucleation of large precipi- 

ates at the grain boundaries, and subsequently aged at a vari- 

ty of lower temperatures for 1 week, which is sufficiently long 

o achieve equilibrium. By design, this heat treatment resulted in 

icrostructures with coarse, micron-scale precipitates (an example 

s given in Fig. 1 (a)), which were much larger than the electron 

nteraction volumes typically used in electron microscopy with Al 
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Fig. 1. Validation of the thermodynamic description of the η-phase and the phase-field model in Al-Zn-Mg-Cu systems: (a) backscatter electron micrograph of the AA7085 

alloy microstructure after solution treatment, slow cooling, and long-term ageing; (b) representative EPMA line scans of a η-phase precipitate and surrounding matrix in the 

AA7085 alloy, along the red arrow as indicated in (a); (c) the η-phase equilibrium compositions in five different 7xxx alloys at 250 ◦C , 300 ◦C , and 350 ◦C , obtained from 

EPMA characterizations (solid circles) compared to CALPHAD predictions (open circles). The standard deviation error calculated from multiple EPMA measurements for each 

alloy is also included; (d) the simulated Cu, Mg, Zn, and Al concentration profiles of the η-phase in a model AA7050 alloy aged at 250 ◦C after 139 h. Phase-field predictions 

and DICTRA calculations are described by the solid lines and round symbols, respectively; (e) the corresponding phase-field simulation results with different interface widths 

varying from 4�x to 8�x . . (For interpretation of the references to colour in this figure legend, the reader is referred to the web version of this article.) 
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21] , and their compositions were thus much more reliably anal- 

sed. The compositions of precipitates were analysed using a JEOL 

XA-8530F Field Emission Gun Electron Probe Microanalyser (FEG- 

PMA) equipped with 4 wave dispersive spectrometers (WDS), op- 

rated at a current of 108nA and an accelerating voltage of 15kV. 

ounts for Mg (K α1 ) were collected on a TAP diffraction crystal, 

nd copper (K α1 ) and Zn (K α1 ) were collected on a LiFL diffrac-

ion crystal. To provide further confidence in the EPMA analysis of 

he precipitates, line scans were utilised instead of individual point 

nalyses so that a one-dimensional composition profile of the pre- 

ipitates and surrounding matrix was first collected, so that only 

oints in the ‘steady-state’ central region of the precipitate were 

ncluded in the results. Line scans were conducted using a dwell 

ime of 2 min for each point with a spacing of 1 μm. An example

f this approach is shown in Fig. 1 (a) and (b) for AA7085, where

he insert in Fig. 1 (a) shows a backscatter electron micrograph of 

he precipitate analysed, and Fig. 1 (b) shows the line scan data and 
5 
he central points selected and averaged to obtain the phase com- 

osition result. Each EPMA point was collected with a single stan- 

ard deviation error measurement (approx. 0.15 at.%), which were 

ompounded during averaging. 

Figure 1 (c) shows the measured equilibrium compositions of 

he η-phase in the different alloys at 250 ◦C , 300 ◦C , and 350 ◦C ,

espectively. The standard deviation error calculated from multiple 

PMA measurements for each alloy is also included in Fig. 1 (c), 

.e. approx. 1.3 at.%, 3.5 at.%, 2.1 at.%, and 5 at.% for Cu, Mg, Zn,

nd Al, respectively. It is worth noting that, in order to reason- 

bly fit the experimental measurements, re-assessment has been 

erformed for the interaction parameter between Al and Zn in the 

rst sublattice when the second sublattice is completely occupied 

y Mg. The other thermodynamic parameters are the same as in 

he COST507 database [57] . It can be seen that the CALPHAD cal- 

ulated results (open circles) compared favourably with the exper- 

mentally measured compositions (solid circles). It is apparent that 
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he predicted Mg concentration of the η-phase was around 33 at.% 

n all cases, whereas the Cu, Zn, and Al solute concentrations in 

he precipitate depended on both the alloy compositions and an- 

ealing temperatures. This good agreement between the CALPHAD 

redictions and EPMA results thereby provides validation of the 

hermodynamic description of the multi-component η-phase with 

 two-sublattice structure. 

.2. Model validation 

The validated thermodynamic parameters were directly used in 

q. (7) without any approximations or simplification. The kinetic 

arameters, required to calculate the solute diffusion mobilities in 

he disordered matrix phase, were directly obtained from the open 

ource MatCalc solute mobility database [58] . The thermodynamic 

nd kinetic material parameters used in the present work are sum- 

arised in the supplementary material. 

In order to validate the thermodynamic driving forces and inter- 

ace kinetics in the phase-field model, the growth of the η-phase 

n a quaternary Al-2.69 at.% Zn-2.68 at.% Mg-1.03 at.% Cu alloy at 

50 ◦C was benchmarked with the predictions from the DICTRA 

harp interface model [22] . To obtain a quantitative comparison, 

ICTRA simulations were also performed using the above thermo- 

ynamic and kinetic material parameters, through a user-defined 

atabase in Thermo-Calc. In this benchmark simulation, an initial 

-phase composition of ( Zn 41 . 1 , Al 15 . 3 , Cu 10 . 3 ) Mg 33 . 3 was used. So- 

ute diffusion was suppressed in the η-phase. A one-dimensional 

omain of length L = 260�x was employed, and an η-phase pre- 

ipitate of size L = 10�x was introduced at one end of the do- 

ain. A uniform grid spacing �x = 10 nm and an interface width 

= 4�x was used. Figure 1 (d) shows that, after ageing for 139 h at

50 ◦C , Cu, Mg, Zn, and Al solute profiles of the η-phase predicted

y the phase-field model were in good agreement with the calcu- 

ations from the sharp interface model. The small deviations in the 

nterfacial region can be ascribed to the diffuse interface charac- 

eristic of the phase-field model. Furthermore, Fig. 1 (e) shows the 

hase-field simulation results with various interface widths from 

�x to 8�x . It is apparent that the simulated evolution of the 

recipitate composition was independent of the interface width, 

hich benefited from the quasi-equilibrium condition [37] being 

mplicitly satisfied in the current model. In the following simu- 

ations, an interface width of 4�x was used to enable the simu- 

ation of the same total physical size with coarser finite element 

iscretization and efficient numerical calculations. 

.3. Simulation setup 

Following the model validation, the CALPHAD/phase-field 

odel was used to quantitatively investigate the complex com- 

ositional pathway for the formation of η-phase, to better under- 

tand the effect of alloy compositions and ageing conditions on the 

ompositional and microstructural evolution of the η-phase precip- 

tates. To this end, a single crystal with multiple pre-introduced 

-phase nuclei was created to serve as the starting configura- 

ion. The domain size modelled was 256nm × 256nm, with a 

niform grid spacing of �x = �y = 0 . 5 nm and an interface width 

f η = 4 �x . The initial radius and number density of η-phase 

uclei used in the model were 3 nm and 10 0 0 μm 

−2 , respec-

ively, informed by the APT characterisation of an AA7050 alloy 

ged at 120 ◦C for 2 h [20] . These precipitate nuclei were ran-

omly distributed in the matrix at the beginning of the simulation. 

eriodic boundary conditions were applied to the simulation do- 

ain. Since the thermodynamic description of the prior metastable 

PZs and η′ transition phase is still the subject of some specu- 

ation [57,59] , the present work particularly focuses on the study 
6 
f the compositional evolution during η-phase formation. Since re- 

orted aspect ratios of the η-precipitate in 7xxx alloys was rela- 

ively small (2 - 3) [17,20] , an isotropic interface energy of 0.5Jm 

−2 

as assumed for the precipitate-matrix interface (see detail in Sec- 

ion S.2 in the supplementary material). An interface mobility of 

 × 10 −11 m 

4 J −1 s −1 was used, which is large enough to guarantee 

hat the η-precipitate growth was a diffusion-controlled process. 

onstant molar volumes, � = 1 × 10 −5 m 

3 mol 
−1 

, were assumed 

or both the solid solution phase and η-phase. To the authors’ 

nowledge, since the kinetic parameters used to calculate the dif- 

usivities in the ordered η-phase are not available in the published 

iterature, the solute mobilities in the η-phase are assumed be of 

he same order of magnitude as in the matrix phase. 

Three different model 7xxx alloys have been simulated and 

ompared in the present work. The first alloy, AA7050 (Al - 2.69 

t.% Zn - 2.68 at.% Mg - 1.03 at.% Cu), had the highest Cu and the

owest Zn concentration. The second alloy, AA7085 (Al - 3.30 at.% 

n - 1.80 at.% Mg - 0.72 at.% Cu), had the lowest Cu and the high-

st Zn concentration. The last alloy, AA7010 (Al - 2.76 at.% Zn - 

.79 at.% Mg - 0.76 at.% Cu), had similar Mg and Zn concentrations 

o AA7050, but with a lower Cu concentration. The AA7085 alloy 

epresents a more modern generation high Zn content 7xxx alloy, 

hile AA7050 and AA7010 are lower Zn content established indus- 

ry ‘workhorse’ materials. It should be noted that the three alloys 

tudied in the current work all represent model 7xxx alloys, and 

he influence of impurity elements on the microstructure evolution 

as thus not considered in the current simulations. 

.4. η-Phase precipitation in the AA7050 alloy 

An isothermal ageing simulation was first performed for 

A7050 at 180 ◦C , in order to track and quantify the complex 

ompositional pathway for the formation of the η-phase. Figure 2 

hows the simulated compositional and morphological evolution of 

-phase precipitates after ageing for 0.3 h, 1.0 h, and 5.3 h. In gen- 

ral, both the Cu and Al content in η-phase precipitates increased 

rogressively with ageing time, while there was a distinct reduc- 

ion in the Zn content. In comparison, a constant Mg concentra- 

ion of 33.3 at.% has been predicted throughout the ageing pro- 

ess. A closer inspection of the solute partitioning in the precipi- 

ates after 5.3 h ageing (as shown in Fig. 2 (c)) reveals that all the

olute elements (Cu, Zn, and Al), except for Mg, were distributed 

eterogeneously across precipitates. Considerably higher Cu and Al 

oncentrations can be observed in the precipitates with smaller 

izes, whereas the corresponding Zn content exhibited the oppo- 

ite trend. A further quantitative study on the compositional evo- 

ution of the η-phase and the correlation between the precipitates’ 

ompositions and their size distributions will be presented below. 

The evolution of the solute distribution in the matrix is pro- 

ided in Fig. 3 (a–c). The results indicate that the Cu depletion zone 

hat developed at the early ageing times was restricted to a nar- 

ower layer (approx. 13nm wide at 0.3 h) adjacent to precipitates. 

owever, both the Mg and Zn solute depletion zones have com- 

letely overlapped after an early ageing time of 0.3 h at 180 ◦C. 

pon further ageing to 1 h, a virtually homogeneous distribution of 

g and Zn can be observed in the matrix. In comparison, Cu was 

ound to remain significantly supersaturated and more heteroge- 

eously distributed in the matrix. Figure 3 (d) depicts the evolution 

f example composition profiles across the matrix and precipitates 

along the black arrow as indicated in Fig. 3 (c)). When ageing from 

 h to 5.3 h, the solute depletion surrounding the central smaller 

recipitate progressively transitioned to enrichment for all solute 

lements (Cu, Mg, Zn). This was accompanied by the shrinkage of 

his precipitate (from 4nm to 1nm), consistent with the effect of 

stwald ripening, and a significant enrichment of Cu (from 10.2 
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Fig. 2. Evolution of the Cu, Mg, Zn, and Al solute distributions in the η-phase precipitates at ageing times of (a) 0.3 h, (b) 1 h, and (c) 5.3 h at 180 ◦C in AA7050. (c) shows 

the enlarged simulation region as indicated by the white square in (a). The matrix solute distribution is shown below in Fig. 3 . 
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t.% to 16.1 at.%) and depletion of Zn (from 37.2 at.% to 25.3 at.%) 

n the precipitate. 

To quantify the compositional pathway for the formation of the 

-phase, Fig. 4 (a–d) and (j) track the solute composition and radius 

f individual precipitates during ageing at 180 ◦C in AA7050. All 

recipitates were observed to grow rapidly during the early stages 

f ageing (up to approx. 0.8 h). After the initial growth stage, Ost- 

ald ripening can be observed from 1 h to 5.3 h ageing. As shown

n Fig. 4 (a), the Cu concentration in all the precipitates increased 

ontinuously from approximately 7 at.% to 11 at.% with increasing 

geing time up to 2.5 h. Upon further increasing ageing time, clear 

ifferences in the Cu content between different precipitates devel- 

ped. Comparison of Fig. 4 (a) and (j) suggests that the Cu content 

n the smaller precipitates increased sharply to a maximum value 

f about 15 at.% during the Ostwald ripening process, which was 

ccompanied by the shrinkage of these smaller precipitates un- 

il their eventual dissolution. In comparison, the corresponding Zn 

volution was characterised by a substantial reduction by approx. 

 at.% ( Fig. 4 (c)). 

As shown in Fig. 4 (k–n), after 5.3 h ageing at 180 ◦C , a linear re-

ationship between the precipitate compositions and the inverse of 

he precipitate radius can be observed, consistent with the Gibbs- 

homson effect [60] . The evolution of the matrix-interface solute 

omposition ( Fig. 4 (e–g)), shows that all the solute compositions 

ith respect to these smaller precipitates exhibited a progressive 

nrichment during the Ostwald ripening process. A steep increase 

f all the solute concentrations, especially for Cu, can be observed 

hen the smaller precipitates approached the threshold for disso- 

ution. Figure 4 (i) further illustrates that for the smaller dissolving 
7 
recipitates the Cu/Zn ratio in the interfacial matrix increased con- 

inuously with ageing time, although the mean Zn content in the 

recipitates was almost three time higher than for Cu. Moreover, 

he Cu/Zn ratio in these smaller precipitates was predicted to in- 

rease as a function of ageing time, as shown in Fig. 4 (h). These

bservations suggest that the strong enrichment of Cu, both in the 

maller precipitates and in the interfacial matrix, stems from the 

inetic control of the η-phase formation; i.e. more Zn solute atoms 

ith higher diffusivity compared to Cu have diffused away from 

he smaller precipitates to the larger ones during Ostwald ripen- 

ng. 

Figure 5 (a) and (b) show the evolution of the precipitate vol- 

me fraction and the average solute compositions of the precipi- 

ates and the matrix, during ageing at 180 ◦C in AA7050. It can be 

een that the average Mg and Zn concentration exhibited a con- 

iderable reduction from 2.7 at.% to 0.5 at.% after 1 h ageing, and 

hen remained virtually constant. In contrast, the depletion kinet- 

cs of Cu from the matrix was much slower. Although the average 

n composition in the matrix reduced to a steady state value after 

nly 0.5 h ageing, the precipitate volume fraction increased from 

.8% to 9% with subsequent ageing to 1.5 h (as shown by the black 

urve in Fig. 5 (a) and (b)). This is accompanied by a decrease in

he average Zn concentration of the precipitates from 41 at.% to 

6 at.%, while both the Cu and Al average precipitate concentra- 

ion exhibited distinct enrichment, from 8 at.% to 11 at.% and from 

8 at.% to 20 at.%, respectively. In Fig. 5 (c) it can be observed that

he average Cu/Zn ratio in the matrix increased significantly from 

.4 to 1 at early ageing times and reached a maximum value af- 

er 0.5 h, at which point the available Zn in the matrix has been 
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Fig. 3. Evolution of the Cu, Mg, and Zn solute distributions in the matrix at ageing times of (a) 0.3 h, (b) 1 h, and (c) 5.3 h at 180 ◦C in AA7050. (d) The corresponding 

solute composition profiles across the matrix and precipitates, along the black arrow as shown in (c). 
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ompletely consumed by precipitates. The matrix Cu/Zn ratio then 

radually decreased to a steady value of 0.3 after 2.5 h ageing. 

hese two distinct evolution trends are dominated by Zn depletion 

nd Cu depletion in the matrix, respectively. 

.5. Influence of alloy composition 

In this section the influence of alloy composition on η- 

hase precipitation is systematically investigated. As described in 

ection 3.3 , three different 7xxx alloy variants (AA7050, AA7010, 
8 
A7085) have been studied and compared in the present work. 

sothermal simulations were conducted at 180 ◦C up to 3.5 h. 

Figure 6 compares the effect of alloy composition on the so- 

ute distribution in the η-phase precipitates after 3.5 h ageing at 

80 ◦C . The Cu content in η-phase precipitates was predicted to be 

ighest in AA7050, and lowest in AA7085. The Cu content of the 

recipitates in AA7010 lies in between that of the two other alloys. 

n contrast, the Zn composition in the η-phase precipitates exhib- 

ted the opposite trend. These observed Cu and Zn partitioning lev- 

ls in the η-phase are consistent with the relative global compo- 
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Fig. 4. Evolution of individual solute compositions over ageing time at 180 ◦C in AA7050, showing the (a) Cu, (b) Mg, (c) Zn, and (d) Al composition in individual precipitates 

and the corresponding (e) Cu, (f) Mg, and (g) Zn composition in the matrix-interface; the evolution of the ratio of Cu to Zn (h) in the precipitates and (i) in the interfacial 

matrix, and the radius of the individual precipitates over ageing time. Relationship between the precipitate solute composition and the inverse of the precipitate radius for 

(k) Cu, (l) Mg, (m) Zn, and (n) Al at an ageing of time of 5.3 h at 180 ◦C . 

Fig. 5. Evolution of the average solute compositions of (a) the precipitates and (b) the matrix; and (c) the temporal evolution of the average Cu/Zn ratio in the precipitates 

and matrix, in relation to the change in the precipitate volume fraction, during ageing at 180 ◦C in AA7050. 
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itions in Zn and Cu of the three alloys. Moreover, similar Al con- 

ents in the η-phase can be observed in both AA7050 and AA7010, 

hereas in AA7085 the precipitates contained a relatively low Al 

evel. 

Figure 7 (a–d) present the size-dependent compositional be- 

aviour of the η-phase precipitates after 3.5 h ageing at 180 ◦C . 

or all the three alloys studied, both the Cu and Al content were 

ound to linearly increase with the inverse of the precipitate radius, 
9 
hilst Zn had the opposite variation. In addition, it can be seen 

hat, for each solute element, the slopes of the size-composition 

orrelation lines for the η-phase precipitates were almost identical 

or various 7xxx variants studied, though with a large relative shift. 

oreover, the corresponding evolution of the matrix-interface so- 

ute compositions, against the inverse of the precipitate radius, is 

lso provided in Fig. 7 (e–g), where a linear relationship was again 

btained for all the 7xxx alloys studied. 
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Fig. 6. Solute distributions in the η-phase precipitates in the (a) AA7050, (b) AA7010, and (c) AA7085 alloys after 3.5 h ageing at 180 ◦C . 

Fig. 7. Effect of alloy composition on the relationship between the solute partitioning and the precipitate size on ageing at 180 ◦C for 3.3 h; (a–d) solute compositions in 

η-phase precipitates vs inverse of the precipitate radius, (e–g) solute compositions in the matrix-interface vs inverse of the precipitate radius. 
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The effect of alloy compositions on the evolution of the average 

olute compositions in the η-phase precipitates and in the matrix 

ith ageing time at 180 ◦C is illustrated in Fig. 8 . After 3.5 h ageing

t 180 ◦C , the average η-phase compositions in AA7050, AA7010, 

nd AA7085 were predicted to be ( Zn , Al , Cu ) Mg , 
34 . 7 20 . 5 11 . 5 33 . 3 

10 
 Zn 37 . 5 , Al 19 . 7 , Cu 9 . 5 ) Mg 33 . 3 , and ( Zn 44 . 1 , Al 14 . 2 , Cu 8 . 4 ) Mg 33 . 3 , re- 

pectively. Fig. 8 (a) shows that AA7050 exhibited the highest aver- 

ge Cu and lowest Zn content in the η-phase precipitates through- 

ut the ageing process. With respect to the evolution of the solute 

ontents in the matrix, as shown in Fig. 8 (b), AA7085 exhibited sig- 
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Fig. 8. Effect of alloy composition on the evolution of the average solute compositions in (a) the η-phase precipitates and in (b) the matrix as a function of ageing time at 

180 ◦C . The corresponding experimental results at 150 ◦C from the APT characterisations are also included [16,17] . 
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ificantly higher Cu and Zn matrix compositions, throughout the 

geing process (apart from the initial 0.7 h ageing), compared to 

he two other alloys. For example, ageing for 1 h at 180 ◦C , AA7085

ad nearly three times higher residual Zn and twice the Cu content 

ompared to AA7050 (1.1 at.% relative to 0.4 at.%, 0.4 at.% relative 

o 0.2 at.%, respectively). The residual Mg content in the matrix 

as, however, lowest for AA7085 across the entire ageing time. 

.6. Influence of ageing temperatures 

It is widely acknowledged that the SCC resistance in 7xxx alloys 

an be markedly improved by tuning the composition of η-phase 

recipitates and the corresponding residual solid solution, through 

or example, retrogression and re-ageing treatments [17,61–67] , 

r two-step overageing heat treatments [16,68–72] . Understanding 

he influence of ageing temperatures on the evolution of the η- 

hase composition is, thus, a key avenue for advancing the devel- 

pment of 7xxx alloys. In this section, a two-step ageing simula- 

ion was first conducted for AA7050. The alloy was initially heat 

reated at 120 ◦C for 24 h, and then subjected to an overageing 

reatment at 180 ◦C for 2.5 h, at a heating rate of 60 ◦Cs −1 . Further-

ore, three additional isothermal ageing simulations have been in- 

estigated for AA7050 at 120 ◦C C, 180 ◦C , and 250 ◦C , respectively.

Figure 9 (a) and (b) depict the simulated solute distribution in 

he η-phase precipitates for AA7050 during the two-step ageing 

rocess. It can be seen that, in comparison to the ageing state af- 

er the first ageing step ( Fig. 9 (a)), both the Cu and Al concentra-

ions in the precipitates exhibited a significant increase, after only 

5 min at 180 ◦C ( Fig. 9 (b)), whilst a sharp reduction in Zn was

redicted. In addition, Fig. 9 (c) shows that, after 24 h ageing at 

20 ◦C , both Mg and Zn are distributed heterogeneously in the ma- 

rix, while in contrast, a more homogeneous distribution of Cu can 

e observed with a markedly narrower Cu depletion zone near the 

recipitates. However, when the alloy was subsequently subjected 

o ageing at 180 ◦C for 25 min, both Mg and Zn rapidly became ho-

ogeneously distributed in the matrix and no obvious solute de- 

letion zones can be found. In contrast, the distribution of Cu was 

till relatively heterogeneous, and the depletion zones have started 

o overlap. 

As shown in Fig. 10 (a), with increasing from 6 h to 24 h at

20 ◦C , the precipitate volume fraction was found to gradually in- 

rease from 5% to 8%. Over the same time-scale, only a 0.7 at.% Cu 

ncrease in precipitates was predicted, while the Zn content exhib- 

ted a relatively large reduction by almost 4 at.%. After 1 h age- 

ng at 180 ◦C , the precipitates continued to become richer in Cu 
11 
nd Al by 4 at.% and 2.5 at.%, respectively, compared to a signif- 

cant depletion in Zn. With respect to the evolution of the solute 

oncentrations in the matrix, shown in Fig. 10 (b), after increasing 

he ageing temperature to 180 ◦C the matrix Zn concentration re- 

ained nearly constant. This indicates that the available Zn solute 

n the matrix was completely consumed by η-phase growth in the 

rst ageing step, but then readjusted as the precipitates dissolved 

lightly on increasing the ageing temperature. In comparison to Zn, 

u exhibited a continuous reduction in the matrix during the sec- 

nd ageing stage. Overall, during the second step ageing, this pro- 

ounced enrichment of Cu in the precipitates was accompanied by 

 rapid depletion of Cu in the matrix, while the residual matrix Zn 

ontent remained stable. This reveals that the enrichment of Cu in 

he η-phase at high temperature arises from both the thermody- 

amic factor ( i.e. the higher supersaturation of Cu relative to Zn, 

hich is near equilibrium in the matrix), and the kinetic control 

 i.e. two orders of magnitude higher Cu diffusivity at 180 ◦C com- 

ared to 120 ◦C ). 

Figure 11 (a) further shows the influence of isothermal ageing 

emperatures on the equilibrium η-phase compositions in AA7050, 

ased on the CALPHAD calculations. When increasing from 120 ◦C 

o 250 ◦C , the calculated equilibrium Cu and Al concentration in 

he η-phase showed slight increases of 1 at.% and 2.5 at.%, respec- 

ively, compared to a moderate 3.5 at.% reduction in Zn. This sug- 

ests that, from the thermodynamic perspective, the ageing tem- 

erate (in the range of 250 ◦C ) plays a minor role in the deter-

ination of the equilibrium η-phase composition. In comparison 

ig. 11 (e–h) show the kinetic evolution of the η-phase composi- 

ions with ageing time at 120 ◦C , 180 ◦C , and 250 ◦C , predicted

y the phase-field model. The growth of η-phase precipitates was 

redicted to exhibit significantly different compositional pathways 

s a function of the ageing temperature, particular with regard to 

heir Cu content. At 250 ◦C , a relatively high Cu concentration of 11

t.% in the η-phase has already been achieved at the beginning of 

geing (6 min). In contrast, at 180 ◦C , the average Cu content was

redicted to increase progressively from approx. 7 at.% to 11.5 at.% 

ith increasing ageing times up to 2.5 h. Finally, at the lowest tem- 

erature of 120 ◦C , the average η-phase Cu content (which started 

t 7 at.%) was predicted to take up to 20 h before it started to in-

rease, while the corresponding Zn and Al concentration exhibited 

 moderate rate of depletion and enrichment than seen on ageing 

t higher temperatures. Figure 11 (b) and (d) show that the equilib- 

ium matrix Zn concentration was almost achieved after ageing for 

0 h at 120 ◦C , while Cu was still supersaturated even after 120 h

geing. 
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Fig. 9. Solute distributions in (a, b) the η-phase precipitates and in (c, d) the matrix during the two-step ageing simulation in AA7050: (a, c) after the first ageing step at 

120 ◦C for 24 h, (b, d) after only for 25 min of the second ageing step at 180 ◦C . 

Fig. 10. Evolution of the precipitate volume fraction and the average solute compositions of; (a) the η-phase precipitates and (b) the matrix in AA7050 during the two-step 

ageing simulation, involving 24 h ageing at 120 ◦C , followed by 2.5 h at 180 ◦C . The star symbols show the evolution of the Cu composition in the (a) η-phase and (b) matrix 

of the same model AA7050 alloy characterised by APT experiments [20,73] . 

12 
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Fig. 11. Effect of ageing temperatures on (a) the equilibrium η-phase compositions calculated by the CALPHAD method; and the temporal evolution of the average solute 

compositions in (b–d) the matrix, and (e–h) η-phase precipitates in AA7050, predicted by the phase-field model. 
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. Discussion 

Although a fine distribution of GP zones and η′ precipitates 

rimarily contributes to the superior strength of Al-Zn-Mg-Cu al- 

oys at the peak aged temper [3–12] , overageing with controlled 

eating rates and two or more isothermal stages is usually em- 

loyed to achieve the best balance of mechanical and electro- 

hemical properties [15–17,61–72,74] . It is well recognised that η- 

hase transformation dominates the precipitation process in the 

veraged state [10] . Furthermore, direct heterogeneous nucleation 

nd subsequent growth of the η-phase predominantly occurs along 

rain boundaries during quenching and early stage ageing [21] , 

here their corrosion behaviour is very important in this alloy 

eries. Therefore, in addition to the sizes and spatial distribution 

f the η-phase precipitates, it is highly desirable to be able to 

redict the chemical composition of the precipitates to optimize 

he required in-service performance of 7xxx alloys. The phase-field 

odel developed has thus been designed so that it can more ac- 

urately represent the solute solution phase and η-phase as sub- 

titutional and two-sublattice structures, respectively. Moreover, it 

as been demonstrated that the required chemical free energies 

nd solute activation energies can be directly incorporated from 

ell-established CALPHAD thermodynamic and kinetic databases. 

herefore, this representation has the key advantage that it makes 

t possible to simulate the η-phase precipitation process in differ- 

nt 7xxx alloys at various ageing temperatures; and thereby pro- 

ide quantitative insight into understanding the complex composi- 

ional pathways for the formation of the η-phase. 

.1. Comparison and assessment of the simulations and experimental 

esults 

The composition of the nanoscale η-phase is typically challeng- 

ng to characterise using either conventional electron microscopy, 

wing to the relatively large electron-interaction volumes overlap- 

ing with the Al matrix [21] , or APT techniques, due to the poor

ampling statistics [3,16,17,20,73,75,76] . Furthermore, the η-phase 

recipitates are not necessarily at equilibrium, and their composi- 

ion evolves during artificial ageing treatments, depending on both 

he alloy composition and thermal path [16,17,20,21,73] , as has 

een demonstrated in Figs. 8, 10 and 11 . Although a large scatter 

f the η-phase composition measured by different characterisation 

echnologies (as summarised in Table S1 in the supplementary ma- 

erial) has been reported [3,16,17,20,21,73,75,76] , the experimental 
13 
esults clearly show that Cu and Zn in the η-phase exhibit distinct 

nrichment and depletion, respectively, with increasing the ageing 

emperature. And Cu and Zn partitioning levels in the η-phase are 

onsistent with the relative global solute compositions of Cu and 

n in the alloy. While some simplifications have been introduced 

n the current model, e.g. non-incorporation of the prior metastable 

PZs and η′ transition phase, simplification of the interface energy 

nd misfit strain, the phase-field simulations were able to predict 

hese general trends, as shown in Sections 3.4, 3.5, 3.6. 

Given the deviations of the experimental measurements and 

he model simplifications, some qualitative comparisons have been 

erformed to assess and justify the current phase-field predic- 

ions. In Fig. 10 , the simulated evolution of the Cu concentration 

n both the η-phase precipitates and the matrix phase for AA7050 

as compared with the corresponding APT characterisations on 

he same model alloy [20,73] . It is worth noting that the Cu con- 

entration in the grain boundary η-phase precipitates instead of 

ulk precipitates from the APT experiments was used for compar- 

son, since η′ -phase precipitates were usually observed in the ma- 

rix at the low ageing temperature of 120 ◦C , which were not con- 

idered in the current simulations. As shown in Fig. 10 (a), an ap- 

roximately constant η-phase Cu concentration can be observed in 

oth the simulations (around 7 at.%) and experiments (around 4 

t.%) throughout the first 24 h ageing stage at 120 ◦C . After the

ubsequent 20 min ageing at 180 ◦C , a sharp increase of the η- 

hase Cu concentration has been revealed by both the simulations 

from approx. 7 at.% to 10 at.%) and experiments (from approx. 4 

t.% to 7 at.%). After long time overaging at 180 ◦C , the predicted

-phase Cu concentration (approx. 11.5 at.% after 2.5 h) was found 

o be close to the experimental measurement (approx. 12.6 at.% af- 

er 6 h). With respect to the matrix Cu composition evolution, both 

imulations and experiments exhibited a similar characteristic, i.e. 

 slight matrix Cu depletion was observed within the first ageing 

tep, which was followed by a sharp decrease when increasing the 

geing temperature to 180 ◦C . 

The phase-field predicted compositional evolution of the η- 

hase and the matrix phase in different alloys (AA7050, AA7010, 

A7085) was also compared with the results from the combined 

PT and anomalous X-ray small-angle scattering (ASAXS) exper- 

ments on AA7150, AA7449, and PA alloys [16,17] , as shown in 

ig. 8 . AA7085 and PA alloys are modern generation higher Zn con- 

ent 7xxx alloys in the simulations and experiments, respectively, 

hile AA7050 and AA7150 alloys represent the lower Zn content 

aterials. The experimental characterisation [16,17] indicated that 
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9

i

he precipitate Cu concentration was relatively low (approx. 2 at.%) 

fter ageing of 22 h at 120 ◦C and was alloy independent. When 

ncreasing the ageing temperature to 150 ◦C , a significant Cu en- 

ichment in precipitates was observed for all the three alloys, i.e. 

rom approx. 2 at.% to 10 at.%, 7 at.%, and 5 at.%, respectively. And 

he precipitate Cu concentration strongly depended on the alloy Cu 

ontent. Again, as shown in Figs. 8 (a) and 10 (a), the general trend

f the alloy composition and ageing temperature dependent Cu 

oncentration in the η-phase predicted by the phase-field model 

grees well with the experimental characterisations. In addition to 

he precipitate compositions, the residual matrix composition of 

he three alloys measured by the APT characterisations [16,17] was 

lso compared with the phase-field predictions ( Fig. 8 (b)). Since 

he ageing temperatures performed by the experiments and sim- 

lations were different, the experimental ageing process of 22 h 

t 120 ◦C and 8h at 150 ◦C was chosen to qualitatively compare 

ith that of 0.4 h at 180 ◦C in the simulations. For these two pro-

esses, the overall residual matrix composition was on the similar 

agnitude (around 2.5 at.%). As compared in Fig. 8 (b), both simula- 

ions and experiments show that although the total residual matrix 

omposition and the residual Cu content were approximately alloy 

ndependent, the highest residual Zn concentration was found in 

he AA7085 and PA alloys, corresponding to the global alloy com- 

ositions. 

.2. Compositional pathways for the formation of the η-phase 

The simulated compositional evolution of the η-phase in all the 

hree alloys (AA7050, AA7010, AA7085) at 180 ◦C was characterised 

y the more gradual enrichment of both Cu and Al in the η-phase 

uring the ageing process, accompanied by progressive Zn deple- 

ion. The same trends were also seen at all simulated ageing tem- 

eratures, however the relative rates of diffusion meant that equi- 

ibrium would be hardly achieved within a commercial heat treat- 

ent at low temperatures ( e.g. 120 ◦C ), and the compositions ap- 

roached equilibrium much more quickly at higher temperatures. 

he simultaneous enrichment of Cu and Al elements in the η- 

hase can be partly attributed to the opposite effects of Al and 

u substitution on the lattice parameter of the η-phase [77] , and 

he thermodynamic stabilization of the crystal structure [59] . 

Owing to the intrinsic two-sublattice characteristic of the η- 

hase (C14 Laves phase) and the distinctly different diffusivities of 

olute species, the compositional pathway for formation of the η- 

hase is also expected to be significantly influenced by the multi- 

omponent diffusion kinetics. For example, based on the CALPHAD 

inetic database [58] , the self-diffusion mobilities for Zn is almost 

0 times higher than for Cu in the AA7050 alloy at 180 ◦C. More-

ver, the cross-mobilities for Cu ( L FCC 
CuMg 

and L FCC 
CuZn 

) are approxi- 

ately of the same order of magnitude compared to their self- 

obility ( L FCC 
CuCu 

). The large negative cross-mobilities of Cu imply 

hat Cu transport is also substantially affected by uphill diffusion 

long gradients in the Mg and Zn composition. The influx of Mg 

nd Zn solutes from the far-field matrix into the solute depletion 

ones near the growing precipitates would thus lead to an outflux 

f Cu to the neighbouring matrix. Therefore, the slower diffusivity 

f Cu and its outflux transport arising from the more rapid Zn and 

g influxes results first in the considerable enrichment of Zn in 

he η-phase at the beginning of ageing, and the subsequent incor- 

oration of Cu, which occurs predominately only after the avail- 

ble Zn solute in the matrix has been completely consumed. For 

xample, as shown in Fig. 5 , after only 0.5 h ageing at 180 ◦C ,

he residual Zn in the matrix has been depleted to a stable level, 

hile the Cu in the matrix was still highly supersaturated. When 

ncreasing the ageing time from 0.5 h to 1.5 h, continuous Cu en- 

ichment in the η-phase and corresponding Cu depletion in the 

atrix can be observed, whereas the Zn concentration in the ma- 
14 
rix remained stable. In addition, an almost linear η-phase growth 

inetic relation has been predicted during the early ageing stage, 

ntil the residual Zn in the matrix reduced to a stable level af- 

er 0.5 h at 180 ◦C , after which the η-phase growth rate exhibited 

 more gradual decrease. Comparison between the predicted ma- 

rix solute composition evolution and η-phase growth kinetics, im- 

lies that Zn exhaustion mainly controlled the precipitate growth 

rocess in the early stage of ageing, leading to initial fast η-phase 

rowth kinetics, enrichment of Zn in the η-phase, and an excess 

n residual Cu in the matrix. However, when the available matrix 

n atoms have been completely consumed, the diminished η-phase 

ormation driving force was then be primarily contributed by the 

upersaturated Cu solute in the matrix; i.e. the later stage of η- 

hase growth was dominated by the relatively slower diffusion of 

u atoms into the precipitates, which is accompanied by Cu and Al 

nrichment displacing the Zn. The simulation has thus confirmed 

hat the gradual substitution of Cu for Zn sites in the η-phase dur- 

ng ageing is essentially the kinetically controlled process in the 

ater stage of ageing, due to the slower diffusivity of Cu compared 

o Zn in the Al matrix [13,16,17,21] . 

.3. Alloy composition and ageing temperature: coupled 

hermodynamic and kinetic analysis 

Understanding the role of alloy composition on the thermody- 

amics and kinetics of the formation of the η-phase is important 

or tuning the composition of precipitates, since both the chem- 

cal free energy and solute mobility activation energy are com- 

osition dependent. As calculated from the CALPHAD thermody- 

amic and kinetic databases [57,58] , the ratio of self-mobilities of 

u, Mg, and Zn species in AA7050 to those in AA7085 at 180 ◦C is

 

7050 
CuCu 

/L 7085 
CuCu 

≈ 2.2, L 7050 
MgMg 

/L 7085 
MgMg 

≈ 1.7, and L 7050 
ZnZn 

/L 7085 
ZnZn 

≈ 0.9, respec- 

ively. This suggests that although the diffusivities of the solute el- 

ments are composition dependent, they are still of a similar order 

f magnitude in the different 7xxx alloys. Moreover, the simulated 

ompositional evolution of the η-phase and matrix in the different 

lloys during ageing exhibited a similar trend, though with a large 

hift between them. This implies that alloy composition plays only 

 minor role in the kinetics of the η-phase formation. 

The distinctly different solute partitioning behaviour in the η- 

hase precipitates and the matrix at 180 ◦C in the 7xxx alloys 

tudied, both during the formation process and at the equilib- 

ium state, can thus be largely attributed to the influence of al- 

oy composition on the thermodynamics of the formation of the 

-phase. There is long standing concern regarding the effect of 

igh Zn and low Cu content on the SCC performance of 7xxx al- 

oys [2,15,19,74] . For instance, Holroyd and Scamans [74] have pro- 

osed empirical guidelines for optimizing SCC resistance in saline 

nvironments that includes suggesting alloy compositions should 

ot exceed 8 wt.% Zn and remark that overageing becomes less 

ffective as the Zn level is increased. Additionally, it has been 

emonstrated that new generation higher Zn content thick plate 

lloys like AA7085 have a significantly higher susceptibility to en- 

ironmentally assisted cracking, compared to the more established 

A7050 alloy, in overaged tempers [15] . It is well known that the 

ncorporation of Cu in the η-phase can reduce the electrochemical 

ifference between the matrix and precipitates, and hence effec- 

ively minimise its extent of anodic dissolution [18,19] . Higher Zn 

evel in the matrix is thus expected to impact the electrochemi- 

al performance of 7xxx alloys through affecting the Cu content in 

he η-phase. Among the three alloys studied in the present work 

AA7050, AA7010, and AA7085), the Cu content of the η-phase 

as predicted to be the highest for AA7050 which has the high- 

st nominal Cu content, and lowest for AA7085, being 13 at.% and 

 at.% at 180 ◦C , respectively. The matrix residual Cu content was 

nstead predicted to be the highest for AA7085, despite it con- 
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ained the lowest Cu content in the η-phase. Moreover, the matrix 

esidual Zn content in AA7085 was almost 4 times higher than in 

A7050. If the equilibrium matrix Zn content in AA7085 is arti- 

cially decreased from 1.1 at.% to 0.3 at.%, the chemical potential 

f Zn exhibits a considerable drop by 20%, from -24387 J mol 
−1 

to 

29039 J mol 
−1 

, while the related chemical potential of Cu is nearly 

naffected. Therefore, the high nominal Zn content in AA7085 has 

ignificantly enhanced the chemical potential of Zn, but with a mi- 

or influence on the counterpart of Cu, which essentially resulted 

n the higher Zn content in the η-phase, if the diffusion kinetics al- 

ow equilibrium to be achieved. As a result, the empirical fact that 

he benefits of overageing for avoiding SCC become less effective 

s the Zn level is increased can be partly ascribed to the gradual 

owing of the Cu content in the η-phase with increasing nominal 

n content. 

It is widely acknowledged that overageing with controlled heat- 

ng rates and two or more isothermal stages can improve the SCC 

esistance of 7xxx alloys, mainly through enhancing the Cu con- 

ent found in the η-phase after heat treatments at higher tempera- 

ures [15,74,78] . However, when increasing the ageing temperature 

n the range of commercial heat treatments, from 120 ◦C to 180 ◦C ,

he equilibrium Cu concentrations of the η-phase in both AA7050 

nd AA7085 are predicted to be only slightly increased (around 1 

t.%), based on CALPHAD thermodynamic calculations. The above 

quilibrium calculations thus reveal that higher ageing tempera- 

ures during the overageing stage ( e.g. at 180 ◦C ) play only a minor

ole in the thermodynamics of the formation of the η-phase, from 

he perspective of the η-phase equilibrium solute compositions. 

Since solute migration energies are an exponential function of 

emperature, increasing the ageing temperature is able to consid- 

rably enhance the solute diffusivity. For example, the diffusivities 

f all the solute elements (Cu, Mg, Zn) in AA7050 are enhanced by 

wo orders of magnitude when increasing the ageing temperature 

rom 120 °C to 180 ◦C . Ageing temperature is hence expected to 

lay a much more important role in the kinetics of the η-phase 

ormation, relative to its thermodynamic influence. The two-step 

geing simulation ( Fig. 10 ) indicates that the residual Cu matrix 

ontent was significantly supersaturated after the first ageing step 

t 120 ◦C for 24 h, while the Zn solute in the matrix has almost

een completely depleted over the same time-scale. Correspond- 

ngly, the η-phase Cu content after 24 h ageing at 120 ◦C was only

round 6 at.%, which is half of its equilibrium concentration of 12.5 

t.% at 120 ◦C . This reveals that, after the first ageing step, although

here is a large thermodynamic driving force for Cu atoms migrat- 

ng from the supersaturated matrix to the η-phase, the kinetics of 

u enrichment in the η-phase is considerably limited by the low 

u diffusivity at 120 ◦C . As discussed above, increasing the ageing 

emperature from 120 ◦C to 180 ◦C has only a very subtle influence 

n the equilibrium η-phase Cu content in AA7050. In contrast, the 

apid depletion and enrichment of Cu seen in the matrix and η- 

hase, respectively, after the second ageing step at 180 ◦C , has con- 

rmed that the enrichment of Cu in the η-phase during overageing 

s essentially related to enhanced Cu diffusivity at higher temper- 

tures. In addition, since the matrix Zn atoms have almost been 

ompletely depleted during the first ageing step, the matrix resid- 

al Zn content was only slightly affected by the second ageing step 

t 180 ◦C . Furthermore, both APT characterisation [20] and previ- 

us phase-field simulations [13] have revealed a pronounced Cu 

radient confined within the PFZ region near GBs after 24 h age- 

ng at 120 ◦C in a model AA7050 alloy; i.e. there was still a large

ifference in the Cu content in the matrix and within PFZ regions. 

he rapid depletion of Cu atoms in the matrix during the second 

geing stage at 180 ◦C , as predicted in the present work, can thus

ronouncedly minimize the Cu distribution difference (and conse- 

uently the electrochemical potential disparity) in the matrix and 

ithin PFZ regions. Therefore, the improvement of SCC resistance 
15 
fter overageing at high temperatures ( e.g. 180 ◦C ) can be gener- 

lly ascribed to both the enhanced Cu content in the η-phase and 

he homogenised Cu partitioning within the PFZ regions and the 

atrix. 

Although overageing for 7xxx alloys is usually employed at rel- 

tively higher temperatures [2,74,78] , e.g. ranging from 150 ◦C to 

80 ◦C , mainly to enhance Cu transport kinetics (as shown in 

ig. 11 ), it has been recently reported that prolonged ageing of 

50 h at 120 ◦C can also effectively reduce the corrosion propensity 

aused by the peak-ageing treatment (24 h at 120 ◦C ) in AA7050 

72] . This is again expected to be related to the more gradual Cu 

ncorporation in the η-phase during long artificial ageing at 120 ◦C . 

he present isothermal ageing simulation at 120 ◦C for AA7050 

 Fig. 11 ) has confirmed that notable Cu enrichment in the η-phase 

10 at.%) can indeed be successfully achieved after such long ageing 

imes of 130 h at 120 ◦C . This implies that the η-phase in AA7050

t 120 ◦C has a relatively high equilibrium Cu content ( e.g. 12.5 at.% 

rom the CALPHAD prediction), but Cu enrichment in the η-phase 

s essentially limited by the low Cu diffusivity. 

. Conclusions 

The present work has constructed a chemical-potential-based 

ALPHAD-informed phase-field model capable of describing a 

ulti-component and two-sublattice phase formation by directly 

ntegrating the compound energy formalism. This relied on semi- 

nalytically inverting the Gibbs free energy of the ordered phase, 

hich allowed reformulation of the transport equation in terms 

f the diffusion potential rather than the composition as the field 

ariable. Since the diffusion potentials are readily available in this 

ormulation, the site fractions in each sublattice can be obtained 

hrough a direct forward calculation, thus avoiding computation- 

lly intensive constrained energy minimization procedures. While 

he model is outlined for a two-sublattice phase in this work, the 

pproach is more general and can be easily extended to describe 

ther multi-sublattice phases. 

The developed model was employed to study the complex path- 

ays for compositional evolution during the growth of the η-phase 

n commercially important Al-Zn-Mg-Cu alloys during heat treat- 

ent. We have systematically investigated the influence of alloy 

omposition, solute diffusivity, and heat treatment parameters on 

he compositional evolution of the η-phase. Although simplifying 

ssumptions on the interface energy and misfit strain were used 

n this work, it builds on well established CALPHAD-based mean- 

eld precipitation models [79] by including long-range diffusional 

ffects and precipitate interactions. The results predicted that the 

ompositional evolution of the η-phase during the ageing process 

n all the three alloys (AA7050, AA7010, AA7085) studied were 

haracterised by the simultaneous enrichment of Cu and Al in the 

-phase, accompanied by the gradual depletion of Zn, which ther- 

odynamically favours the stabilization of the ordered Laves-C14 

tructure of the η-phase. Through comparing the η-phase growth 

inetics and the matrix residual solute evolution in AA7050, it was 

ound that Zn exhaustion mainly controlled the η-phase growth 

rocess during the early stage of ageing, resulting in fast η-phase 

rowth kinetics, enrichment of Zn in the η-phase, and an excess in 

he residual Cu solute in the matrix. The gradual enrichment of Cu 

n the η-phase subsequently occurred during the later ageing stage 

nd was in principle kinetically controlled, due to the slower diffu- 

ivity of Cu relative to Zn in the matrix. The thermodynamic calcu- 

ations revealed that the higher nominal Zn composition in AA7085 

elative to AA7050 could significantly enhance the chemical poten- 

ial of Zn, but had a minor influence on Cu, which essentially re- 

ulted in a higher Zn content (and consequently lower Cu) in the 

-phase. Two-step ageing simulation of AA7050 suggested that the 

atrix was almost completely depleted of Zn after the first ageing 
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tep for 24 h at 120 ◦C , whilst remaining highly supersaturated in 

u. Subsequent higher temperature ageing (at 180 ◦C ) thus signifi- 

antly enhanced the incorporation of Cu atoms from the supersat- 

rated matrix into the η-phase, while it had little influence on the 

atrix residual Zn content. 
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