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Abstract
Microstructure and grain boundary evolution in titanium thin films

Vivek Devulapalli

Titanium (Ti) is the fourth most abundant metal that is commercially used mainly
for its high specific strength and corrosion resistance. Similar to iron, the allotropic
transition in Ti is responsible for a wide variety of alloys that can be synthesized. Dif-
ferent heat treatments and alloying elements can vary the hexagonal close packed (hcp)
and body centered cubic (bcc) phase fractions along with the microstructure, which
can have dramatic influence on its properties. Similar to bulk phases, grain boundaries
(GBs) have been demonstrated in both metals and ceramics to constitute a ’phase’
whose existence is confined by the abutting grains. GB phases, sometimes termed as
’complexions,’ are poorly understood, especially in hcp materials. Much work has been
done in recent years to increase our understanding of GBs and interfaces. It is well
understood that all material properties depend not only on the bulk of the material
but also, and perhaps more importantly, on the interfaces. While the presence of GBs
can have an adverse effect on the corrosion properties or strength of the material, it has
been demonstrated that suitable alloying additions can mitigate the harm. To engi-
neer materials such that they contain only the innocuous GBs requires their complete
understanding. This involves our ability to investigate their atomic structure and the
role of chemistry in it. This thesis attempts to investigate the titanium GBs in depth,
taking into account the importance of both titanium and GBs. To achieve this, first the
thin film deposition techniques are established to obtain poly/-nanocrystalline, bicrys-
talline and single crystalline films. Next, the GBs in the thin films are characterized
at a macroscale. Lastly, the GBs of interest are investigated at atomic scale.

Firstly, we discus the thin films of Ti that were deposited using e-beam evapora-
tion on multiple single crystalline substrates like NaCl, silicon and sapphire. It was
observed that Ti grew as nanocrystalline films on Si and NaCl while epitaxial single
crystalline films were obtained on three differently orientated sapphire substrates. A
single crystalline Ti film on r-plane sapphire is reported for the first time. HRTEM
imaging was used to determine the orientation relationship (OR) between the film
and the substrate. Overall, the influence of changing deposition parameters on the
microstructure and texture of the films is established. The role of GBs in increased
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resistivity of the films is also shown by comparing the resistivity of a single crystalline
film to that of a nanocrystalline film.

Next, we discuss additional Ti thin films that were deposited on SrTiO3 substrate
using pulsed magnetron sputtering. Again, the role of deposition parameters like the
pulse duration and post-annealing duration on the film microstructure is explored.
Electron backscatter diffraction is used to analyse the film texture and microstructure
which revealed a large population of coincident site lattice (CSL) GBs. Increasing the
annealing time increased the Σ13 [0001] GB population. All of the observed GBs in the
8 h annealed film are identified as Σ13 with [0001] tilt axis. The film forms a meandering
microstructure with a strong (0001) texture and only two in-plane rotations. The two
orientation relationships are identified by examining the film cross-section in TEM.
The prime goal of depositing these films was to devise thin films with GBs that grew
perpendicular to the surface of the substrate. This is due to the limitations on the
types of GBs that are appropriate for atomic resolution investigation. The cross-
section analysis verified the presence of such GBs. In the TEM, the macroscopically
curved GBs are observed to be faceted into symmetric GB segments. Iron, which is a
common impurity element in Ti is seen to be segregated to every alternate GB facet.
Although it is observed that the density of CSL sites is lower on the GBs that have
Fe-segregation, we conclude that there isn’t sufficient evidence to reason the influence
of planar CSL density on Fe-segregation. This necessitates additional investigation at
higher spatial resolution. Finally, using atom probe tomography, the GB solute excess
is quantified.

To understand the anomalous Fe-segregation to Σ13 [0001] GBs, in the next chap-
ter, the GBs are investigated at the atomic scale. First, the ’clean’ symmetric 7̄520

GB is observed to be composed of several repeating structural units (SUs). A 2.8◦

deviation from the exact CSL results in some defects in the periodicity. Topological
characterisation of the GBs is carried out by constructing a circuit around the SUs
and mapping the burger circuit to a dichromatic pattern. This reveals the GB-SUs
to have a pure edge dislocation-like character. Next, Fe segregation to the same sym-
metric GBs is seen to result in a complete rearrangement of atomic columns to form
new cage-like SUs that are periodically arranged in a zig-zag manner with a uniform
spacing of 0.9 nm in the GB plane. The new SU is also observed to also have an edge-
dislocation-like defect character. Next, the asymmetric GBs are observed to be faceted
on a nano-scale into the two symmetric variants. Also in the nano-scale, every alternate
segment is observed to constitute the SUs with and without Fe. In another instance,
the asymmetric GB with Fe-segregation is observed to have a larger spacing between
the Fe-columns than the symmetric GB with Fe-segregation. Energy dispersive X-ray
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spectroscopy (EDS) is performed at 120 kV to obtain a near-atomically resolved EDS
map that confirms the presence of Fe in the column trapped inside of the Ti-cage.

Overall, this thesis discusses in detail the influence of various thin film deposition
parameters and substrates on the film microstructure. The GBs in the thin films
are characterized on the atomic-scale and the structural unit model is shown to be
applicable in an hcp metallic GBs for the first time. Beyond finding novel SUs, this
thesis reports the first observation of a segregation-induced GB phase transition.
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Chapter 1

Introduction

1.1 Introduction

Understanding the structure-property correlation is at the heart of material science.
The essence of material engineering is the manipulation of the chemistry, structure, and
spatial distribution of various microstructure components. Metals were paramount
to the advancement of human civilisation and decisive in the industrial revolution
during the last three centuries [1]. Undoubtedly, metals have been investigated at
greater depth with the progress in material characterization tools. The invention of
X-ray diffraction was earliest to reveal the crystal structure and lattice parameters of
crystalline materials [2]. Soon electron diffraction allowed similar investigation with
greater precision and higher spacial resolution. Investigation of failed materials under
the microscope revealed that cracks seem to propagate along specific regions called
grain boundaries (GBs). GBs are a 3-dimensional network of defects that form the
interface between differently orientated crystallites in polycrystalline metals and are
critical to many of the properties of the material [3]. From the failure of boilers in
power plants and submarines to the advancement of energy storage in batteries and the
prevention of spallation in nuclear power plants, GBs are known to play a critical role
everywhere. This necessitates that we have a thorough understanding of the structure
and chemistry of the GBs, just as we do of the grains’ interiors.

It was quickly realised that because GBs are grain interfaces, they are similar to sur-
faces. Therefore, the thermodynamics of surfaces that was known since Gibbs in 19th
century could be readily translated to the GBs. However, the nanometre length scales
involved provided an experimental verification problem, as did the limitless types of
GBs that may be produced even in a single-phase pure material. Analogous to all other
fields of science, the advent of high-resolution microscopy and computer simulations in
the latter half of the previous century, led to tremendous progress. Today’s engineering
challenges include the design of process parameters to obtain specific GBs, termed GB
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engineering (GBE) [4]. Foreign elements segregating to the GB can often lead to catas-
trophic failure, but in some cases can also strengthen the material. In recent years,
many experimental and theoretical studies have been used to reveal at the atomic level
the behaviour of GBs [5–8]. GBs are increasingly dealt with as a defect-phase and
not a 2-dimensional sheet having negligible width. Potential engineering benefits have
resulted in a surge in GB research. Here we identify a massive void that remains in our
understanding of GBs in hexagonal close packed (hcp) materials. Therefore, this thesis
aims to push the limits of our understanding of GBs in hcp metals with a particular
focus on Ti GBs.

1.2 Aim and outline of the thesis

Titanium and its alloys are commercially important structural materials. However,
because of the hcp structure of Ti, it has been relatively less studied than the cubic
elements that are more abundant in nature. In particular, when it comes to GBs,
most of the fundamental work was performed for cubic elements, and relatively lesser
literature is available on hcp metals.

The primary aim of this work was to study in detail the GB structures in Ti. Tra-
ditionally, GB structures have been studied using bicrystals that are custom made by
joining the desired planes of two single crystals. Due to the allotropic transition in
Ti, which results in loss of control in desired orientation during single crystal growth,
obtaining such bicrystals in Ti is extremely difficult. Therefore, to analyse the GBs, it
was necessary to establish a route for obtaining them. Following a review of the litera-
ture, thin film deposition was chosen as the preferred method. Thin film deposition has
many process parameters, and it is often necessary to grow numerous films to under-
stand the influence of a single deposition parameter. Therefore, the first challenge was
to provide a template for growing perfectly columnar grains such that their GBs are
aligned in a practical way for high-resolution microscopic investigations. It is known
to be tricky to reproduce thin films. Therefore, one of the main aims of the thesis
was to establish control of the deposition parameters and to understand the various
mechanisms that govern Ti thin film growth. The apparent next aim was to explain
the microstructure of the film, both in plan-view and cross-section, by underscoring
the importance of the thin film route to obtain GBs. The succeeding step was to re-
vert back to our fundamental objective of investigating the atomic structure of GBs in
depth using high-resolution scanning transmission electron microscopy (HRSTEM).

Another key objective of this thesis was to analyse the influence of impurities or
alloying elements in the atomic-level modification of the GB structure upon alloying.
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Ti is almost always used in all commercial applications in an alloyed form. Therefore,
it is of great interest to know the influence of alloying on the GB structure. Because Fe
is an abundant economic alloying element and because Ti-Fe alloys and intermetallics
are of keen commercial interest, the determination of the influence of Fe on the GB
atomic structure was targeted.

The following chapters of the thesis are divided as follows: The second chapter
provides necessary background for understanding the results and discussion section.
Initially, thin film deposition technology is briefly discussed with greater emphasis on
e-beam evaporation and pulsed magnetron sputtering. Then, phase transformations
in Ti and the role of commonly used alloying elements in phase stability are reviewed.
Next, the microstructure of Ti thin films and its dependence on the varying deposition
parameters are discussed. This is followed by a section of the description of various
GBs. Two sub-sections are written on the atomic structure analysis of the GBs in cubic
elements that have been explored more often in the literature, and hcp GBs that are
scarcely investigated, respectively. To wind-up the background chapter, a brief review
of the characterization techniques that are used in obtaining the results is provided.
The next chapter provides the experimental parameters used in thin film deposition
and their characterization. The results chapter is divided into three sections based on
the three manuscripts that were written as a result of this work. In the last chapter,
the findings are concluded and suggestions for some promising projects that the current
effort may lead to are discussed.
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Chapter 2

Background

2.1 Thin film deposition

Thin film is a term that has been loosely defined to refer to a thin layer of material
deposited onto a substrate. The thickness of the layer can vary anywhere between a few
atomic layers up to about 10 µm. There is no strict upper limit, although the properties
of thin films can vary with thickness. The science of thin films has hugely expanded
since its inception in the late 19th century [9]. In the present day, thin films are used for
a wide variety of applications like high-frequency amplifiers and high-power transistors
in the field of telecommunications, flat-panel displays, reflectors, and solar cells due
to their optical properties, interconnects, and ohmic contacts in microelectronics, anti-
abrasive coatings, barriers for diffusion, corrosion protective coatings, nanofiltration
membranes, and so on [10, 11]. Basically, better understanding of thin film technology
opens new ways for advancement in most fields of science. Although there are numerous
ways to deposit thin films, all the methods are broadly classified into physical vapor
deposition (PVD) and chemical vapor deposition (CVD). In PVD, the material to be
coated is evaporated using various means and guided to a substrate where it condenses
upon contact. In contrast, in CVD, a chemical reaction occurs between a carrier gas and
a precursor and the reaction product deposits on to the substrate surface. CVD is used
industrially for high-throughput applications, such as in the semiconductor industry or
the deposition of refractory materials on turbine blades. One of the major differences
between PVD and CVD is that PVD is a line of sight process, which means that the
deposition takes place from a specific direction whereas in CVD the reaction products
can reach the substrate from any direction. Because of the directionality, relatively
complex-shaped substrates can be employed in CVD, which are not feasible via PVD.
In the present work, all films were deposited using three different PVD methods which
are briefly described below.
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Figure 2.1 Schematic of an e-beam evaporation setup used to deposit thin films. Redrawn
in modified form from [18].

2.1.1 e-beam evaporation

Electron-beam (e-beam) evaporation is a PVD process in which the target material
that is intended to be deposited is typically placed in a copper cooled crucible and
evaporated using a high energy e-beam inside a vacuum chamber [12, 13]. The e-beam
is usually generated using a thermionic source and is accelerated towards the target
material. As shown in Fig. 2.1, the e-beam source has to be placed behind the target
to maintain a better vacuum near it. A magnetic field is applied to direct the beam
towards the targeted crucible. Upon collision of the electrons with the target material,
the kinetic energy of the e-beam is converted to thermal energy, and a local melt pool
forms. This leads to evaporation of the target material, which then condenses on to the
substrate, forming a thin film. The substrate holder is usually rotated at 10-20 rpm to
obtain uniform thickness of the film. The desired mean free path for the evaporated
species of few tens of centimeters (which is the typical target to substrate distance) is
obtained with a vacuum of ∼10−7 mbar or lower [14]. Several reviews have detailed
the history, development and utility of e-beam evaporation techniques [15–17].
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Table 2.1 Sputtering yield of Ti, Cu and Au for ions having 500 eV. [23]

Ions Ti (48) Cu (64) Au (197)
He+ (4 amu) 0.07 0.24 0.07
Ne (20 amu) 0.43 1.80 1.08
Ar+ (40 amu) 0.51 2.35 2.40
Kr+ (84 amu) 0.48 2.35 3.06
Xe+ (131 amu) 0.43 2.05 3.01

2.1.2 Direct current magnetron sputtering

Direct current magnetron sputtering (dcMS) is a versatile sputtering method used ex-
tensively in the semiconductor industry [10, 18, 19]. In this process, a high voltage is
applied across two electrodes, the target and the substrate, in the presence of a non-
reactive gas at low pressure. The gas under high potential and low pressure generates
a plasma that is a mixture of electrons and gas ions in a high-energy state. Usually,
argon (Ar) is employed to generate the plasma. The target is the negative electrode
which gets continuously bombarded with the positively charged ions (Ar+) present in
the plasma. When the high-energy ions hit the target, they eject ions from the target
material with energy that is sufficient to travel from the target to the substrate [20].
The ratio of sputtered atoms to the incident ions is called sputter yield. It depends on
the atomic mass, momentum, angle of incidence of the carrier gas, and surface binding
energy. The soft metals like Ag, Au, and Cu have a larger sputter yield than harder
transition metals like Fe and Ti due to the filled d-orbitals [21]. The sputter yields of
Ti, Cu and Au for all the noble gases is enlisted in Table 2.1. It can be seen that Ar
leads to high sputter yield due to its higher atomic mass than He and Ne. However,
when using Kr and Xe, which have a higher atomic mass, the implantation of ions
in the target increases due to their higher momentum and the sputter yield plateaus/
reduces [22]. Ar is also less expensive than the heavier noble gases, hence it is the most
commonly used process gas.

The bombardment of the target with Ar+ also generates secondary electrons (SE).
The SE are attracted towards the anode and on their way collide with Ar atoms to
form new Ar+ ions. Ar+ ions are again attracted towards the cathode. This cascading
effect leads to a stable plasma, given that the pressure of the gas is adjusted so that
the electron collides with another gas atom before hitting the anode [24]. However,
if the pressure is maintained too high, the electrons may not attain enough velocity/
momentum to cause ionisation when the collision occurs.

In dcMS, a magnetic field is obtained by using permanent or electromagnets behind
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Figure 2.2 Schematic of a direct current sputtering setup used to deposit thin films. The
plasma of Ar+ ions and e− is confined in front of the target due to the magnetic field around
the cathode. Redrawn from [25].

the target. This brings according to the Lorentz force the electrons on a spiral path and
prevents the SE from flying away and increases the ionisation of the plasma. Because
of the increased ion availability, dcMS can be performed at a gas pressure much lower
than that of a DC diode sputtering. This leads to higher deposition rates [25].

There are several other deposition parameters that can influence the deposition
process. The voltage applied between the electrodes determines the acceleration of
ions toward the target and thus the current originating from the target ions, called
target-ion current (Is). A substrate bias of several hundred volts can be applied to
influence the Is that can largely change the thin film microstructure, porosity, and
texture [10]. The dcMS consists of two electrodes that are kept under certain potential
difference throughout the deposition process. This necessitates that the target used
in dcMS must be conductive to avoid charge accumulation. If there is charge build
up on the surface of the target, the incoming ions are deflected away. Therefore, to
deposit films of insulating materials or to perform chemical reactions before/during
film deposition, numerous modifications have been made to the setup seen in Fig. 2.2.
One such modification is to pulse the sputter target that is discussed in the next section.

The target ions condense onto the substrate upon contact and form a thin film,
just as in other physical vapour deposition methods. However, the complete formation
of the film is a multistep process. In some cases, the incoming ions can condense and
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re-evaporate from the substrate. At other times, they can migrate to the substrate
surface and meet other groups of atoms that are condensed as well. The critical size of
such groups of atoms is called a nucleus. The addition of more atoms, called adatoms,
leads to the growth of the island. When several islands meet each other, the process
is called coalescence [20]. The rate of migration of adatoms on the substrate surface
depends on factors such as the wetting angle between the adatoms and the substrate,
the substrate temperature and the substrate surface. At higher substrate temperature,
the diffusion of adatoms is eased, often leading to larger grains or epitaxial films. When
high energetic ions are bombarded on the growing film, the physical properties of the
film can be altered. Metastable phases can form due to higher energy [26]. The high
energy ions can also move the deposited atoms into the substrate, thereby improving
the adhesion of the film [13]. As can be seen, all of the process parameters are linked,
making PVD a very adaptable technology with a wide range of film microstructure
possibilities on the one hand, but also making precise control of these numerous process
parameters in an industrial scale a major challenge.

2.1.3 Pulsed magnetron sputtering

In dcMS, the introduction of a magnetic field near the cathode increases the plasma
density and the sputter yield [20]. But the density of plasma near the substrate surface
is rather low for high-throughput industrial requirements. In addition, increasing the
power density to deposit low-conducting materials can lead to arcing. In the case of
reactive sputtering, for example, to deposit TiN or TiO2, the Ti metal target is used
and a certain partial pressure of oxygen or nitrogen is maintained near the substrate
for the reaction between the adatoms and the gas to occur. However, this can also
lead to the formation of an insulating layer over the target surface and result in arcing
due to charge build-up [27]. RF sputtering (radio frequency, usually 13.56 MHz) can
produce similar high-quality films, but the deposition rate of few µm/h which is too
low for commercial utility [28].

To overcome these challenges, in the 1980s, unipolar pulsing of the magnetron power
source was introduced [29]. In this technique, in a cyclic manner, the power supply
operates at a low or near-zero power for a certain duration and is shot to high power
for the remainder of the cycle. The manner in which these pulses are applied influences
the sputtering behaviour [25]. In asymmetric bipolar magnetron sputtering the target
voltage is alternated between negative and positive potential. The positive potential is
often only a small fraction (10 to 20%) of the negative potential. And the width of the



10 Chapter 2. Background

positive pulse is much shorter, approximately 10% of the width of the negative pulse.
Therefore, the target stays in the sputtering mode for most of the pulse duration. Dur-
ing the short reversal of the target, the electrons from the plasma get attracted to the
target to first neutralize and then negatively charge it. When the cycle reverses and
the ions from the plasma are attracted to the cathode, the ions are accelerated more
strongly than in dcMS. This increases the sputter yield while also preventing charge
build-up and arcing. Based on the ratio of the positive and negative potential, the
pulsing is termed as symmetric or asymmetric [27].

The ratio of ’pulse-on-time’ to the total duration of a pulse is expressed as duty
cycle.

Duty cycle =
tON

tON + tOFF

. (2.1)

The pulse-on-time can range from a few microseconds to a few milliseconds or
longer. Due to the large variation in the plasma properties based on the duty cycle,
pulsed magnetron sputtering is classified into several categories as seen in Fig. 2.3 [25].
High-power unipolar pulse with a power-density higher than 0.5 kW cm−2 is called
high power pulsed magnetron sputtering (HPPMS). To achieve a high power density,
the duty cycle is shortened to about 1–3% while maintaining the same time averaged
power at the cathode target. The high electron density in the discharge also leads to
high ionisation of the sputtered species. As seen in Fig. 2.3, the peak power loading in
dcMS is of the order of few tens of W cm−2 where as the power loading during pulsing
can be as high as 10 kW cm−2.

The energy of the sputtered positive ions can be controlled by biasing the substrate
[31]. Therefore, the applied bias voltage is another parameter that can influence the
thin film microstructure. Their energy influences the desorption of physically absorbed
adatoms and promotes surface migration. The increased surface migration is necessary
to fill the surface steps and to avoid micro-cracks. The main properties that determine
the film microstructure are the ratio of the fluxes of incoming ions to the deposited
ions, the energy of the incoming ions and the homologous temperature [32]. The rate
of deposition in dcMS is proportional to the power applied to the target. However,
in HPPMS the back-attraction of the sputtered ions increases as a result of increased
ionisation. Therefore, for the same power input, the deposition rate in HPPMS is lower
than dcMS [30].
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Figure 2.3 Overview of the classification of dcMS and pulsed magnetron sputtering based
on the duty cycle and the peak power density. Adapted from [30].

2.2 Titanium and its alloys

2.2.1 Introduction and phase transitions

Titanium (Ti) was discovered by W. Gregor in the UK in 1791 and was named after the
Titans, the Greek mythological pre-Olympic gods [33]. Since then, our understanding
of Ti has come a long way, making it one of the most prominent metals of commercial
importance. As of 2020, the world production of Ti sponge metal is estimated to be
341,000 tons and TiO2 pigment production of 8 million tons [34]. Therefore, more than
95% of current-day Ti consumption is in the form of TiO2. Due to its high refractive
index, TiO2 has wide commercial utility in the production of paints, paper, toothpastes,
and sunscreen creams. However, metallic Ti is also an important structural material
due to its high strength-to-weight ratio and high corrosion resistance [35, 36]. Ti is used
most widely in the aerospace industry. Its high production cost has confined its usage
to higher-priced applications, despite the fact that it has the same strength as steel
and weighs half as much. It is commonly used for steam turbine blades, condenser
tubes for fuel plants, and biomedical devices. Most oxidising acids do not have an
effect on Ti. Therefore, it is used extensively for handling salt and acid solutions. Ti
is most widely used in the form of Ti-6Al-4V (Ti-64) alloy in the aerospace industry
[37]. Ti-64 is expensive due to the high cost of vanadium. There is an increasing
interest to develop Ti alloys having lean and economic alloying additions. This has led
to increased interest in the understanding of pure and micro-alloyed Ti.

Pure Ti can exist in two crystal structures, hcp (α) and body-centered cubic (bcc)
(β), based on the temperature [38]. α-Ti is the room-temperature allotrope of Ti
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Figure 2.4 Ball and stick models of hcp and bcc Ti unit cells with highlighted basal plane
and the lattice parameters.

that transforms to β-Ti when heated to about 882◦C. It has lattice parameters of c
= 0.468 nm, a = 0.295 nm, leading to a c/a ratio of 1.586 that is slightly less than
the ideal hcp c/a ratio of 1.633 [39]. As seen in Fig. 2.4, an hcp Ti crystal is made by
adding a two-atom motif to the hexagonal primitive lattice. The two atoms are located
at (0 0 0) and (1/3 2/3 1/2) positions [40].

Due to its hcp crystal structure, α-Ti has low cold-formability. A close packed plane
of {0002} and a close packed direction of ⟨112̄0⟩ leads to only 4 independent slip systems
which according to Von-Mises criterion are insufficient for plastic deformation [35].
However, due to the possibility of mechanical twinning, a moderate ductility can still
be obtained in α-Ti. Like most polycrystalline materials, grain size strongly determines
the mechanical properties of pure α-Ti. Additional heat treatments and cold working
are effective in further tuning the properties. For example, water quenching an equiaxed
large grain microstructure after 1 h of annealing at 1000◦C produces small grains
with serrated GBs. This doubles the yield strength while maintaining the ductility
and toughness [41]. Therefore, heat-treatments and material processing methods can
largely modify the microstructure and determine the final material properties.

Additionally, the formation of β-Ti, due to the allotropic transition, can be used
to generate several other alloys. The bcc lattice has a lattice parameter of 0.332 nm
[42]. Because of its more open structure, the self diffusivity of Ti is 310 times higher
in bcc than in hcp Ti [43]. As a result, α-Ti exhibits better creep resistance than
β-Ti. However, bcc Ti offers higher short-term strength and better fabricability [41].
Implants inside the human body are one of the most significant uses of β-Ti. In order
to avoid attrition of bone to which the implant is attached to, and to distribute the
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load on bone and implant uniformly, it is necessary that the elastic modulus of the
bone and implant are nearly the same. While human bones roughly have stiffness of
20 GPa, α- and β-Ti have a modulus of 100 GPa and 65 GPa, respectively, making
β-Ti highly desirable as an implant material [44]. Aerospace industry also extensively
uses β-Ti alloys, like Ti-13V-11Cr-3Al, which was the first commercially used β-Ti
alloy [45]. Many alloying elements can be added to Ti to stabilise either of the phases
and obtain a desired phase fraction. Similar to steel, the allotropic phase transition in
Ti leads to a a myriad of achievable properties.

2.2.2 Alloying and segregation behaviour in titanium

Ti is one of the metals that is difficult to extract, mainly due to its high melting
point (1668◦C), high chemical reactivity and high thermodynamic stability of the ores
(oxides). TiO2 which is converted to TiCl4 is reduced by magnesium in a closed reactor
under an inert gas atmosphere in the Kroll’s process [46]. The reduction of titanium
chloride can be written as follows:

2Mg(l) + TiCl4(g, l) −→ 2MgCl2(l) + Ti(s) (2.2)

The exothermic reduction process generates enough heat to keep the magnesium chlo-
ride molten. But, TiCl4 and Mg have very low solubility in MgCl2. As a result, it is
generally assumed that metallic Ti is formed during the reduction process by direct
contact of TiCl4 with metallic Mg. Some of the titanium tetrachloride gets partially re-
duced resulting in formation of titanium dichloride [45]. The spontaneous reduction of
titanium dichloride is an exothermic reaction. The reaction can be written as follows:

2TiCl2 −→ TiCl4 + Ti (2.3)

When this exothermic reaction occurs inside a steel reaction container, the molten ti-
tanium metal tends to react with iron. This is a major source of iron impurity that
is commonly present in titanium [46]. Because of the very high reactivity of Ti, the
sponge Ti metal often has a large number of impurities.

All of the major impurities and alloying additions to Ti can be classified as either hcp
or bcc phase stabilisers [40]. If an element delays the α-β transition, it is an α stabiliser,
while the elements that hasten the transition are β stabilisers. The most common α

stabilisers are aluminium (Al), oxygen (O), nitrogen (N), and carbon (C). Of these, O
and N are particularly notorious as they are present in abundance in the air and often
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gets dissolved in the metal during the process of melting and ingot formation. The most
common β forming elements are iron (Fe), chromium (Cr), niobium (Nb), molybdenum
(Mo), tantalum (Ta), vanadium (V), and tungsten (W) [45]. Some elements do not
influence the transition temperature and are categorised as neutral elements. The
commonly alloyed neutral elements are Zr, Sn and Si. A comprehensive list of all
commercially available titanium alloys can be found in [41].

Iron in Ti

Iron (Fe) is one of the most common impurities observed in Ti [47]. The addition of Fe
can result in its segregation at GBs, β-phase formation, or precipitation of intermetallic
compounds [48, 49]. The ratio of α and β phase usually depends on other alloying
additions.

In the case of α-Ti, as indicated in Fig. 2.5, the maximum solubility of Fe is less
than 0.05 at.% [50, 51]. Consequently, Fe either forms secondary phases or segregates
at the GBs. Although extensive studies have been performed on GB segregation in
many fcc and bcc metals and alloys, limited reports have discussed GB segregation of
Fe in Ti or other hcp metals. Recently, density functional theory (DFT) calculations
also confirmed the presence of a high driving force for Fe to segregate at α-Ti GBs
[47]. However, it is unclear how Fe pins the GBs and whether or not secondary phases
contribute to this.

The β-phase in Ti alloys improves its corrosion resistance, fracture toughness and
yield strength but reduces the ductility [52]. Therefore, Fe has attracted plentiful
attention for being the most cost-effective β stabilizing alloying element [53–55]. One
of the major usage of β Ti on a commercial scale was on the landing gear forgings of
Boeing 777 aircraft. For this application, Ti-10V-2Fe-3Al (Ti-10-3-2) alloy was initially
used [56]. Formation of fine-scale α Ti precipitates (20–200 nm) results in a large α–β
interface that acts as dislocation barriers and improves the strength [57]. However, due
to superior strength and a wider processing window, Ti-5Al-5Mo-5V-3Cr (Ti-5-5-5-3)
replaced Ti-10-3-2 as the recommended β Ti alloy in the recent years [58]. When Fe-rich
β Ti is cooled down from at higher temperatures to below eutectic temperatures, based
on the rate of cooling, we obtain a mixture of Ti-Fe intermetallics and super-saturated
β Ti. While β Ti improves the corrosion resistance, fracture toughness and yield
strength, excess of β-flakes at the GBs can be deleterious to the material properties
[59]. Therefore, the right mixture and microstructure of the two phases have been
utilized to obtain a combination of high strength and high hardness [60]. The role
of alloying elements, especially Fe, in the nucleation and growth of β-Ti is of a great
commercial interest. In β-Ti, Fe and Cr have been shown to segregate at the GBs and
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act as grain refiners when cooling [61]. The segregation of Fe at Ti GBs has repeatedly
been suggested to be responsible for pinning the GBs, leading to remarkably stable
nanocrystalline Ti [47, 62].

The Ti-Fe system forms two intermetallics, TiFe which has an ordered B2 structure
(Space group: Pm3̄m) and TiFe2 which is a laves phase with C14 structure (MgZn2

type) [63]. Fe segregation at GBs in Ti alloys can lead to the formation of both
of these intermetallic compounds [64]. The lattice parameter of TiFe, which varies
continuously in the composition range of 47 to 51 at. %, is comparable to that of
the FeAl intermetallic system [65]. The amount of ordering can vary based on the
rate of cooling or rate of phase transition. TiFe is interesting for hydrogen storage
due to its strong affinity for hydride formation [66]. However, the hydrogen activation
process of TiFe is hindered by the formation of titanium oxide layer. Both high-pressure
and high temperature are required to achieve a reproducible absorption/desorption of
the maximum amount of hydrogen in the compound that is nearly 1.90 wt. % [67].
Amorphous TiFe achieved by mechanical alloying (ball-milling) has been shown to
absorb higher H-content than crystalline TiFe [68]. As expected for intermetallics,
TiFe is highly brittle and has limited use as structural material. However, several
alloying additions have proven to dramatically improve the mechanical properties of
TiFe with high compressive strength higher than 2.5 GPa and ductility of about 10%
have been shown [69]. Some of these alloying additions include, TiFe(Sn), TiFe(Co),
and TiFe(B).

The C14 structure of the Laves phase TiFe2 can be visualized as a closed packed
structure of Ti atoms in which half of the tetrahedral sites are occupied by Ti and the
other half by tetrahedrons of Fe atoms [63]. Ferromagnetic clusters of Fe inside of the
antiferromagnetic matrix have been observed in TiFe2 [70]. Similarly, the magnetic
behaviour of the laves phase has also been studied using first principles [71].

Ti-Fe alloys have also been extensively used to fabricate near-net shape parts using
the blended elemental powder metallurgy (BEPM) route to achieve cost reduction [73,
74]. Attempts to partially or completely replace V or other expensive β-stabilizers with
Fe have been successfully undertaken [75, 76]. The addition of Fe in the powder blend
enhances the sinterability of Ti alloys because of its high diffusivity [52, 77].

Additionally, two metastable phases, α′-Ti (hcp), and ω-Ti(Fe), have been observed
during martensitic transformation of Ti-Fe alloys [78–82]. The ω-Ti(Fe) is a high-
pressure Ti phase which is retained at low pressure in Ti-Fe alloys.

Overall, a multitude of phase transitions have been realized in Ti-Fe alloys. Many of
them appear to have commercially attractive properties, with the greatest attraction
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Figure 2.5 Phase diagram of Ti-Fe system showing all the possible intermetallics, their
composition range and phase transitions at various temperatures [72].

being the economic viability of Fe to reduce the usual high cost of Ti alloys. How-
ever, numerous questions on how Fe influences these phase transformations remain
unanswered and is a hot subject of research [83].

Oxygen in Ti

Titanium has a very high affinity for oxygen. Because of its high reactivity, Ti imme-
diately forms an oxide layer that remains impenetrable. The oxide layer is hard and
smooth and therefore, does not allow for any foreign particles to stick to the surface.
The oxide layer results in excellent corrosion resistance of Ti that makes it attractive
for many demanding applications such as in marine environment. However, Ti has
limited resistance to oxidation at temperatures greater than 650◦C. Oxygen dissolves
interstitially even at 430◦C.

Pure-Ti has low strength but high toughness. A small addition of oxygen can im-
prove the strength. By increasing the oxygen content from 0.2 at.% to 0.6 at.% the
strength of Ti can be increased from 250 MPa to 450 MPa. The former is the grade-I
Ti and the latter is grade-IV. While a small amount of oxygen appears to be beneficial
to strength, it is necessary to strictly limit the oxygen content. On one hand, the
formation of oxide particles in the matrix are known to reduce the fatigue strength and
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Figure 2.6 Ti-O phase diagram showing wide solubility range of O in α Ti [86].

act as the fracture initiating sites and therefore can be detrimental to the mechanical
properties [84], and on the other hand, the presence of interstitial oxygen also impair
the mechanical properties severely. When a material is plastically deformed, a wavy
slip band is generated when the slip occurs in multiple slip planes and directions. If
the slip is restricted to a particular slip plane, the slip bands are rather planar. This
can strongly limit the amount of plasticity in a material. The interstitial oxygen hops
between the octahedral and hexahedral sites in hcp Ti when slip occurs and cause
resistance to the dislocation motion. The kinetics of the hoping which are determined
by temperature and strain rate are responsible for the switch between planar and wavy
slip [85]. Overall, it is well established that even very small amounts of oxygen in the
interstitial sites of Ti can cause large change in its plasticity.

As can be seen from the phase diagram in Fig. 2.6, the solubility of oxygen in Ti
can be as high as 30 at.%. The oxygen is dissolved in the octahedral voids of α-Ti in a
disordered manner. At lower temperatures, many oxides can form. The high solubility
of oxygen in Ti is one of the reasons for the high cost of Ti production. Because
during Ti production, a thick layer of oxide forms on the surface, which is difficult
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to chemically deoxygenate. Thermodynamically, reducing titanium oxides by adding
another reducing element is feasible. However, the challenge is to get the oxygen out
from the solid solution. To remove the oxygen that is dissolved into the interstitial
sites is kinetically hindered. Therefore, this layer has to be chipped off/ removed
by machining, resulting in a lower net-output. To make the process economical, the
generated scrap is deoxygenated using several methods such as calcium molten salt
deoxygenation, hydrogen-assisted Mg deoxygenation, and calcium vapor deoxygenation
[87]. High-value Ti powder is obtained from it that can be used for powder metallurgy
or additive manufacturing.

Several other developments have been made in terms of understanding and utilizing
the Ti-O alloy system. The surface hardness and wear resistance of Ti alloys have
been improved by performing surface laser gas oxidation in dilute oxygen environment
by mixing the gas with Ar [88]. By using post-processing methods such as solution
heat treatment and thermomechanical processing, the discarded powders from additive
manufacturing or power metallurgy containing higher oxygen content have been used
to make alloys that exhibit ≥ 6% elongation. The improved ductility in high oxygen Ti
alloys stem from the transformation of β-Ti into α’-Ti (martensite). The α’-martensite
formed between the oxygen rich α-Ti can accommodate large strains during tension
[89]. Additionally, oxygen and carbon have been shown to weakly segregate at the Ti
GBs although oxygen has a high solubility in α-Ti [47, 90].

In summary, although the vital role of oxygen in Ti in improving its strength and
corrosion resistance is well-understood but improving the toughness of high-oxygen
alloys is necessary. Using Ti-O alloys will result in economic viability of Ti and this
makes it an important subject of research.

2.3 Titanium thin films

Apart from its conventional bulk applications, there are emerging advancements to
use Ti in microelectromechanical systems (MEMS) devices and hydrogen storage ap-
plications [91–93]. Due to its corrosion resistant properties, thin films of Ti are also
attractive as a protective coating. They can also be used as an adhesive bonding layer
to grow films of Pt, GaN, and Cu thin films [94–96]. Depending on the application,
thin films of varied properties are required. This demands the film to have a preferred
microstructure, for example a nanocrystalline film would exhibit high strength and
fatigue resistance whereas a single crystalline film would exhibit better corrosion resis-
tance. Therefore, it is necessary to understand the influence of deposition parameters
on the various film microstructures that are obtainable.
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Apart from the deposition parameters, the lattice matching, symmetry of surface
planes, substrate miscut, and the planes forming terraces and steps on the substrate
surface [97] are variables that can alter the orientation and morphology of thin films,
while maintaining substrate chemistry. The adaption of an orientation relationship
(OR) between a substrate and a film is a complex phenomenon [98]. Even with a
known substrate surface symmetry and chemical composition, it is in most cases not
possible to predict the preferred OR [99].

The effect of deposition parameters on Ti thin films deposited using DC sputtering
have been investigated earlier, which are predominantly reported to be nanocrystalline
[100–102]. However, when using e-beam evaporation a range of microstructures and
orientations have been observed. For example, when using e-beam evaporation, a high
deposition rate of 350 Å/s resulted in a (101̄0) and (112̄0) single crystalline (SC) films
on sapphire substrate [103]. However, a growth rate of 20 Å/s on the same sapphire
substrate resulted in a (0001) SC films [104]. As a misconception, 6 Å/s was stated to
be the lower limit of deposition rate to obtain a SC film [104], but Dehm et al. [105]
reported SC Ti at much lower deposition rate of 0.15 Å/s at substrate temperatures
(Tdep) ranging from 373 K to 473 K for up to 100 nm thick films on (0001) sapphire. A
further decrement of the deposition rate down to ∼0.03 Å/s lead to a polycrystalline
film with 3D island growth [106]. Interestingly, the reduction of Al2O3 by formation
of Ti3Al at the interface in sputter deposited Ti at room temperature (RT) with a
deposition rate of 0.4 Å/s has also been reported [107]. Overall, these studies illustrate
that a wide range of film microstructures can be obtained. This necessitates a thorough
investigation of the effect of deposition parameters on thin film microstructure.

2.3.1 Nano-/ polycrystalline films

Owing to the surface energy anisotropy in hcp materials, most of the Ti thin films are
textured. Many studies have discussed the role of deposition parameters on changing
the film texture. Using a DC sputtering setup a change in texture of nanocrystalline
Ti thin film was reported [108]. The nanocrystalline film with a grain size of 5-15 nm
was obtained on (100) single crystalline Si substrate. By increasing the substrate bias,
the kinetic energy of the incoming ions/ adatoms can be increased. This enhances its
diffusivity but also causes sputtering of the deposited ions. The authors reported a
weakening of texture from (0002) at 0 V to a mixture of (0002), (101̄0) and (101̄1) at
150 V bias.

The effect of target power and chamber pressure on the properties of Ti thin films
prepared by DC magnetron sputtering has been studied by many authors [100, 109,



20 Chapter 2. Background

110]. The triode sputtering setup includes the introduction of an additional positive
grid to maintain a discharge event at low pressure and voltages. In one study, the
authors were able to show that by keeping all the deposition parameters constant they
systematically varied the target power between 60 W to 120 W. Only when using high
power, the films were observed to be crystalline and had a (0002) texture. At lower
target power of 80 W, the film exhibited no visible peaks in XRD and were considered
to be nearly amorphous. However, when the deposition pressure is reduced, due to
increased mean-free path, the (0002) textured crystalline films were obtainable with
80 W power [110]. The triode (supporting mesh) setup has been shown to increase
the target current substantially even at low chamber pressures and thus results in a
high-density film [109]. Additionally, the same film morphology that was attainable
at 400◦C for diode can be obtained at 100◦C for triode resulting in lower substrate
temperatures.

In another study, the influence of changing incidence angles on the film microstruc-
ture and texture was evaluated. At normal incidence angle deposition, the film was
observed to have a (0002) fiber texture, which means, all the grains had a (0002) sur-
face plane with an arbitrary in-plane rotation. When the deposition angle (incoming
flux angle) was inclined, porous inclined columns formed. With an increase in inclina-
tion, biaxial texture with two competing tilt axis, [101̄0] and [23̄10] are observed. The
change of texture and inclination of the columns is attributed to the shadowing effect
which dominates the diffusivity [111]. The change in microstructure with inclination
angle is essential to understand the coating of components having complex shapes.

Nanocrystalline Ti films have been reported on NaCl [113], which is a water-soluble
substrate. It is extensively used as a growth substrate or as an intermediate sac-
rificial film for ultra-thin metallic films. It has a wide variety of applications like
transfer-printing, nanotexturing, and fabrication of metallic nanostructures for trans-
parent flexible electrodes [114]. Furthermore, under certain deposition conditions, both,
the co-existing hcp and fcc phases and entirely nanocrystalline hcp phase, have been
reported on NaCl substrates [113, 115]. Nanocrystalline Ti films have also been pro-
posed as an attractive material for hydrogen storage. It is expected that higher defect
density increases the hydrogen storage capacity. Therefore, growing a nanocrystalline
film is favourable. Tarnawski et al. [91] grew nanocrystalline Ti on Si(111) and SiO2

substrates using DC sputtering at 250◦C. When comparing Ti with thin films, it was
found that Ti exhibited a hydrogen storage capacity of up to 50 at.% compared to 30
at.% for Ti-V-Ni film and 20 at.% for V2O5 films. The affinity for hydrogen specially
increases at higher temperatures reaching more than 50 at.% at 600◦C. In a multilayer
deposition of Ti/TiO2/Ti/Si(111) with Pd layer capping, it was shown that hydrogen is
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Figure 2.7 Crystal structure of sapphire a) and expanded 2D arrangement of Al3+ and O2−

ions on the surface of b) (112̄0) A-plane, c) (0001) C-plane, and d) (101̄0) M-plane sapphires.
Adapted from [112]
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adsorbed on both the layers with no adsorption in the TiO2 layer [91]. In another study
of hydrogen storage in nanocrystalline Ti thin films, the film texture was observed to
change the hydrogen storage capacity [116]. The (0002) orientated film had lower resid-
ual stress and had an elastic deformation on hydrogen charging until a certain limit
before plastically deforming due to the hydride formation. While the (101̄0) orientated
film does not deform plastically as no dislocations are seen around the hydrides. It is
identified that the hydrides forming on c-plane and prism plane Ti have different stoi-
chiometry. In fact, hydrides that are not observed in bulk can be obtained in thin films,
likely due to the high amount of stresses. Bandyal et al. reported TiH3 in thin films
of Ti evaporated over Ru (0001) [117] when the Ti film is sufficiently thin. For thicker
films, the hydride was seen to approach the bulk composition of TiH2. TiH2 thin film
has also been used in supermirrors that are used to guide the neutron beam. Because
of the higher refraction indices, fewer layers of Ti-H film are required to achieve the
same reflectivity as pure Ti film. Nanocrystalline Ti films using DC sputtering have
also been deposited as barrier coatings on the TiNi shape memory alloys that are used
in bio-implants. It is known that Ni can leach out into biological tissues and cause
damage. Therefore, applying a strong adhesive barrier coating can prevent this [102].

In summary, polycrystalline and nanocrystalline thin films for titanium are of a
great interest for many applications and therefore we discuss in detail the influence of
several deposition parameters on film microstructure in Section 4.1 and Section 4.2.

2.3.2 Epitaxial and single crystalline films

Highly epitaxial films tend towards single-crystal-like behaviour, which is of great in-
terest especially for next-generation nano- and power electronics, optical and magnetic
devices. Due to the allotropic transition, solidification from the melt is not a viable way
to obtain SC Ti. For applications such as coating medical devices with Ti to improve
their bio-compatibility and wear resistance, epitaxial films to obtain a SC surface is
highly attractive [107].

As discussed earlier, due to the surface energy anisotropy of Ti, it is prone to
form a highly textured/ orientated films. When the right substrate and deposition
conditions are provided, it is expected that Ti would form single crystals. The same has
been observed in numerous occasions using many deposition methods and on various
substrates [104, 118–121]. Although the (0002) plane of Ti has the lowest surface
energy, making it the dominant surface plane, Ti films have been reported to grow
with at least six other surface plane orientations [122]. High quality SC of Ti in
six distinct orientations were obtained on substrates that are chemically similar but
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different in geometry. The six orientations were (0001) basal plane, the (112̄0) slip
plane perpendicular to it, and the prismatic planes, (101̄l), where l = 0, 1, 2, 3 [99].
A good 2D-registry between Ti (101̄3) and Mo (211), and similarly Ti (101̄0) and Ta
(211) result in epitaxial growth. In both cases the high quality bcc metals were first
grown on sapphire substrates. In a similar manner other epitaxial growths can simply
be explained by 2D-registry. In another similar metal-on-metal deposition, Ti thin
films were deposited on (111) Cu and (111) Pt that were grown on (111) single crystal
Si [123]. Similarly, strongly textured (0001) Ti films have also been reported to grow
on (111) textured Al thin films [124].

Sapphire is a good choice as a substrate for depositing epitaxial thin films due to its
hexagonal symmetry [104, 125]. Single crystalline Ti on sapphire was first reported by
O’Neal et al. on c-plane sapphire at 200–400◦C by e-beam evaporation. They concluded
that even at higher temperatures r-plane sapphire is not conducive of single crystalline
growth. Similarly, Dehm et al. deposited Ti on c-plane sapphire and a Ti film having
Cu interlayer (Ti/Cu/Al2O3) to investigate the growth behaviour. They obtained films
of near single crystal quality and reported the orientation relationship. They observed
atomically smooth interface between Ti and sapphire and reported no reaction layer at
the interface [126]. However, in another study for a different orientation of sapphire,
the interface reaction between (11̄02) plane of sapphire and Ti film was studied using
photo-emission spectroscopy to reveal that Ti reacts with oxygen in the sapphire to
form Ti-O bond and reduce Al3+ to metallic Al [127].

Epitaxial Ti films have also been reported on mica [128]. Mica has often been used
due to its hexagonal surface plane that can be readily cleaved to obtain a fresh unex-
posed surface. Superconductive properties of epitaxial Ti films have been studied to
show that films with very low thickness can be contaminated with impurities arising
from mica resulting in higher resistivity than thicker films. But, promising low resis-
tivity values for SC Ti films have been reported [129]. Epitaxial Ti thin films have
also been reported on thermally oxidised Si wafers having (0002) orientation. The
orientation could be modified to develop a fiber texture of (101̄0) prismatic or (101̄1)
pyramidal planes by varying the Ar pressure during DC sputtering [130]. In summary,
a large amount of study on epitaxial growth of Ti on various substrates has been car-
ried on. Apart from the film microstructure, many properties of the films like hydrogen
storage capacity, improved corrosion resistance and resistivity have been studied. But
a better understanding of the mechanisms of epitaxial growth and combinations of
other substrates and deposition parameters are yet to be explored.



24 Chapter 2. Background

2.4 Grain boundaries

2.4.1 Description and role of grain boundaries in materials

A grain boundary (GB) is the interface region that separates two crystallites that are
oriented differently but have the same lattice parameters and chemistry [4]. The role
of GBs in materials was felt even before we knew that they were present in crystalline
materials. In nineteenth century, material failure due to embrittlement led to modifi-
cations in the ore refinement and casting methods. It was later understood that GB
segregation was the culprit. Over the last century, GBs have risen to great importance
in all of material science. We now know that GBs influence all properties of material
such as mechanical, electrical, and chemical [3]. Basically, understanding of GBs is es-
sential in mitigating most of the engineering challenges related to crystalline materials.
The emergence of nanocrystalline materials that have a large volume fraction made of
GBs has made GB research even more important.

Figure 2.8 The five macroscopic degrees of freedom that stem from the misorientation be-
tween the grains (the angle and axis of rotation) and the GB plane. Taken from [4]

.

Any GB can be uniquely defined by specifying the GB plane and the misorientation
of the abutting grains, as shown in Fig. 2.8 [4]. The GB plane (or any plane) is defined
by its normal that needs two parameters to uniquely define it. We require another
three parameters to define the misorientation between grains that can be expressed in
many equivalent ways. One way is to define the angle and axis of rotation, commonly
written as [uvw]/ θ. The same can also be described in the form of misorientation ma-
trix, Euler angles, Rodrigues vector or quaternions [3]. The GB plane normal and the
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misorientation form the five macroscopic degrees of freedom required to define a GB.
Using them a GB can be formally denoted as θ◦[h0k0l0]/(hakala)(hbkblb), where ’a’ and
’b’ indicate the two grains. Additionally, the two grains can perform rigid translation
along and perpendicular to the GB plane, giving rise to three microscopic degrees of
freedom. The lateral shift in position of a GB while maintaining the misorientation
between the grains is the ninth parameter that can modify the nature of the GB. The
microscopic parameters are not independent of the macroscopic parameters [3]. The
relaxation of GBs often leads to cusps in the GB energy vs misorientation plots. This
limits the choice of microscopic parameters that a GB can adapt.

Figure 2.9 Tilt and twist GB are defined by the rotation axis being perpendicular and
parallel to the GB plane normal, respectively.

GBs can be classified in many ways based on these parameters. As shown in Fig. 2.9,
if the GB plane normal is parallel to the axis of rotation it is called a twist GB, while
if it is parallel it is called a tilt GB. A tilt GB needs four degrees of freedom and twist
needs three. A low-angle GB (LAGB) is one in which the angle of misorientation is
less than ∼15 degrees, while the rest are high angle GBs [4]. When the GB plane for
both grains is the same, the grain is said to be symmetric. And when the GB planes
vary for each of the grain, the GB is called asymmetric. Apart from these, in the liter-
ature there are also two common terminologies that are used with respect to defining
GBs, general/random GBs and special GBs. Any high angle GB having low energy
or having a peculiar property distinct from its neighbours have been loosely termed
as special GBs [3, 4]. The massive parameter space of the GBs makes their complete
characterization challenging. Two GBs may share four of the five macroscopic param-
eters, with one variable resulting in radically distinct properties. Therefore, unless all



26 Chapter 2. Background

the GB parameters are characterized, attributing material properties to specific GB
types can lead to erroneous conclusions and is often observed in the literature.

2.4.2 Coincident site lattice theory

For a certain misorientation between two grains, the lattice sites are positioned such
that when the two lattices are superimposed, they lead to several coinciding points. The
periodically arranged coinciding points create a unit-cell of their own which is termed
as coincident site lattice (CSL). The CSL theory was introduced mathematically in as
early as 1948 [131] albeit with no relation to interfaces. They tried to give an equation
for how cubic lattices can be rotated around a certain axis to obtain coincident points,
and called them ’cubic tessellations’. In the following year, it was suggested that such
coincidence in lattices might be responsible for secondary recrystallization texture in
copper [132]. Although they did not introduce a ’sigma’ value yet, they presented
that based on different rotation angles along [001] axis, the size of the CSL varies and
called them special GBs. Dunn [133] present detailed tables of all possible CSLs for
cubic system with ⟨001⟩, ⟨110⟩ and ⟨111⟩ tilt axis. Within the next years, physical
phenomenon like GB migration in lead [134] and GB structure of diamond [135] were
explained using CSL lattice theory. The Greek letter, Σ is used to denote the ratio of
the volume of the coincidence unit-cell to the primitive crystal unit cell.

Σ =
Volume of coincidence unit-cell

Volume of primitive crystal unit-cell
(2.4)

Brandon et al. in a series of seminal papers [136–138], expanded the CSL theory to
include not only the misorientation of mathematically exact coincidence angles but also
its nearby orientations. They proposed that a GB that deviates from the exact CSL
misorientation will still act as a CSL GB with additional dislocations superimposed on
the underlying CSL to compensate for the deviation. The GB energy hence is a sum
of the CSL GB energy, the energy from dislocations and the interaction of the two.
They also predicted that in a CSL GB, the selection of GB plane would be such that
the GB plane contains highest density of coincident sites. If the GB plane deviates
from this, it would form a stepped structure made of ledges and dislocations. The
so-called Brandon criterion is used to determine the deviation (∆θ) from exact-CSL
misorientation for a GB to belong to a certain CSL.

∆θ =
15◦√
Σ

(2.5)
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From the Eq. (2.5), when Σ is 1, the accepted deviation is 15 degrees which is the
upper-limit of LAGBs. With increasing size of the coincidence lattice and increasing
Σ value, the ∆θ reduces. Although there is no theoretical upper limit to the Σ value,
in practice, there is limited utility in defining CSL GBs with Σ larger than 100. The
ease and simplicity of CSL theory has since then led to an ever increasing volume of
work in relating properties of materials with CSL GBs. Fully automated routines to
identify the CSL GBs using electron backscatter diffraction (EBSD) in an SEM has
invited non-crystallography community as well to classify GBs into special and random.
The question however is, if the Σ value has a significance other than being just a short
hand notation. Several bicrystals with specific CSL misorientation have been explored
to better understand this. The inter-granular corrosion tests have shown that low Σ

GBs are less susceptible to corrosion compared to random GBs [139, 140]. A significant
improvement in arresting the crack growth during high cycle fatigue tests was observed
in a nickel based superalloy with increased population of special GBs [141]. Creep in
austenitic and ferritic-martensitic alloys has been demonstrated to be dependent on
the CSL fraction and can be explained by a boundary’s capacity to absorb lattice
dislocations [142]. Creep test performed at 0.6 Tm in polycrystalline copper exhibited
preferential damage occurring on random GBs as opposed to special GBs [143]. Besides
the value of Σ, their spacial distribution has an influence [144].

There have been several efforts to obtain desired GBs in engineering materials by
modifying processing parameters to improve material properties in what is called as
GB engineering (GBE) [145]. The relationship between thermomechanical treatment
parameters and a high fraction of Σ3n GBs have been shown [146]. They demonstrate
how a Σ27 decomposes into a Σ3 and a Σ9. In another region, a Σ51 decomposes into
Σ3 and a Σ17b and Σ87 decomposes into Σ3 and Σ29 [146]. Straining and annealing
cycles to increase the percentage of special GBs has also been shown in copper, auste-
netic stainless steel and nickel alloys [147]. One of the main aims of such studies has
been to break the network of random GBs by introducing special GBs between them.
However, as noted already by Brandon in 1966, it is the boundary coincidence that
is expected to influence the properties more than mere lattice coincidence. It appears
that the field of GBE has consistently overlooked this over the years [148].

Criticizing the practice of calling every CSL GB as a special GB, Wolf pointed out
that while energy cusps are present for Σ3 ⟨111⟩ and Σ11 ⟨311⟩, no cusps in energy are
seen in Σ3 ⟨211⟩, Σ9 ⟨211⟩ and Σ9 ⟨114⟩ CSL GBs. They argued that Σ value of CSL
is a purely volumetric concept, whereas interplanar spacing of the GB plane (dh,k,l) is
a planar quantity and might strongly affect the interfacial properties. In an unrelaxed
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bicrystal, it is the dh,k,l that determines how close the atoms from the either side of
the interface come to each other. According to Pauli’s exclusion principle, when two
atoms come closer than their equilibrium spacing the energy increases exponentially.
Clearly, the GB plane that have the largest interplanar spacing will be preferred in
such situations. While the misorientation and therefore the Σ value remains the same,
only certain GB planes will lead to energy cusps and others will not. Since the above
conclusion stems from atomic interactions, it is true for all kinds of interfaces, may it
be symmetric, asymmetric or a phase boundary. For a symmetric GB, the interplanar
spacing would be same as dh,k,l, and for an asymmetric GB the effective interplanar
spacing (deff ) can be given by the following equation:

deff =
dh1,k1,l1 + dh2,k2,l2

2
(2.6)

From the above discussion, we can enlist some of the parameters that can be used
to predict the GBs that could be favoured due to their low energy [3].

1. Small volume of coincidence unit lattice or small Σ number.

2. High planar density of coincidence sites (Γ).

3. Larger interplanar spacing (deff ).

These are overly simplified criteria and neither of them explains in entirety the
presence of all the cusps in the energy vs misorientation plots and there are several
examples where each of the criteria fails. Sutton and Balluffi [149] discussed this in
detail giving several examples of why these simple geometric models are not sufficient
for the prediction of preferred GB planes or the GB energy calculations. The high
Γ model is particularly flawed because it ignores that while having few lattice sites of
good fit, one cannot ignore other atoms that excessively overlap at the interface. These
overlapping regions would lead to rigid translation along the interface. They propose
that any GB prediction models must include the atomic structure and the nature of
local bonding. The inability of these simple models to explain the presence or absence
of cusps in the GB energy vs misorientation profiles is the leading motivation behind
the present work that deals with our need to understand the GB structure at atomic
level.

Dichromatic pattern and the topological theory

Pond and Bollmann [150] formulated a theory such that bicrystals can be classified
based on the point/space group of the component crystals. They stated that under-
standing of the symmetry of the abutting crystals holds the key to the analysis of GB
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structure multiplicity [151]. For this, they introduced the idea of use of dichromatic pat-
terns to simplify the identification of equivalent structures in a bicrystal. They stated
that while the bicrystals themselves might have low symmetry, the GB structures can
have high symmetry. The symmetry of the dichromatic pattern governs the symmetry
of all the possible bicrystals that can be created out if it. Dichromatic pattern was
shown to be useful to determine the Burger vector of the interfacial dislocations [150].
The method treats any bicrystalline interface by using the principle of symmetry of
composites systems, where the composite comprises of two elements of varying crystal
symmetry or orientations. For a phase boundary, where the two grains have different
structures, the interface symmetry is an intersection of the two components. This leads
to lower symmetry, called dissymmetrization. Because the crystal symmetry is same
on both sides of a GB, its symmetry is higher than the intersection of the two grains
[150]. This addition of new symmetry elements is termed as symmetrization. Pond and
Vlachavas [151] further discussed that the summation or intersection of the symmetry
of the two composite elements is not enough to predict the symmetry of the interface
for non-holosymmetric and non-symmorphic structures. However, because our present
study involves only hcp GBs, a dichromatic pattern is sufficient to determine the in-
terface defect content.

It has been noted that although first-order phase transitions in GBs are of interest,
it is necessary to use topological theory that links the observed structure and GB prop-
erties to the defect nature of the GB [152]. The goal of topological theory is to start
with creations of the highest degree of symmetry and then take subsequent symmetry
breaking into account when constructing real structures [153]. The circuit is formu-
lated by fixing the crystals and transporting a hypothetical observer on an excursion
through the crystal based on the symmetry operations. An arbitrary origin can be
chosen based on the convenience. Because the movement is based on the symmetry
operations, every stop for the observer appears to be an identical location [154]. In
a dichromatic pattern, the symmetry operations that relate atoms of a given colour
to another atom of the same colour are called ’ordinary operations’. The operations
that relate two atoms of different colours are referred to as ’anti-symmetry operations’
[151]. Using these two kinds of operations, a circuit can be drawn on an experimental
image and the same can be mapped on the dichromatic pattern to measure the defect
content inside of the circuit. The dichromatic constructions serve as perfect reference
lattices for circuit operations to not only identify primary but also secondary interface
defects. This methodology to investigate the GB structures has been frequently em-
ployed for materials of all crystal structures [153, 155]. In the following, we extensively
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refer to this methodology when applied to ZnO and GaN, both of which have wurtzite
structure [156, 157].

2.4.3 Grain boundary atomic structure

When two materials with a periodic structure are brought together, the interface can
naively be expected to have a certain structure as well. However, about a century ago,
when materials were understood to be crystalline by XRD, it was predicted that the
interfaces are likely amorphous [158]. Later, Mott in his seminal paper suggested that
GBs should only be a region of two crystalline surfaces meeting as best as they could
given their orientation difference, but not be amorphous. To conclude this, he calcu-
lated the intercrystalline slip velocity for aluminium with and without the amorphous
layer impeding the slip [159]. Read and Shockley determined the GB energy assuming
that they are made of arrays of dislocations and converged to the experimentally mea-
sured values [160]. Fig. 2.10 shows a misorientation vs GB energy plot, adapted from
[160], that was the first of its kind to isolate one the GB parameters. It is interesting to
note that although they assumed the GBs to be exclusively made of dislocations they
found cusps in their plot. The imagined that the cusps represent the regions of good fit
from both the lattices. Therefore, the very nature of how we came to understand the
crystalline nature of GBs gives us an insight that GBs massively influence mechanical
and chemical properties of materials.

Figure 2.10 The first report on the dependence of grain boundary energy on the misorien-
tation angle for any cubic lattice with arbitrary lattice parameters. Taken from [160].
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Weinberg in his 1959 review of GBs mentioned that LAGBs appear to have struc-
ture that breaks down above ∼15◦ of misorientation angle [161]. He predicted that GBs
might be disordered at higher angles. However, Bishop et al. showed that high-angle
symmetrical tilt GBs are not disordered, but can be described as a two-dimensional
array of coincidence atoms or ledges or dislocations or their combination in the GB
plane [162]. This idea was modified by Chalmers by stating that the low-energy in GB
need not necessarily stem from coincident sites. Using computer simulations, they min-
imised the GB energy by allowing rigid translation of the grains along the GB plane.
The two coinciding lattices were considered as an arbitrary starting configuration. The
translation led to small periodic units along the length of the GB. They concluded that
the physical criterion for the special properties of coincidence GBs is not coincidence
per se but the small, periodically repeating units of the structure [163]. They also
predicted that GBs that depart away from the exact coincidence orientation result in
having ’mixing’ of units that correspond to the neighbouring coincidence orientations.
Promptly, using pairwise central force interaction between the atoms (computer sim-
ulations), several periodic units were shown that form symmetric tilt GBs in copper
with a tilt axis of [100] and [111] [164]. Similar molecular statics simulations revealed
that in aluminium, many low energy structures may be obtained for the same GB [165].
Because the intermediate misorientations are a mixture of the two preferred GBs, it
was hypothesised that there could be multiple metastable mixture-states of GB [5].
This observation was overlooked and is discussed in the following section.

In a series of papers from Sutton et al., atomistic calculations of the structures of
symmetric and asymmetric tilt boundaries in aluminium and copper were performed
[166, 167]. They coined the use of the term ’structural units’ (SUs) to define the
building blocks of GBs. They demonstrated that certain preferred boundaries are
made up of a contiguous sequence of fundamental units of a single kind. These units
are assumed to be their ideal or the ’undistorted’ state. When the misorientation is
changed, secondary GB dislocations can help in accommodating the favoured units in
the non-favoured boundaries. However, the favoured boundary units are expected to
be distorted in these non-favoured GBs. By varying the angle of misorientation, they
observed the change in structure of the boundary from one favoured to the next. Re-
garding CSL theory, they also determined that in symmetrical tilt boundaries, favoured
boundaries are not always associated with low Σ values. As a corollary, it was proven
that CSL is a geometrical concept and that not all CSL GBs necessarily result in spe-
cial properties. Furthermore, they observed that for the same GB and the same crystal
structure, different GB structures could be obtained. Therefore, the GB structure was
found to depend on the inter-atomic potentials and not just on the geometry.
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When considering the symmetric GBs, the number of macroscopic degrees of free-
dom reduces from 5 to 3. A vast majority of the symmetric GBs are twist boundaries
and an infinitely small subset of them (180◦/m symmetry) are tilt boundaries. How-
ever, from experiments we know that an abundance of tilt GBs are present in materials.
Using the embedded-atom-method (EAM) potentials it was shown that it is the GB
energy that plays a vital role in determining the selection of specific twist GBs that
can also be defined as tilt GBs [168]. It was reasserted that the cusps in the GB energy
plots arise from the small unit cells in the GB plane.

Experimental observation of grain boundary structures

As seen in the above section, 1980s saw a great increase in the theoretical under-
standing of the GB atomic structures. With the development of high-voltage electron
microscopes operating at 1250 keV, the imaging resolution necessary for lattice imaging
was nearly achieved. Initially, ceramics or oxides with large lattice parameters were
investigated. The first direct determination of the structure of a high-angle tilt GB
was a Ge GB viewed end-on on a [011] zone axis [169]. Soon after, the first atomic
resolution image of a GB in metal was published for the Au film deposited on the NaCl
substrate [170].

Subsequently, a number of similar studies were carried out mainly on copper, gold,
and aluminium [171–176]. Fig. 2.11 shows two sample GB atomic structures out of
many that were investigated during this period. The common theme observed in all
of these experiments was that they were all carried out on bicrystalline specimens. In
most cases the bicrystallinity was obtained by thin films deposition on NaCl substrate
of varying orientations and intermediate layers. The authors stressed on two major
inadequacies that: a) obtaining bicrystalline samples of desired GBs is challenging and
b) only tilt GBs can be investigated.

Vitek et al. proposed multiple possible structures for the same GB using computer
simulations [5]. The same was attempted to be verified experimentally, but with no
success. The authors reported that only one stable GB structure was observed [177].

EAM calculations predicted two possible structures of Σ3 112 twins in aluminium
[178]. However, only the higher-energy structure of the two predicted structures was
experimentally observed [176]. The two structures varied in the rigid body translation
along the GB. The observed segment with higher energy structure was bound by a 111
twin disabling the rigid body translation. It was noted that if the observed segment
was not bound by another GB, the low-energy structure could also have been observed,
which would indicate that the structure of a GB depends not only on the parameters
that define the GB but also on other GBs that it is bounded by.
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Figure 2.11 a) b) The structure of a Σ19[110] (311) gold GBs that shows repeating periodic
units that match with the structure predicted using EAM potential [172]. c) Tilt GB in
molybdenum that has a misorientation of ∼13◦. As expected from the SUM, the GB appears
to be a mixture of Σ25 and Σ41 that are the two favoured GBs that it is bounded by [175].

Mills et al. observed the coexistence of two GB phases in Σ11 [011] (22̄1) GB in
Au, a notable achievement in the increasing understanding of GBs in the 90s [179].
Good agreement was observed between the experimentally observed images and the
ones simulated using the EAM potential. Rigid body translation parallel to the GB
as well as local atomic relaxations were observed to match between experiments and
simulation. GB excess energy was calculated using the EAM potential, and the GB ex-
cess volume was measured using the experimental images for multiple low Σ GBs. The
higher GB energy corresponded to a larger excess volume. This meant that a larger
deviation from the atomic arrangement inside the grain leads to higher energy, which
one would intuitively expect. A summary of the observed GB structures using HRTEM
and their comparison with the simulated structures was provided by [180]. The intro-
duction of HRTEM led to direct experimental observation of GB-related phenomena
such as multiple structures, GB dissociation, faceting, microfaceting, and their relation
to GB energy, GB constraints, defects, and steps in GBs, misfit localisation, the role
of stacking faults in GB relaxations in fcc metals, the misorientation dependence of
atomic structures in CSL and incommensurate GBs [181]. HRTEM also revealed a
general propensity to build atomically well-matched structures with strong coherency
across the interface. As a result, the majority of reported structures in fcc systems
were linked by the trend to maximize the GB volume (length) that is well-coordinated
atomically at the expense of localized misfit patches. This was observed not just in
symmetric GBs but also in asymmetric and incommensurate GBs [180].



34 Chapter 2. Background

As discussed in detail in Section 2.5, with the introduction of FEGs that quickly
replaced thermionic sources in most of the instruments, the coherency and the obtain-
able current in an electron probe improved. It was noted that the main advantage of
ADF imaging over HRTEM is the ability to acquire rapid, immediately interpretable
pictures of grain boundary or defect structures thanks to improved chemical sensitivity
and lower susceptibility to instrumental and scattering errors [182]. They also pointed
out that studying the GB structure using STEM instead of TEM gives the advantage
of collecting electron energy loss spectroscopy (EELS) signal. This can be used to map
light elements but also find the bonding characteristics. A change in bond length shifts
the core energy loss signal. Such detailed information on change in band gaps due to
bonding changes at the GB region can be used to relate the GB properties such as
intergrannular cracking or diffusion with the observed structure. For example, in a
Ni-23at.% Si alloy, EELS was used to observe the change in the bonding nature at GB.
Ni enrichment was found in the GB region. The d bands of Ni at Ni-rich GBs were
smaller than those in the bulk, indicating less hybridization and bonding at the GBs
than in the bulk [183]. In Ni-Al alloy, addition of boron was shown using EELS to
change the bonding nature at GB similar to the bulk, and thereby enhancing the GB
cohesive strength and improving the fracture properties [184]. Many similar investiga-
tions combined the power of STEM imaging and EELS/ EDS to relate the structure
and properties of the GB at atomic scale [185].

Many studies were also performed on the structural analysis of the GBs using
aberration corrected STEM imaging. STEM annular bright field (ABF) imaging was
used to observe the GB atomic structure in MgO Σ5 (410) GB [186]. Coexistence of
multiple SUs in the same GB was observed using HAADF-STEM imaging in Σ19b
[111] GBs of Cu [8]. Multiple GB phases have also been reported in TiO2 (001)/(100)
GB [187]. The authors suggested a first-order phase transition between the three co-
existing GB phases. The same group has reported several observations of GB phase
transitions in ceramics upon segregation [188–190]. In another study, Ag segregation
induced nano-faceting in Cu was also observed with HAADF-STEM imaging [191].
Misorientation dependence of the structure and Cu segregation to Al ⟨111⟩ GBs has
been recently investigated [192]. A direct observation of GB migration in Al2O3 was
recently reported [193]. The authors observed a change in GB structural arrangement
that facilitates the GB mobility. Overall, there is a rapidly increasing volume of work
in using STEM to investigate structure and structural transitions in GBs.

Similar progress has also been made on the computational/ simulation front to com-
pliment the experimental techniques. In a molecular statics study of 125 symmetric tilt
GBs (STGB) in Fe, H was introduced into the GB to study the influence of GB plane
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and structure of H-embrittlement. The segregation and embrittlement were found to
be controlled by competing interactions between the GB structures, the H-defect inter-
actions, and the H location in the GB. A strong correlation between the GB character
and the saturation limit of H was observed [194]. Asymmetric tilt GBs in Al have
been shown to facet into STGBs as well [195]. First-order phase transition has been
observed in a Ni-doped Mo asymmetric GBs transitioning into two variants of bi-layer
adsorption of Ni. [196]. Segregation induced GB transitions have also been modelled
on Cu-Zr GBs. It was shown that based on the initial GB structure, the arrangement
of solute/ dopant can vary [197]. A summary on the role of GB phase transitions on
GB mobility using MD simulations was provided by Mishin et al. [198]. Segregation of
Mg on various Al GBs was studied using Monte Carlo - Molecular dynamics (MC-MD)
combination to reveal a strong dependence of segregation on the kind of GB [199]. In
summary, there is a very vastly growing literature on the fast developing techniques to
simulate various GB properties. However, the experimental validation to the computer
simulations is still lacking in most cases.

It is expected that lower symmetry might lead to more complicated SUs. Campbell
et al. observed Σ5 (310) [110] GB in molybdenum (Mo), which has bcc crystal struc-
ture, using HRTEM [200, 201]. They observed the simulated structures to agree well
with experimentally observed low-energy structures using angular-force interatomic
potentials developed from model generalized pseudopotential theory (MGPT). They
found disagreement of the structure with predictions based on radial-force potentials,
such as EAM potentials. MGPT accounted for many-body angular forces through ex-
plicit three- and four-body potentials. The modified analytic EAM potentials, that
are used nowadays, take this into account and are extensively used for lower symmetry
elements. The key take away based on the requirement to use modified potentials for
’non-fcc’ materials is that their GB structure simulations are more elaborate than fcc
elements [202].

Grain boundaries in hcp materials

The literature for GB structures of materials with non-cubic symmetry is relatively
scarce compared to cubic. However, there is still a wealth of research on hcp GBs that
is intended to be summarized here, with a focus on atomic structure of hcp GBs.

As pointed out by Bruggeman [203], for hcp materials, a perfect CSL lattice can
only be formed for a rotation along [0001] axis unless c2/a2 is a rational fraction which
would also result in CSLs. For real materials this is seldomly true. Any deviation from
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the rational fraction would mean additional strain on the lattice to accommodate the
mismatch. This imposition of small strain on materials having near CSL interfaces
has been termed as constrained CSL (CCSL) model. Any additional deviation from
the ideal CCSL misorientation can be also accommodated by the DSC dislocations
[203]. Chen and King provided an extensive list of all the possible CCSLs upto Σ50 in
hcp system [204]. They also prepared zinc bicrystals and examined an exact-CSL and
seven CCSL GBs. They found that all the secondary dislocations in the GB followed
the theoretically expected DSC vectors.

However, in a critical reassessment of the model, MacLaren et al. pointed out cer-
tain key weaknesses. It was established that the interfacial dislocations anticipated by
the CCSL technique were only roughly comparable to those that would separate in-
terface regions for the same crystallographic parameters [205]. They formed extensive
calculations to derive that the long-range strain induced in the grains due to CCSL
cannot be relieved by dislocation arrays unless the material is nanocrystalline. A vic-
inal high angle GB of mixed tilt-twist character was investigated in a deformed and
annealed pure Ti using TEM [206]. They showed that the reference structure pre-
dicted by CCSL is not experimentally observed. Instead a 2D periodic arrangement of
common (01̄11) planes at the interface nearly represents the observed structure. They
suggested that a more appropriate approach to the geometrical modelling of vicial
HAGBs is to consider the high planar density of coincident sites (Γ) planes as the GBs.
Others have emphasized that this criterion is only pure geometric and is insufficient
[167]. Therefore, the CCSL approach to explain the hcp GBs remains unsettled.

Figure 2.12 A plot of the change in GB energy calculated using MD for changing tilt angles
in Ti, Mg and Zr. Taken from [207].
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While the earlier discussion was emphasized on the arrangement of primary and
secondary dislocations at the hcp GBs, there were simultaneous theoretical develop-
ments to explain the hcp GBs using the SUM. EAM simulations were presented for
the symmetric [11̄00] tilt GBs in Ti and Co. Both of them were shown to have sim-
ilar structural units although their energies varied by a factor of 2 [208]. As seen in
Fig. 2.12, for the [112̄0] tilt axis, the GB energy is shown to vary in a similar manner
for most hcp metals (Ti, Zr and Mg) using MD simulations [207]. Furthermore, for
hcp CSL GBs, if the GB plane (the plane with the largest Γ value) remains the same,
changing the c/a ratio changes the Σ value but the GB structure remains the same.
This is similar to how the direction perpendicular to the twin plane has no effect on
the twin structure [208]. Concerning the debate on constriction of CSLs in hcp, it was
shown using the SUM that similar to cubic, hcp GBs also follow the SUM where a GB
may contain another structural unit as a ’defect’ in order to accommodate any devi-
ation from either the exact disorientation angle or the c/a ratio. Also, the structural
units were shown to be independent of the interatomic potential used for [112̄1] tilt
GBs [209]. Atomic structure of a host of symmetric tilt GBs having [112̄0] tilt axis were
reported by Wang et al. [210]. Four minimum energy GB planes were identified and
all of them could be explained using the SUM. As one would expect, other GBs that
deviated from these planes were observed to have periodic array of DSC dislocations
[210]. Enlisted below, a wealth of literature exists on twins in hcp [108, 153], however
more work is needed on other GBs.

A significant work on the hcp GBs are on ionic crystals. Due to the ionic nature
of the bonding, the GBs in ceramics are more complicated than in metals. The charge
neutrality and charge transfers also acts as an additional parameter in determination of
the GB structure. Nevertheless, they lead to exciting insights on what can be expected
on metallic GBs at least in terms of similarity in close-packing.

Apart from being commercially important, the relative ease of manufacturing and
their low beam sensitivity, sapphire and ZnO GBs have been extensively studied. The
low beam sensitivity was especially important for the 1.25 MeV microscopes that were
used for the early HRTEM work. The advancement in STEM imaging and atomistic
simulations of GB structures has lead to a much better understanding of hcp GBs in
the recent years. Table 2.2 enlists the literature in a chronological order to show the
evolution of our knowledge and improved understanding of hcp GBs.
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Table 2.2 Studies on hcp grain boundary atomic structure grouped by the material and the
chronological order.

Material Grain boundary Key results Ref.
Ti {101̄1}, {112̄1}

and {112̄2}
twins

Using computer simulations, atomic
structure of most frequently observed
twin boundaries was studied for the
first time.
The translation/shuffle required to ob-
tain the equilibrium twin structures is
obtained.

[211]

Zinc high angle CCSL
GBs

Experimental evidence of dislocation
structure at high angle GBs.
8 different high angle constrained CSL
(CCSL) GBs are observed.
The theoretical dislocation spacing is
correlated with the experimental mea-
surements.

[212]

α- Al2O3 {101̄n}
n = 0, 1, and 4

Static-lattice calculations of the ener-
gies and GB structures.
HRTEM images are seen to compare
favourably with simulated images for
the first time in sapphire.

[213]

α- Al2O3 Σ7 [01̄11] {11̄02} Four possible unrelaxed CCSL GB
structures are investigated.
A DSC dislocation of pure-edge charac-
ter is identified in the GB.
Al-O bonds in the GB core are observed
to be elongated.

[214]

ZnO bicrystals Asymmetric
[0001] Σ31 &
Σ13

Periodic SUs are observed in the Σ31
GB.
Extensive faceting of asymmetric Σ13
GB into symmetric (2̄75̄0) and (134̄0)
Circuit mapping was used to identify
the burgers vector at the interface.

[215]
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α- Al2O3 Σ7 [01̄11] {11̄02}
180◦ tilt GB

GB structure is determined such that
the two oxygen terminated (011̄2)

planes are joined together.
Displacement parallel to the GB is de-
termined using simple geometry.
Displacement vertical to the GB is de-
termined by calculating net charge and
bond overlap population.

[216]

GaN on sapphire Σ7, Σ19 [0001]
STGBs

Topological analysis is carried out to
measure defect content at the interface.
All CSL GBs are observed to have a
pure edge-like character.
SUs are observed with 5/7 or -8 atomic
units instead of 6 at the interface.

[156]

α− Al2O3

Σ7 [0001] {11̄02} GBs with same Σ having varying GB
planes.
Symmetric structure with respect to
GB plane.

[217]

Σ7 [0001] {11̄02} The asymmetric structure which in-
cludes an atomic translation along the
GB.
HRTEM images were consistent with
the static lattice calculations.

Σ7 [0001] {11̄02} Asymmetric structure.
Contains a large open space at the GB.
Different thermal grooving behaviour
within the same CSL sigma value in-
dicates the role of the GB plane in GB
energy determination.

α- Al2O3

Σ7 [0001] {23̄10} Two different CSL Σ values that have
identical GB planes.
Both the symmetric GBs have asym-
metric SUs.

[218]

Σ21 [0001]
{23̄10}

Open spaces are noted in the GB core
in both the GBs.
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ZnO Σ7 [0001] Σ7 GB consists of multiple SUs that
are very similar to the core structures
of edge dislocations.
Changing GB plane changes the ar-
rangement of SUs from straight to
zigzag.

[219]

ZnO Σ49 [0001] HRTEM used to observe the GB edge-
on.
Combination of three dislocation-like
SUs, "a", "b", and "c" appear.
A straight array of a+b+c units effec-
tively relaxes the GB strain.

[220]

ZnO Σ7 and Σ49
[0001] with
and without Pr
doping

The undoped GBs contain SUs that
have unusual coordination.
I-V measurements made across GB
show linear I-V characteristics, while
the same across Pr doped GB shows
non-linear characteristic.
HAADF-STEM image shows periodic
segregation of Pr by substituting Zn.
Incoherent GBs show higher Pr amount
and greater non-linear I-V behaviour.

[221]

Generic hcp (112̄1) twin Ab initio calculations predict the struc-
ture of twin boundary.
GB energy scales linearly with the sec-
ond order elastic shear constant (c44).

[222]

Mg-Ti alloy ⟨101̄2⟩ {101̄1}
twin boundary

Activation of additional slip systems,
{101̄1} ⟨1̄1̄23⟩, by solute (Ti) segrega-
tion to Mg GBs.
Ti segregation in nanocrystalline Mg
GBs

[223]
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Generic hcp STGB with
[12̄10] tilt axis

MD and interface defect theory are
used to study the energy and charac-
teristics of relaxed structures of STGB.
All GBs are either ordered or contain a
single array of GB dislocations.
GB dislocations are different from the
bulk dislocations.
Four minimum energy coherent STGBs
are identified: (1̄011), (1̄012), (1̄013)
and (2̄021)

[210]

Mg {101̄1}, {101̄2}
and 101̄3 twins

Periodic solute (Gd and Zn) segrega-
tion at twin boundary plane.
Segregation to GB even within solubil-
ity limit of solute to reduce strain en-
ergy.

[224]

Ti, Zr and Mg #190 STGBs
with [112̄0] tilt
axis

Vacancy binding energy for various
STGBs is calculated using molecular
static simulations.
The binding energy is observed to
steeply increase with increasing c/a ra-
tio.
SUs are observed to significantly
change with vacancy absorption.

[207]

Co {101̄2} twin
boundaries

Structure of 101̄2 twin boundaries char-
acterized.
Twin boundary consists of basal-
prismatic interfaces.
Dislocation theory based migration
mechanism of twins is developed.

[225]

Mg and Ti ⟨11̄00⟩ twin
boundary

GB energy as a function of changing tilt
angles is calculated using EAM poten-
tials (MD).
The difference in c/a ratio between Ti
and Mg results in a difference in energy
of 112̄6 TB

[226]
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Mg (generic hcp) Twin boundaries Ab initio and MD simulations to pre-
dict twin boundary structure.
The mechanical instability of glide
twins against reflection twins is iden-
tified as the reason for why only reflec-
tion twins are experimentally observed.

[227]

Mg 78.9◦ ⟨101̄0⟩
12̄14,
116.9◦ ⟨101̄0⟩
12̄12,
145.85◦ ⟨101̄0⟩
12̄11

MD calculations prove the validity of
the SUM in Mg.
A sharp transition in SUs of GB is ob-
served at a certain misorientation an-
gle.
Nanofaceting is observed at some GBs
near the transition point.
Between the angular range of 78.9◦ and
116.9◦ the SUM is seen to follow simple
lever rule.

[228]

Zr {101̄1} GB
plane

First principle calculations to study so-
lute behaviour at GB.
Ag, Bi, Au and Sn embrittle the GB.
V, Cr, Nb, Mo, Ta and W strengthen
the same GB.

[229]

ZnO [0001] STGBs 3D-polyhedra that when projected ap-
pear as 2D-SUs in STEM imaging are
defined.
Arrangement of SUs changes around
critical point of 32.2◦ which is a sin-
gular GB.
A Farey diagram is used to quantita-
tively predict the spacing between SUs.
It is observed that the SUs arrange such
that they are maximally spaced from
each other.

[230]

Due to the similarity in the geometry, materials with zinc-blend structure have
shown SUs that appear similar due to projection. One such important material is GaN,
which is commercially used in high-power high-frequency electronic devices. Defects in
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such materials strongly influences their properties. Therefore, GBs in GaN were one of
the earliest hexagonal materials to be studied extensively. Table 2.3 provides the CSL
value for a misorientation along [0001] tilt axis for hcp crystal structure. Evidently,
tilt along [0001] axis, does not depend on the c/a ratio. When GaN is grown on (0001)
sapphire, it grows epitaxially but there are often growth defects that result in tilt GBs.

Table 2.3 CSL misorientations with Σ <50 for grain boundaries with a [0001] rotation axis
in the hexagonal system

Σ value Misorientation angle
7 21.79◦
13 27.80◦
19 13.17◦
31 17.90◦
37 9.43◦
43 15.18◦
49 16.43◦

An edge dislocation present in the basal plane in a hexagonal system has a Burgers
vector of 1/3 ⟨112̄0⟩. Potin et al. constructed the possible atomic configurations
of dislocation in a basal plane. They concluded that two possible structures can be
obtained for the core, either with 8 or 4 atoms. If the dangling bond represented by
’R’ is removed, it results in a 5/7 atom structure. Later, they went on to simulate the
structures of high angle symmetric GBs, namely Σ 7, 19 and 31. They revealed that
the GB is made of same units arranged in periodic manner. The SUs were verified
both using TEM image simulations and HRTEM [156].

Soon after, Bere et al. conducted a similar study on GaN by including all CSL GBs
obtainable in a wurtzite (hexagonal, P6_3mc) using empirical potential of Stillinger-
Weber type. They observed that all the investigated tilt GBs are formed by the com-
bination of the above mentioned 8, 4, or 5/7 SUs [232, 233]. They predicted that in
other hexagonal structures, especially in pure metals, the change of bond length and
bond angle would change the energy smoothly, unlike in GaN, which due to the ionic
nature of bonds is more restricted in the choice of bond lengths and angles. Therefore,
one might expect to see additional SUs in metallic bonds than in ionic bonded GaN.
Quantifying the energy of [0001] tilt GBs in GaN, Chen et al. discussed that two types
of interfaces should exist in the CSL GBs of wurtzite structure. The edge and the long
body diagonal of the CSL unit cell result in lowest GB energy. The resulting delimiting
GB structures were shown to have an energy minima, as shown in Fig. 2.14.

Moving a step ahead from the conventional 2-dimensional SUM, the 3-dimensional
GB structure of ZnO was recently investigated [230]. A 24◦ [0001] tilt GB that is
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Figure 2.13 Atomic configuration of Σ13 symmetric tilt GB in ZnO. a) HAADF-STEM
image, b) stable structure from first-principles. Taken from [231].

Figure 2.14 The structural units made of 5,7- atom rings that make the [0001] wurtzite tilt
GBs exhibit two pronounced minima at rotation angles corresponding to Σ7 and 13. Taken
from [234].
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Figure 2.15 The structural units made of 5,7- atom rings that make the [0001] wurtzite tilt
GBs exhibit two pronounced minima at rotation angles corresponding to Σ7 and 13. Taken
from [234].

3.8◦ away from the exact Σ13 CSL misorientation was shown to have structural units
similar to the 5,7-atom units reported earlier, as seen in Fig. 2.15. The octagons and
hexagons seen in the 2-dimensional projection were shown to be capped trigonal prisms
and octahedra, respectively in 3-dimensions.

Striking similarities can be observed in the SUs observed in ZnO, GaN (ionic bond)
and Ti (metallic bond) when comparing [232] and [230] with the present work. The
same is discussed in greater detail in Section 4.3, where we observe the same 8-, 4-
coordinated SUs in Σ13 GB in pure Ti.

2.5 Characterization

Materials characterization involves many techniques that are used for the determination
of correlation between microstructure and properties of any material. The order of size
scale when defining microstructure can vary from millimeters down to atomic scale.
The properties that the microstructure is in turn associated with can be anything from
mechanical properties like strength and toughness to other functional properties such
as resistivity and thermal capacity. In this thesis, the foundation for microstructure
determination of hcp GBs at atomic scale is established, although no specific property
of the GB is measured. Linking the observed structure to GB properties is the evident
next step.
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2.5.1 X-Ray diffraction

X-Ray diffraction is one of the earliest known and widely used techniques for studying
the crystal structure and macrotexture of materials [235]. Following the Bragg’s law,
when a crystalline material having interplanar spacing of the order of wavelength of a
monochromatic X-ray beam diffraction takes place at specific Bragg angles. An X-ray
detector can be scanned across a range of angles to determine the position of diffracted
beam. A plot of intensity of the diffracted beam against detector scanning angles can be
used to determine important details of our material like the crystal structure, lattice
parameters, grain size, residual stresses, texture and phase fractions in multi-phase
material [236].

2.5.2 Thin film resistivity measurement

Surface resistivity or thin film resistivity is the material’s inherent resistance against
flow of electricity. With the increasing use of thin films for microelectronics, their
resistivity is of fundamental interest. When a desired current is passed between two
points, based on the resistivity of the material, there is a certain voltage drop. In
principle, by measuring the drop in voltage, resistivity of material can be measured
[237, 238]. However, when only using two contact points, the resistivity of the contact
points adds in series with the resistivity of the material being measured. Therefore,
about 100 years ago, four probe resistivity measurement was introduced where four
instead of two contact points are used [239]. The probes can be positioned across a
certain region of interest (ROI) to measure the resistivity across the contacts. The
current passes through the two outer probes and a voltmeter is used to measure the
potential between the two inner probes [240]. The sheet resistivity (ρ) is given by the
following equation:

ρ =
π

ln2
× V

I
(2.7)

where V and I are the voltage and current. Conventional four-probe measurement
methods for thin films involve probes that are placed few millimeters away that is
comparable to the overall film dimensions. Several correction factors have been pro-
posed to include the film thickness and the semi-infinite nature of the wafers [239,
241].

2.5.3 Scanning electron microscopy

A scanning electron microscope (SEM) is a versatile tool mainly used to observe the
microstructure of a material at submicrometer length scales. An electron beam is
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Figure 2.16 Overview of the interaction volume of the incident electron beam with a crys-
talline sample in an SEM. Adapted from [242].

rastered over the sample surface and a host of detectors collect the generated signal
of interest pixel by pixel. The four principle components of an SEM are the electron
source, the electromagnetic lenses, a specimen chamber and various detectors.

A beam of electrons can be generated by heating a pointed tungsten needle or an
LaB6 crystal such that the electrons have enough energy to escape the surface. As the
generation of electrons is caused by heat, it is called a thermionic source. More recently,
field emission sources (FEGs) have been developed in which a strong electrostatic field
is applied in the vicinity of a tip made of tungsten wire. The quantum mechanical
tunneling due to the applied electric field allows the electrons to escape the sharpened
tip. Although expensive, FEGs are preferred because of their higher brightness and
stability, among other advantages.

A positively charged anode accelerates the electrons towards a set of electromagnetic
lenses that are used to form a fine probe. The lenses are simply coils through which
variable current can be passed to control the generated magnetic field. The electrons
first encounter a condenser lens whose role is to define the probe size and probe current.
The beam then passes through a set of scan coils that are responsible for the x and
y positioning of the probe in the plane of field of view. The objective lens can be
considered to control the z position, i.e. the focal point of the electron probe. The
stage containing the sample to be studied can be moved along all three axes so that
the ROI lies on the focal plane the electron probe.

The interaction of an electron beam generates an array of signals that are used to
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study various properties of the material. Fig. 2.16 shows the volume of interaction and
the signals generated. The backscattered electrons (BSE) give a Z-contrast because
heavier atoms are more likely to backscatter the incoming beam. The surface and to-
pography information is acquired from the SE because they are generated from the very
top part of the sample and the shadowed regions help to understand the topography
better. Characteristic X-rays generated by various elements can be used to quantify the
chemical composition of the material. SEs are captured using the Everhart-Thornley
detector, which basically converts incoming electrons to photons that are guided into
a photomultiplier tube to be converted back into electrons. They are finally amplified
and displayed in terms of the difference in intensity between the probe positions. SEs
have a low energy of ∼50eV; therefore, only the signal from the surface is obtained.
The BSE are detected using a silicon diode detector that is placed near the pole-piece.
Their energy is about the same as the incoming beam energy. When they strike the
p-n junction, they generate electron-hole pairs. The number of such pairs determines
the amount of current generated. Similar semiconductor-based detectors are used to
count the number of x-ray photons.

Electron backscatter diffraction

The electron backscatter diffraction (EBSD) is a highly used technique for the diffraction-
based analysis of bulk samples. Materials that are crystalline in nature diffract the
backscattered electrons. The Bragg scattering of diffracted beams result in a diffrac-
tion pattern that is characteristic of the atomic planes and their spacing from which
the diffraction occurs. To capture these patterns, a phosphor coated electron detector
is placed a few mm away from the sample that is held facing the detector at a 70◦ angle
to the incoming beam. The interference lines obtained are called Kikuchi lines, and
the pattern is called a Kikuchi pattern. The angle and spacing between the lines can
be used to find the lattice parameters and the grain orientation. The pattern analysis
is carried out using software like TSL-OIM, where rich dataset like grain size measure-
ment, misorientation distribution, texture maps, pole figures and partitions based on
phase distribution can be produced. Using modern day detectors, thousands of such
patterns can be acquired and indexed simultaneously within few seconds. A spatial
resolution of a few tens of nanometres and an angular resolution of <∼0.5◦ can be
routinely obtained [243]. In terms of phase analysis and lattice parameter calculation,
EBSD provides better spatial resolution than XRD.
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2.5.4 Focused ion beam

A focused ion beam (FIB) can be thought of as a combination of SEM and sputtering
discussed in the previous section. A FIB consists of an ion source, an electromagnetic
lens system and a stage for sample displacement. Most modern-day FIB machines
are available as dual-beam equipment with both an electron and an ion beam column,
making it feasible to simultaneously observe the milled region from two different view-
ing angles. A focused beam of ions using electromagnetic lenses can be focused at the
desired position to sputter away the atoms. The binding energy of the target material,
the acceleration voltage and the mass of the ions determine the sputter yield. The
most widely used ion sources are argon, gallium, and xenon [244]. Due to its relatively
low atomic mass, argon milling is used only for fine-scale polishing of surfaces at an
acceleration voltage of 1-3 keV. Ga+ FIB is the most widely used FIB in the semi-
conductor industry and for the preparation of TEM / APT samples. A liquid metal
ion source holds the ions (Ga) that are supplied to a sharp tungsten tip when heated.
The ions are accelerated using a 5 to 30 keV potential. Higher voltages are used for
coarser milling and lower voltage for fine milling and smooth surface finish. A FIB
also contains a gas delivery system that is used in conjunction with the ion beam to
site-specifically deposit thin protective metallic films using chemical vapor deposition
methods. Organometallic gases of metals such as tungsten or platinum are released by
means of an inlet capillary about 100 µm above the sample which is adsorbed on the
surface. The gas molecules decompose and accumulate when the ion beam interacts
with it. The micromanipulator is another essential component of an FIB to attach
and move around the sliced specimen wedges during the sample preparation. Detailed
procedures for using FIB to prepare the TEM sample are well documented in [245, 246].

It is essential to take care of the milling angles and the accelerating voltage used
to minimize the damaged or amorphous layer on the sample. A final thickness of upto
10 nm is achievable based on the material being milled. For metallic samples, obtain-
ing such thin samples is often challenging because of bending at higher voltages and
amorphization when milled at lower voltages for a long time. Defect density, residual
stresses, and binding energy are some of the parameters that can greatly influence the
final steps of fine milling to obtain ultra-thin samples for advanced microscopy analysis
[247].
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2.5.5 Transmission electron microscopy

Transmission electron microscopy is a microscopy technique where a beam of electrons
interacts with a thin sample and transmits with a wealth of information about the
sample. The versatility of the instrument can be understood from the fact that a
TEM can be seen in perhaps every research lab that deals with the length scale lower
than a micron, may it be biology and life sciences or condensed matter studies such as
material science and geology. To let the electrons transmit through the sample, TEM
demands special sample preparation techniques. TEM samples have to be thinned
down to <100 nm. This requires the use of special sample preparation techniques that
have been extensively discussed in the literature [248].

A microscope is a device that transfers information from the sample to a screen or
recording device. When a high energy electron beam interacts with the sample, because
of its small wavelength, it interacts with the atomic potentials of crystalline materials.
When the right set of objective and condenser lenses are used in combination with
the specially designed aberration correctors, atomic level information can be obtained.
Additionally, TEM also provides the access to information in the reciprocal space [249].

A wide array of signals are obtained when an electron beam shines on a crystalline
sample. In a TEM, the majority of the electrons go through the sample without any
deviation in their path or change in energy. This is called forward scattered or direct
beam. Although these electrons seemingly do not carry any information, they are
necessary to generate contrast. A small fraction of them incoming beam is elastically
scattered to specific angles, which are given by Bragg’s law. The angle depends on
the energy of the electrons and the lattice spacing of the crystal and is often less than
1◦ in metals studied in a TEM. The direct and the diffracted beams can be imaged
in the back-focal plane and can be used to find out the crystal structure and lattice
parameters. The term coherency refers to the wave nature of the electron beam. If the
waves are in phase, they are coherent; otherwise, they are incoherent. If an electron
looses energy, i:e if there is an inelastic scattering event, the beam is mostly incoherent.
When the interaction is elastic, the beam is mostly coherent and becomes incoherent
at larger angles [248].

Contrast is perceived when there is a change in the intensity between any two
pixels of the image. There are two main contrast-forming mechanisms in a TEM,
mass-thickness contrast and diffraction contrast. The mass-thickness contrast, as the
name suggests, can arise due to the difference in the mass or thickness of the sample
at different regions or because the two regions diffract the incoming beam differently.
When the sample is imaged using only the direct beam and the diffracted beam is
blocked by an aperture, it is called a bright field image. On the contrary, when the
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direct beam is blocked to image using a diffracted beam, it is called a dark field image.
If both the direct beam and the diffracted beam form the image phase contrast is
obtained. The physics of image formation and an extensive description of all the
methods used in TEM is well documented in many textbooks [248, 250].

High-resolution transmission electron microscopy

When a plane wave interacts with the sample, it undergoes certain phase shifts. By
the interference of the direct beam and the phase-shifted beam, we should be able to
obtain the information about the sample that causes the phase shift. This requires
that we remove the aperture on the sample plane and allow both direct and diffracted
beams to form the image. However, it is physically not possible to perceive the changes
in phase by imaging because the detector only registers the amplitude and the phase
shift information is lost [248]. For a weak phase object, there is only a minor change in
the phase of the electron beam, however the amplitude remains unaffected. The point
at which the first contrast reversal occurs is called the Scherzer point resolution. By
tuning the microscope to certain (de-)focus called the ’Scherzer defocus’, based on the
spherical aberration and the wavelength of the electron beam, the resolution can be
pushed to the point resolution of the microscope.

dSch = c× C1/4
s × λ3/4 (2.8)

where Cs is the spherical aberration coefficient and λ is the wavelength. For a weak
phase object, working in the Scherzer focus facilitates the transmission of a wide range
of spatial frequencies with consistent contrast and allows for an unambiguous interpre-
tation of the image [251]. The information limit, that is mainly defined by the chromatic
aberration, is a popular criterion used to define the resolution of a microscope. It is the
inverse of the maximum spatial object frequency that is linearly transmitted with suf-
ficient intensity from the exit plane of the object to the image plane and is limited due
to partial temporal coherence [252]. In an ideal microscope the point resolution must
be as good as the information limit. This can now be achieved because of the develop-
ment of aberration correctors. To interpret the phase contrast images, it is necessary
that the user is able to simulate them by using the same aberration values, defocus,
and other instrument parameters. The interference is highly sensitive to the thickness
of the sample and the instrument parameters. Therefore, it is a common practice to
obtain a focal-series and to also simulate the images with varying defocus to be able
to interpret the contrast in HRTEM images. Further details on these techniques can
be found in textbooks [253, 254].
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2.5.6 Scanning transmission electron microscopy

A scanning transmission electron microscope (STEM) routinely allows imaging at sub-
angstrom-level precision for the localisation of atomic units [255]. The majority of
the work in this thesis was performed with an aberration-corrected STEM. Beyond
imaging, STEM is proving to be a full laboratory in and of itself, with a plethora of
conceivable signals that could be acquired simultaneously and the ability to conduct
multiple in-situ experiments. A great account of the history and development of STEM
can be found in [256].

Figure 2.17 A schematic ray diagram showing the equivalence between STEM and TEM
according to the principle of reciprocity. Redrawn from [255].

Fig. 2.17 shows the principle of reciprocity in a TEM and STEM. When only elastic
electrons are considered, their path is time-reversible, that means that the electron’s
path is the same in both directions. In other words, the electron source and the detec-
tor could be switched, and the electron path would remain the same. The TEM and
STEM are basically examples of these two paths. In TEM, the plane wave interacting
with the sample is magnified to the detector, whereas in STEM, the source is demag-
nified to make the image of a small probe on the sample. Therefore, the concepts for
image formation from TEM can be translated into STEM [249]. In contrast to TEM,
one advantage of STEM is that all of the crucial optics are located above the sample,
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allowing for a wide range of detectors to be used beneath the sample. Incoherent imag-
ing was theoretically expected to result in a better resolution than coherent imaging.
By increasing the size of objective aperture, (HRTEM-like) phase contrast imaging
can be performed by using BF-STEM detector. The BF image in STEM is the same
as an HRTEM image, because they are both phase-contrast images. Furthermore, by
using an annular BF detector the interference between the diffracted discs can also
be captured. Therefore, the size of objective aperture determines the resolution of
STEM. However, it should be remembered that the aperture is used to keep the highly
aberrated rays away, and this limits the resolution [255].

As shown in Fig. 2.18, STEM often contains a range of retractable detectors are
commonly used, starting from a BF detector to capture the forward scattered beam to
HAADF detector to obtain Z-contrast, and other intermediate angle detectors. STEM
signal strongly varies with the changing collection angle. For this, apart from using
multiple detectors, the camera length and the convergence angle can be modified.
More recently, pixelated detectors have been used where the entire back-focal plane
is captured using individual pixels that have a very high dynamic range allowing for
annular detectors of any desired range of collection angles to be made virtually once
the data are acquired.

The most popular imaging method in STEM is to use an annular dark field detec-
tor. Here, the elastically scattered electrons that are incoherent at angles higher than
∼75mrad (4.3◦) are used to form the images [257]. At such high angles, the contri-
bution of coherent part of the beam in image formation can be neglected. For a thin
sample, the imaging is not dependent on the objective lens’s strength, therefore the
issues encountered with HRTEM that necessitate image simulation are avoided.

If we assume the interaction of an electron beam with a single scattering centre,
there exists a smooth angular distribution of the elastic and inelastic scattering. How-
ever, in real crystalline materials, diffraction disturbs such uniform angular distribution
and makes it not feasible to interpret the contrast. This understanding led to the real-
ization that increasing the inner angle of an annular detector to reduce the contribution
on diffraction contrast in the image formation [258]. The elastic scattering cross-section
of elements increases with the increasing Z-number. Therefore, if a detector could de-
tect the elastically scattered electrons, the obtained signal would contain the Z-number
information in it. At lower angles due to the additional strong diffraction contrast, the
Z-contrast cannot be interpreted. However, at higher diffraction angles, only the in-
coherent elastically scattered electrons contribute to the image resulting in Z-contrast.
In fact, when using a high angle annular dark field (HAADF) detector, there exists a
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Figure 2.18 An overview showing the relative position of high-angle annular dark field
(HAADF), annular dark field (ADF), annular bright field (ABF) and bright field (BF) detec-
tors in a STEM.

near-Z2 dependence to the image contrast [258]. The Z2 dependence on atomic resolu-
tion is observed in both thick and thin specimens [259]. In reality, since the nucleus is
partially shielded by the electron cloud, the exponent is between 1.6 and 1.9 (smaller
than 2) [260].

Coherent and incoherent imaging

Much of the early high-resolution work was performed using TEM. To analyse HRTEM
images, we require rigorous simulations that involve knowledge of the microscope pa-
rameters and the sample. This problem is avoided in HAADF-STEM, as the image
contrast can be more readily inferred. The same can be understood mathematically in
the following way: Suppose that an electron plane wave interacts with the sample in a
STEM. If an object is sufficiently thin, we can assume that there is only one scattering
event. This is known as weak phase object approximation. The object is such a case
can be represented by a transmission function. When the incoming plane wave of a
unit amplitude interacts with a weak phase object, it undergoes a pure phase shift of
ϕ(R).

ϕ(R) = eiσV (R) (2.9)
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where σ is the interaction constant, V is the projected potential of the sample and R is
the two dimensional position vector of the specimen. The exponential can be expanded
to give

ϕ(R) = 1 + iσV (R) (2.10)

the sum of the incident wave and the wave that is scattered by 90◦ out-of-phase. The
same can also be represented in the reciprocal space by a Fourier transformation.

ϕ(K) = δ(0) + iσV (K) (2.11)

With the optimum choice of defocus, we can obtain:

ϕ(K) = δ(0)− σV (K) (2.12)

Since this is expressed in reciprocal space, we can perform a Fourier transform to switch
back to the real space and obtain the image amplitude, which is given as:

ϕ(R) = 1− σV (R) (2.13)

Finally, by squaring the amplitude, we obtain the intensity in a bright field image.

IBF (R) = 1− 2σV (R) (2.14)

On the other hand, the intensity in a dark field image can be obtained by excluding the
transmitted beam from the total scattering. Therefore, the dark field image intensity
is given by:

IDF (R) = [σV (R)]2 (2.15)

Instead of weak phase object approximation, if we consider the complete equation, we
can show the phase change to be:

ϕ(K) = eiσV (K) × e−iχ(K) (2.16)

where χ(K) is the function determining the aberrations.

χ(K) = π(δf × λ×K2 +
1

2
× Cs × λ3 ×K4) (2.17)

where Cs is the spherical aberration coefficient, which is most dominant. If the defocus
(δf) is chosen such that there is an additional 90◦ phase shift, then the diffracted beam
can interfere with the (unscattered) forward scattered beam. The Fourier transform of
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the phase changes due to lens aberrations is called the probe amplitude distribution
P(R). Therefore, FT[e−iχ(K)] = P(R). From Eq. (2.16), the intensity of the BF STEM
image at any probe position R is given as:

IBF (R) = |ϕ(R)⊛ P (R)|2 (2.18)

All throughout this derivation, we simply take a Fourier transform to switch between
the real-space and reciprocal space. This is valid because the information in the back-
focal plane is same as the information in the real-space when expressed in the frequency
domain. The features that are closer in real space and hence more frequent and father
apart in frequency/ reciprocal space and vice versa. We can see from the Eq. (2.18)
that the BF image intensity is the square of convolution, which is the reason that BF
images can have a contrast reversal based on the defocus conditions.

On the other hand, theoretical calculations of DF STEM imaging show no contrast
reversals in a through-focus series and no discernible influence of collection angles on
the image contrast [261]. For an annular DF detector, assuming that all scattering
angles are collected, we obtain the fundamental equation of incoherent imaging.

I(R0) = |ϕ(R0)|2 ⊛ |P (R0)|2 (2.19)

where R0 are the coordinates of the probe position on the sample. We can see that for
an annular DF STEM image, the image intensity is the convolution of the intensities,
and not the amplitude of phase changes due to the sample and lenses. From Eq. (2.18)
and Eq. (2.19), we can deduce that the BF imaging is coherent and the DF imaging is
incoherent. Further detailed discussion of the same can be found in [249].

Instead of using the weak phase object approximation, a thicker crystalline sample
can be represented using a Bloch wave. A Bloch wave is a wave function for a par-
ticle having certain potential repeating periodically. The 1s Bloch state peaks near
the atomic columns, while the 2s or other Bloch states peak in the middle of atomic
columns. The fact that high-angle Rutherford scattering is generated only extremely
close to the atomic nuclei means that the interference between different Bloch states
does not influence the image intensity. For a HAADF detector it is as if only the 1s
state was present in the specimen [249]. This is the key to the incoherence in ADF
images [262].

Although the incoherent images are directly interpretable and change little with
change in focus, simulations are needed to obtain any quantitative information. How-
ever, one of the most persistent issues with HRSTEM image simulations is that they
have a threefold higher contrast than the experimental images. This is called as Stobbs
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factor. To account for the interaction between the electron and phonon, frozen phonon
approximation was introduced. The basic premise is based on a relatively traditional
description in which each electron sees a distinct configuration of displaced atoms,
and the atoms are perceived as frozen since the time of interaction between electron
and object is significantly longer than the time of the atom’s period of vibration [263].
However, recently the quantum excitation of phonons model has been introduced which
predicts that the Z-contrast imaging is based on the inelastic scattering associated with
phonon excitations, not consistent with the frozen phonon model which assumes elastic
scattering from different configurations of the atoms in the specimen [264].

The spacial origin of the signal in image cannot be directly attributed to a specific
region in the sample, because of the geometric beam spreading and the elastic and
inelastic beam spreading as the beam travels through the specimen. Multiple atomic
columns can contribute to the image signal, often referred to as ’cross-talk’. The
specimen orientation, the crystal structure and the shape of incoming electron wave
field can all modify the amount of ’cross-talk’ making it harder to simulate [265].

Aberration correction

If the electromagnetic lenses were perfect, the achievable resolution would be limited
by diffraction. However, it is well-known that the lenses in an electron microscope
are far from perfect. The resolving power of a (S)TEM is limited by spherical aber-
rations, astigmatism, coma, distortion, other higher-order geometric aberrations, and
chromatic aberrations. Many authors have provided a succinct description of aberra-
tions in an electron microscope [248, 266]. The advent of aberration correctors, and
with increased stability of the electron source, a bright coherent probe of few tens
of picometer diameter has been achieved, making atomic resolution in STEM imaging
routine. Theoretical understanding of how aberrations affected microscopy and ways to
eliminate them has existed since the 1950s. However, it took many decades of research
to build them, and few key elements that led to the breakthrough of the development
of aberration correctors simply being the availability of stable electronics, the develop-
ment of CCD detectors, and computers to analyse the data. Rose [267] and Krivanek
[268] have written a detailed account of the history of the development of aberration
correctors for STEM.

A whole zoo of possible axial geometric aberrations are classified from the 0th or-
der to the nth order. The higher the order, the more complicated is the shape of the
plane wave and therefore the more difficult it is correct it. The ’tools’ used to correct
these complicated aberrations are just round lenses and multipoles. Dipoles and weak
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quadrupoles are already part of uncorrected microscopes. In the correctors, a combi-
nation of either sextupoles or quadrupole-octupoles is used. Although a sextupole (or
any multipole) working on its own cannot correct enough aberrations, a combination
of them results in additional aberrations, which are then effectively used to nullify the
actual aberrations. Exact details of how the real-time aberration measurement works
and how the combination of multipoles are used for correction are mentioned in [268,
269].

Beyond our ability to obtain sub-angstrom level imaging, aberration correction has
also improved the attainable levels of contrast for elements with low atomic numbers,
like imaging oxygen in BF STEM. The increased probe current also facilitates the ac-
quisition of electron energy loss spectra even from single atoms [270, 271]. Similarly, an
increase in the probe current has also lowered the detection limits for energy dispersive
X-ray spectroscopy [249].

Energy dispersive X-ray spectroscopy

X-rays are photons having a small wavelength (10−8 –10−12 m) and high-energy. X-rays
are generated when an energetic beam of radiation or particles collide with a target
material. The generated X-rays can be divided into two categories. a) White radiation/
’Bremsstrahlung’, b) Characteristic X-rays [272]. The white radiation is emitted due to
the rapid deceleration of the incoming beam when interacting with the target. The loss
of kinetic energy is converted into radiation and leads to a continuous spectrum. The
X-rays of greater interest to us are the characteristic X-ray peaks that when emitted
by an element can be used to chemically characterize materials. Characteristic X-rays
are generated in a two step process. First, an electron from the inner shells of an atom
is removed upon collision with an incoming electron. Second, an outer electron looses
energy to fill the inner shell. The difference between the higher and the lower energy
level is the energy of the emitted X-ray. Depending on the material, such an X-ray
has a characteristic energy value and is commonly used for analytical microscopy. The
nomenclature of the characteristic X-rays depend on which shell the X-ray is emitted
from. The innermost shell is called K, the second innermost L, and so on. The shell
that fills the generated vacancy is shown in Greek letters. If the electron transitions
from L to K, the X-ray is called K-α, the transition from M to K is called K-β and so
on [248].

The interaction of electron probe with a TEM sample also generates X-rays. Silicon
drift detectors (SDDs) are used to directly detect the X-rays with a short dead time,
low noise, and without the liquid N2 cooling required for the old Si(Li) detectors.
Details on the working principle and the latest developments in SDDs are discussed
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in [248, 266, 273]. The strong interaction and inelastic scattering can lead to sample
getting damaged. Therefore, it is in our best interest to increase the collection efficiency
and reduce the acquisition time. Therefore, an X-ray detector is placed in the close
vicinity of the sample (next to the pole piece) to maximize the collection of X-rays.
The collection efficiency is best represented by using the solid angle (Ω). In an ideal
but impossible case, the entire sample would be surrounded by the detector, giving
100% collection efficiency (4π sr). Obviously, we need a finite volume for the incoming
electron beam, for the pole pieces, and the shadow region of the sample holder. In
recent years, the solid angle of the X-ray detectors has risen to nearly 4.5 Sr with race
track-like detectors, up from 0.2 Sr with a single detector [274]. The high probe currents
provided by FEG sources have also helped in reducing the acquisition time. However,
because of the lower angular distribution, higher sensitivity for the light elements, and
depth of other information, electron energy loss spectroscopy (EELS) is many times
the preferred analytical microscopy choice.

The spacial resolution of X-ray analysis is mainly limited by the incident probe
dimension and the interaction volume [275]. The probe size is mainly determined by
the probe diameter at the source and the aberrations. Aberration correctors combined
with cold-FEGs have therefore allowed for much improved spacial resolution in X-
ray analysis. The interaction volume is determined by the thickness of the sample
and the orientation. If the sample is oriented in a low-index zone axis, due to the
channelling conditions, the beam does not spread. However, away from the zone axis,
the interaction volume steeply rises for increasing sample thickness [276]. Examining
the GB segregation of Zr in Ni crystal, spatial resolution of 0.4-0.6 nm has been reported
[277]. However, quantification of composition was noted to be challenging due to the
abnormal X-ray emission under channeling conditions. To process the large data sets,
multivariate statistical analysis like principal component analysis (PCA) is becoming
increasingly popular. PCA involves finding out the minimum number of variables
needed to describe the data to reduce the dimensionality. This allows to highlight
regions having large deviation from the average, such as segregation to GBs [278].
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Experimental Details

3.1 Thin film depositions

e-beam deposition

Ti pellets (99.995%, 1/4”dia.) were purchased from Kurt J. Lesker Company to be
used as the target. The films were deposited in a BesTeck PVD cluster (Marolles-en-
Hurepoix, France) on NaCl (100), SiNx on silicon (100) and sapphire C-plane (0002),
C-plane with a 2◦ miscut along [112̄0], sapphire A-plane (112̄0) and R-plane (11̄02)

substrates. SiNx and sapphire substrates were obtained from Siegert Wafer GmbH.
Amorphous SiNx is a typical diffusion barrier in microelectronic devices for seed and
metallization layers, and thus the growth and microstructure evolution of Ti thin films
is of basic interest [279]. In the SiNx substrate, the 50 nm nitride layer on the Si
(100) substrate acts as a diffusion barrier and prevents the reaction of Si with Ti at
higher temperatures. The SiNx substrate was heated to 500◦C for 30 min before the
deposition to clear off adsorbates and improve film adhesion. The substrate was then
cooled down to 200◦C for deposition. The NaCl substrate was cleaved in air right before
the deposition to obtain clean (100) surface planes. Sapphire wafers were one side epi-
polished having a surface roughness of ≤ 0.3 nm. These substrates were used in the as-
received state with no additional surface treatments required. The deposition chamber
was pumped down to 2 × 10−8 mbar for all the depositions. The substrate to target
distance was ∼250 mm. The e-beam current was tuned to the values ranging from 50 to
150 mA, which was calibrated using a quartz microbalance and constantly monitored
during the deposition. To double-check the calibration, the effective deposition rate
was calculated post-deposition using film thickness and deposition duration.
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Direct current magnetron sputtering

Thin films of Ti were deposited onto 10 × 10 mm2 SrTiO3 (001) substrates (Crys-
tal GmbH, Germany) using pulsed magnetron sputtering in a commercial deposition
system (Ceme Con AG CC 800-9). A rectangular 500 × 88 × 10 mm3 Ti target of
above 99 wt.% nominal purity (grade 2) with 0.2 wt.% Fe (0.17 at.%), 0.18 wt.% O
(0.54 at.%) and 0.1 wt.%C (0.54 at.%) as a major impurity was positioned at a distance
of 10 cm to the substrate holder. The base pressure was 2.2 × 10−6 mbar and increased
to 3 × 10−6 mbar after heating the substrate to 600◦C using radiation heaters. Dur-
ing deposition, an Ar flow rate was set to 200 sccm leading to a working pressure of
approximately 3.8 × 10−4 mbar. A Melec SIPP2000USB-16-500-5 power supply was
used and the substrates were at floating potential. Four different deposition conditions
are discussed in the following article. The first film was deposited using direct current
magnetron sputtering (dcMS) with 250 W power for 2.5 h where a deposition rate of
1.33 Å/s was obtained. The pulsing unit was not used in this deposition.

Pulsed magnetron sputtering

For the subsequent three films, pulsed magnetron sputtering was used. In pulsed
magnetron sputtering, the conventional sputtering source is used in a pulsing mode
with a predetermined pulse duration ranging from 1 µs to 1 s to increase the current
density. This additional degree of freedom to adjust the pulse duration can be used
to tailor desired microstructures [280, 281]. The target voltage and current variation
during a single pulse is shown in Fig. 3.1.

The time average power was set to 1500 W with a pulse duration of ton/toff of
200/1800 µs. This led to the peak current (Iion) of 40 A resulting in a dense film and a
peak target power density of 46 W cm−2. The three films were grown under identical
conditions by keeping all the film deposition parameters unchanged but changing the
post-deposition annealing duration between 2h, 4h and 8h at 600◦C to investigate its
influence on the film microstructure, texture and grain size. The annealing was per-
formed immediately post turning off the plasma without breaking the vacuum because
Ti is known to be highly prone to oxidation. With a deposition rate of about 8.3 Å/s,
a film thickness of 1.5 µm was obtained in ∼30 min. The venting temperature was
always <70◦ to reduce surface oxidation [282].
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Figure 3.1 Evolution of the target voltage and current during a single cycle of pulsed mag-
netron sputtering. A strong voltage overshoot is observed during ignition followed by a steady
state of voltage for 200 µs resulting in a peak target power of 20 kW and peak target power
density of 46 W cm−2. The pulse period was 2 ms.

3.2 Material characterization

At the heart of material science and is the structure-property correlation of materials.
This thesis lays specific emphasis on the structure determination of hcp GBs. This
section provides a brief overview of the parameters employed when using the various
characterisation tools based on the length scale to be probed. The preliminary investi-
gation was carried out using a light optical microscope to check for any cracks/ defects
on the surface. Subsequently, orientation of all grains was mapped using EBSD in an
SEM. The GBs of interest were site-specially lifted-out using Ga+ FIB and thinned to
electron transparency. Aberration corrected TEM and STEM were thereby used for
the advanced characterization.

X-ray diffraction

Before applying techniques based on electron microscopy for a more thorough exam-
ination, XRD was employed to take a broad sampling of the microstructure. XRD
was primarily employed for texture analysis and phase analysis. A Huber 4 circle
goniometer-equipped Seifert ID3003 diffractometer was utilized to conduct XRD to
determine the overall film microstructure. Two sources of X-rays were used, Cu–Kα

with a wavelength of 1.54 Åand Co–Kα with a wavelength of 1.78 Å. The purity of the
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films was checked, and the macro-texture was measured, using a scintillation detector.
XRD was performed for a 2θ range of 30 to 90◦ with a point focused beam of 1 × 3
mm in diameter. Grazing incidence XRD (GIXRD) was used with a 1◦ incidence angle
to avoid diffraction from the single crystal substrates.

SEM and EBSD

SEM imaging and EBSD is extensively used throughout this thesis. All the SEM
experiments were performed on Thermo Fischer Scientific Scios 2 HiVac which is a
dual beam instrument with an electron gun and an Ar-ion beam. The SEM chamber is
sufficiently large that multiple detectors including EBSD and EDS can be inserted in-
situ based on the sample dimensions. SEM imaging of the surface of the thin films was
performed using an e-beam of 0.5–7 nA current and 5–30kV potential to get a coarse
outlook of the grain size, grain distribution and film surface roughness. A working
distance of 4 mm was used for imaging.

For EBSD measurements, the angle between the sample and the detector was held
at 70◦ by tilting the sample stage appropriately. The distance between the sample and
the pole piece was ∼14 mm which could be adjusted such that the pattern center of the
EBSD signal was positioned at roughly the center of the detector. The beam current
and voltage were chosen based on the thickness of the film. A high voltage results in
a larger interaction volume. Therefore, to avoid any contribution to the patterns from
the substrate it was necessary to lower the voltage such that the film is thicker than
the interaction volume. For a 200 nm thick Ti film grown on Si and NaCl substrate,
20 kV potential was utilized. For the 1.5 µm thick Ti films on SrTiO3, even 30 kV could
be employed, but to generate a fine scan and small step size, 20 kV was used also for
the thicker films. Beam current of 13 nA resulted in patterns with very high contrast
and high signal to noise ratio. To resolve the patterns better, a background correction
routine was followed. This involved capturing multiple frames of EBSD patterns at a
low-magnification and averaging them out such that sufficient patterns are acquired
at once to obtain the background. This background is subtracted from every acquired
pattern followed by intensity normalisation to obtain better contrast and facilitate the
automatic detection of Kikuchi bands for more accurate pattern indexing. In case of
single crystalline films, there is evidently no need to capture any background as the
entire film surface is oriented in the same fashion. To obtain OR between the film
and the substrate, it is essential to take a note of the scanning direction when setting
up the experiment, unless some bare substrate is available (for example, by scratching
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on the surface). Typically the low-index direction in any substrate is marked with a
straight edge and scanning along the edge aids the OR determination.

Grain boundary plane determination

As the thesis mainly concerns with GBs and their structures, it is necessary to identify
all the GB parameters. In this section, we shortly recollect the method for finding out
the GB planes from the 2D projected images of the GBs. 3D-EBSD using FIB has been
used in the past to determine all the GB parameters, but it is a destructive technique
[283], and therefore the GB cannot be analyzed any further. Other methods include
using a stereographical technique wherein the 2D projected views of a large number of
GBs obtained using large-area EBSD scans are statistically analyzed. However, such a
method is not suitable for a specific GB but can only give an averaged out information
[284]. A trick to avoid the projection problem is to use GBs whose plane normals
lie on the surface of the plane. In other words, if all the grains grow only normal to
the surface, all GB normals lie on the surface. Therefore, just by observing the GB
projection on the surface plane, we can identify all the GB plane indices. We only need
the orientation of the grain to index the GB plane after confirming that the GBs are
vertical from the cross-section view. By drawing the tangential vector at the GB plane
of interest, the normal of the vector can be traced on the pole figure. Because the
GB plane is known to be vertical, the pole that lies on the outermost edge of the pole
figure is the GB plane index. The direction of the pole of any plane in the reciprocal
space is same as in a pole figure, therefore the FFT (reciprocal space) of the high-
resolution images can be used for the GB plane indexing in a dedicated STEM. In a
TEM, a diffraction pattern can be used for the same. Using this with a combination of
topological theory method described in Section 4.2.3, all the GB planes in Section 4.3
are identified.

Focused ion beam

As already mentioned above, the dual-beam SEM-FIB machine was used to prepare
samples required for TEM investigation. To find out the ORs between various films
and their respective substrates, conventional FIB lift-outs were performed. The con-
ventional procedure is a well-established technique and has been reported in detail
[245]. On the other hand, in-plane lift-out technique was deployed, the steps of which
have been pictorially elucidated in Fig. 3.2. The change of beam current and voltages
for various stages of sample preparation have been mention in Table 3.1. The beam
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current was gradually reduced in several steps starting from 1 nA at 30 kV for coarse
milling to eventually 27 pA at 5 kV for final polishing to obtain a thickness of <100 nm.

5 μm 5 μm

10 μm 40 μm

10 μm 25 μm

a) b)

c) d)

e) f)

Coarse milling of 
trenches

Free the bottom and 
insert manipulator needle

Attach needle and 
lift-out the wedge

Mill on top of an ‘M’ 
on the TEM-grid

Attach the wedge such 
that the surface plane 
is parallel to the grid

Final thinning

SE images of TEM sample 
lift-out process

Figure 3.2 The stages for preparing a plane-view sample using FIB are presented in chrono-
logical sequence.

Scanning transmission electron microscope

In Section 4.2, the BF/DF TEM imaging and diffraction pattern imaging was per-
formed in an FEI Titan Themis 80–300 (Thermo Fischer Scientific) TEM at an accel-
eration voltage of 300 keV. Selected area diffraction images were obtained by inserting
a ∼10 µm aperture. The HRTEM imaging was performed under negative Cs (-10 µm)
conditions. For STEM imaging and analytical experiments, a probe corrected STEM,
Titan Themis 80–300 (Thermo Fischer Scientific), was used at an acceleration voltage
of 300 kV. The semi-convergence angle of 23.8 mrad resulted in the collection angles
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Purpose Current Voltage
Pt deposition 0.5 nA 30 kV
Coarse milling of trenches 13 nA 30 kV
Coarse thinning
> 800 nm 1 nA 30 kV
> 400 nm 0.5 nA 30 kV
> 200 nm 0.1 nA 30 kV
Fine thinning
> 150 nm 50 pA 30 kV
> 100 nm 48 pA 5 kV
Polishing 27 pA 5 kV

Table 3.1 FIB parameters used for STEM sample preparation to obtain samples of the
thickness of <100 nm.

of 78-200 mrad and 38-77 mrad for the high-angle annular dark field (HAADF) and
the annular dark field (ADF) detectors, respectively, with a camera length of 100 mm.
To collect lower angular range on HAADF detector, the camera length was increased
upto 195 mrad or higher. By inserting a smaller condenser aperture, the convergence
angle can be lowered to 17 mrad, which results in a lower spatial resolution albeit a
more coherent and less aberrated beam. Due to the higher inelastic cross-section and
lower beam-damage, high-tension of 120 kV was used for EDS measurements. Thermo
Scientific ChemiSTEM Technology using four in-column Super-X detectors was used
with a beam current of ∼50 pA for the EDS analysis. These numbers are only an in-
dication of the acquisition parameters generally employed. The actual parameters for
each image are modified based on the sample thickness, the dimensions of the region
of interest, and other sample characteristics such as its beam sensitivity and cannot
be summarised at once. Therefore, the important parameters have been stated along-
side the figures in the following chapters, whenever deemed essential. After acquiring
many frames at a rapid scan rate, drift-corrected frame integration (DCFI) was used
for image acquisition using Thermo Scientific Velox software (version 2.8). Because it
increases the signal-to-noise ratio and lowers scan noise, this is favoured over a single
slow scan with a long acquisition period.

Atom probe tomography

Laser-pulsed atom probe tomography (APT) was performed in a LEAPTM 5108XR
(CAMECA) at a repetition rate of 200 kHz, a specimen temperature of about 50 K, a
pressure lower than 1× 10−10 Torr (1.33× 10−8 Pa) and a laser pulse energy of 20 pJ.
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The evaporation rate of the specimen was 5 atoms per 1000 pulses. Datasets were re-
constructed and analyzed with the AP Suite 6.1 software based on the voltage curves.

Using the results from APT, the interfacial excess was experimentally determined
by selecting a region of interest (ROI) across the interface where the solute is segre-
gated and plotting the so-called, ladder diagram. A ladder diagram is established by
taking the total number of atoms in the ordinate and the integral of solute atoms in
the abscissa. A linear fit within the concentration profile of the two grains can be
extrapolated to the Gibbs dividing surface (GB surface) to find the solute content in
both the grains, Na and Nb. Using this, the Gibbsian interfacial excess is calculated as:

Γexcess =
Nb −Na

(Detection efficiency × Area of ROI)
(3.1)

Additional details are described in [285]. The detection efficiency was 0.52.

3.3 Software

Apart from the software already mentioned with the instruments, there are few addi-
tional software that were used mainly for data analysis. XRD data was analysed using
a home-built Matlab package. TSL-OIM was used for all EBSD data reconstruction
and analysis. ImageJ was used for some quick image analysis [286]. Few figures were
made on Adobe Photoshop (CS 5.1). Several python packages which mainly include
’matplotlib’ [287] and ’hyperspy’ [288] were used for making most of the figures and for
analysis of STEM data. An effort was put to encourage the use of open source software
and FAIR data practice during the course of this work.
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Results

4.1 Ti thin film deposition using e-beam evaporation

This section is based on:

V. Devulapalli, H. Bishara, M. Ghidelli, G. Dehm, and C. H. Liebscher, Influence of
substrates and e-beam evaporation parameters on the microstructure of nanocrystalline
and epitaxially grown Ti thin films, Applied Surface Science vol. 562, pp. 150194, 2021

In the initial part of this work, we deposited Ti thin films on NaCl, silicon nitride
(SiNx) on Si (100), and sapphire substrates using e-beam evaporation. The Tdep was
varied from RT to 400◦C and the growth rate was altered between 0.25 Å/s to 2.5
Å/s. The film thicknesses were on the order of 100–300 nm. The microstructure
and orientation relationship (OR) between the film and substrate were studied using
electron backscatter diffraction (EBSD) and transmission electron microscopy (TEM).
The first section presents the textured nanocrystalline films obtained on SiNx and NaCl
substrates, followed by details of single-crystalline films obtained on sapphire. The
role of the substrate on the resulting microstructures and ORs is discussed. Electrical
resistivity measurements indicated a limited change of resistivity within the SC films
based on their thickness but a steep increase in the nanocrystalline film.

4.1.1 e-beam deposition parameters

The parameters tabulated in Table 4.1 were used for deposition of fourteen Ti thin
films using e-beam evaporation. A systematic change in the deposition rate, substrate
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temperature and film thickness was performed to find the influence of each of the
parameter on thin film growth.

4.1.2 Deposition on SiNx and NaCl

At a deposition rate of 2.5 Å/s, a 75 nm thick Ti film was deposited on SiNx substrate
heated to 200◦C. As seen in Fig. 4.1 using LOM, a film with silver-lustre, smooth
surface and with no visible cracks or porosity was obtained.

Figure 4.1 Light optical microscope image of Ti film deposited on SiNx substrate at 200◦C
at a deposition rate of 2.5 Å/s (sample #Si1) exhibiting crack and porosity free surface

The polycrystalline nature of the film is revealed by the presence of all diffraction
planes in the GIXRD data shown in red in Fig. 4.2. From the full width at half max-
imum (FWHM) of the most intense Ti peak and using the Scherrer equation [289],
the average crystallite size was estimated to be 20 to 30 nm along the surface normal
direction. The peaks were symmetrical with the 2θ peak positions coinciding with that
of bulk α-Ti [39], which indicates that global residual stresses in the film are negligible.
However, a preferred (101̄0) texture was observed.

To explain the observed texture, the total free energy of a thin film can be calculated
by the sum of the surface and strain energy [290] which the system tries to minimize
during deposition. The surface energy is determined by the coordination number or
atomic density of the respective lattice planes. In Ti, the (0002) plane has the lowest
surface energy (2.8 J/m2), followed by (101̄0) and (101̄1) (3.7 J/m2). Detailed ther-
modynamic calculations of the surface energy using their planar densities have been
reported earlier [116, 122]. The strain energy, on the other hand, is defined by the
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Table 4.1 List of deposited films using e-beam deposition with their deposition parameters.

Sample
No.

Substrate Deposition
temperature
(◦C)

Thickness
(nm)

Rate (Å/s) Microstructure

Si1 SiNx (100)
(50 nm)

200◦C 75 2.5 NC

N1 NaCl (100) RT 90 0.25 NC
N2 NaCl (100) RT 90 0.8 NC
N3 NaCl (100) 200◦C 75 2.5 NC
S1 Sapphire – C-

plane (0001)
RT 200 0.5 SC

S2* Sapphire – C-
plane (0001)

300◦C 200 0.7 SC

S3 Sapphire – C-
plane (0001)

RT 90 2.5 SC

S4 Sapphire – C-
2◦ miscut

RT 90 2.5 NC

S5 Sapphire – A-
plane (112̄0)

RT 90 2.5 NC

S6 Sapphire – R-
plane (11̄02)

RT 90 2.5 NC

S7 Sapphire – C-
plane (0001)

200◦C 300 2.5 SC

S8 Sapphire – C-
2◦ miscut

200◦C 300 2.5 SC

S9 Sapphire – A-
plane (112̄0)

200◦C 300 2.5 SC

S10 Sapphire – R-
plane (11̄02)

200◦C 300 2.5 NC

S11 Sapphire – C-
plane (0001)

400◦C 300 2.5 SC

S12 Sapphire – C-
2◦ miscut

400◦C 300 2.5 SC

S13 Sapphire – A-
plane (112̄0)

400◦C 300 2.5 SC

S14 Sapphire – R-
plane (11̄02)

400◦C 300 2.5 SC

1
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film’s strain and the anisotropy of elastic modulus [122]. The elastic anisotropy of Ti
results in a 30% lower elastic modulus for the [101̄0] than the [0002] direction [122].
As a result, a competing growth between (101̄0), (101̄1) and (0002) planes is observed,
resulting in the film’s overall free energy being minimized [99]. The lower strain energy
of the (101̄0) orientation seems to be responsible for the observed texture in the film
grown on SiNx.

Figure 4.2 Grazing-Incidence XRD (Cu-Kα source) of a 75 nm thick Ti thin film deposited
at 200◦C on SiNx (100) (sample #Si1) and NaCl (100) (sample #N3). Both films exhibit a
polycrystalline microstructure. The film deposited on SiNx shows a strong (101̄0) texture;
the film grown on NaCl a (101̄1) texture.

The film deposited on NaCl (100) under the same conditions (Tdep = 200◦C, Rate
= 2.5 Å/s, thickness = 75 nm), was observed using LOM to severely buckle, indicating
large residual compressive stresses in the film. The thermal expansion coefficient of
NaCl is an order of magnitude higher than Ti [291], which promotes the evolution of
large compressive stresses in the film upon cooling from Tdep to RT leading to buckling.
The GIXRD pattern shown in Fig. 4.2 confirms the polycrystalline nature of the film
albeit with a (101̄1) texture. The revealed texture matches well with that observed
by Campbell et al. [115]. This can be explained by the relatively low surface energy
of the (101̄1) plane, as discussed above, making it one of the favoured surface normal
planes. In addition, the (101̄1) orientation leads to lower lattice misfit than (0002)
orientation. NaCl has a lattice constant of 5.64 Å, and the Ti (101̄1) plane has a cell
size of 2.95 × 10.66 Å2. Simply based on the geometry, the misfit between the film and
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substrate can be calculated by superimposing the Ti (101̄1) plane on the NaCl (100)
plane. The OR leading to the lowest misfit can hence be calculated as:

δ = (1− df
ds

) (4.1)

where ds is the lattice spacing of the substrate, df the lattice spacing of the film
plane. The lowest misfit of 5.49 % is achieved for (101̄1)T i ∥ (001)NaCl when using the
domain matching epitaxy (DME) [292] with a 1/2 domain matching between Ti and
NaCl. This describes the (101̄1) texture that is observed.

In Fig. 4.3a, the cross-sectional bright-field TEM (BF-TEM) image of the film
grown on SiNx substrate confirms the nanocrystalline microstructure and the absence
of any chemical reaction or diffusion between the film and the substrate. The grain size
of 20 ± 5 nm is in the same range as estimated from the XRD data in the Fig. 4.2. The
corresponding diffraction pattern shown in Fig. 4.3b also verifies the film’s nanocrys-
talinity and hcp crystal structure.

Furthermore, for all films grown on NaCl, TEM was used to examine the nanocrys-
talline grain structure and to determine the impact of deposition rate and Tdep on the
film microstructure. Fig. 4.3c shows a representative plane view BF-TEM image of
sample #N1 (nanocrystalline film on NaCl at RT; deposition rate = 0.25 Å/s). The
grain size was measured by the line intercept method [293] to be ∼54 ± 13 nm. The film
adopts the α-Ti (hcp) structure as verified from the diffraction rings in Fig. 4.3d. Al-
though the film produced ring patterns, a preferred (101̄1) texture is observed, which
is identical to what the XRD revealed above. The surface diffusivity of condensing
Ti atoms on the substrate surface is considerably lower at RT compared to elevated
temperatures. According to the structural zone model, the lack of sufficient thermal
energy to activate surface diffusion of adatoms results in the formation of nanocrys-
talline grains at RT [111].

The BF-TEM images shown in Fig. 4.4a and Fig. 4.4c are taken from sample #N2
on NaCl (100) at RT; deposition rate = 0.8 Å/s) and sample #N3 on NaCl (100) at
200◦C; deposition rate = 2.5 Å/s) respectively. The average grain size of both films
was determined to be ∼31 ± 10 and ∼53 ± 18 nm, as shown in Table 4.2. At RT, The
grain size decreases from 54 ± 13 down to 31 ± 10 nm respectively for #N1 and #N2,
with increasing deposition rate. The smaller grain size is due to the increase in nucle-
ation rate. The increased nucleation events are a direct consequence of the lower mean
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Figure 4.3 TEM bright field image showing the microstructure of the Ti thin film deposited
a) at 200◦ C on SiNx substrate (cross section, sample #Si1) and c) at RT on NaCl (100)
substrate (plane view, sample #N1), with respective selected area diffraction patterns in b)
and d) verifying the nanocrystalline hcp α-Ti structure.
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free path due to the higher flux of sputtered species (atoms or small clusters) at higher
deposition rates [294, 295]. Moreover, since these depositions were performed at RT,
surface diffusion is severely limited. On the other hand, for sample #N3 (Fig. 4.4c),
the deposition was carried out at 200◦C resulting in a higher surface diffusivity and
leading to larger grain size. Assuming that the cleaved NaCl substrate surface played
an identical role in the film growth in all cases, the observations indicate that lowering
the deposition rate at RT and increasing the deposition rate at higher temperatures
leads to an increase in grain size for NaCl (100) substrate.

Table 4.2 Grain size distribution of Ti thin films deposited on NaCl (100) by varying substrate
temperature and deposition rate

Film Tdep (◦C) Rate (Å/s) Grain size (nm)
Si1 200◦C 2.5 20 ± 5
N1 RT 0.2 54 ± 13
N2 RT 0.8 31 ± 10
N3 200◦C 2.5 53 ± 18

The corresponding SADPs shown in Fig. 4.4b and Fig. 4.4d confirm the nanocrys-
talline nature of the films. The intensity of diffraction spots is restricted to only certain
orientations going from film #N1 to #N3 as seen in Fig. 4.3d, Fig. 4.4b and Fig. 4.4d,
respectively. Hence, an increasing degree of (101̄1) texture is observed on increasing
both deposition rate and Tdep.

It is known that water is adsorbed on the surface of alkali halides such as NaCl
[296]. Based on the humidity of the environment the (100) surface of NaCl is most
likely covered with 0.5 mono-layer of water at RT [297]. Thus, the surface partly re-
sembles an amorphous state. For amorphous substrates, the surface energy γi is not
expected to change with the in-plane rotation. This results in an equal probability
of grains with all possible in-plane rotations to grow [298]. Since the substrate was
cleaved in air in our experiments, we can conclude that water is physisorbed on its
surface and the polycrystalline film deposited on NaCl at RT should exhibit all in-
plane rotations. However, the minimization of surface and interface energy during the
pre-coalescence stage of the film growth plays a major role in deciding the texture of
the film [298]. Hence, a weak (101̄1) texture is observed in Fig. 4.3d. In film #N2, the
increased deposition rate leads to preferred growth of low energy planes promoting the
(101̄1) texture. Once the deposition temperature is raised, the physisorbed water layer
evaporates from the NaCl surface. Hence, in film #N3, where the substrate was heated
to 200◦C during deposition, the surface anisotropy of NaCl comes into play leading to
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a much stronger (101̄1) texture. This exhibits the control in microstructure that is
made available by alteration of the deposition parameters. All the four films discussed
in the preceding section are nanocrystalline. As a result, these findings pave the way
for better-informed deposition of nanocrystalline Ti, which is known for its exciting
properties such as high strength and corrosion resistance [299].

4.1.3 Deposition on sapphire substrate

Apart from the commercial importance due to its atomically flat and chemically inert
surface, sapphire represents an excellent template for understanding the influence of
substrate on thin film growth. As shown in the Fig. 4.5a, the GIXRD patterns of Ti
deposited on C-plane sapphire (0001) at RT resulted in a (0002) peak. The film grew
as a SC, which means that there was only one orientation present across the entire two-
inch wafer. The (0002) plane grows parallel to the c-axis of the substrate to minimize
the surface energy. Although there is a large misfit of 7.5% between Ti and C-plane
sapphire, an apparent six-fold symmetry of the oxygen-terminated sapphire surface
allows the first monolayer of Ti to conform to the oxygen sub-lattice. This reduces the
mismatch and allows for epitaxial growth [300].

Ti films were also deposited at RT on other configurations and orientations of
sapphire like C-plane with a 2◦ miscut (C2mis) along the [112̄0] direction, the A-plane
(101̄0) and the R-plane (11̄02). The GIXRD patterns of these films led to multiple
diffraction peaks, indicating the growth of polycrystalline films. The varying degree of
texture based on the substrate orientation can be seen in Fig. 4.5b.

The sapphire substrate surface with a miscut is not atomically flat unless annealed
[301]. Hence, the defects on the substrate surface lead to films having no preferential
orientation during nucleation. The limited adatom mobility at RT promotes poly-
/nanocrystalline film. Hence, a 2◦ miscut was seen to be sufficient to modify film
growth from SC to poly-/nanocrystalline as has been reported in several other mate-
rials grown on sapphire [301, 302]. However, a (0002) texture is observed in all three
cases similar to the C-plane substrate which can be explained by its low surface energy.

Further batches of depositions using the same set of sapphire substrates were per-
formed at higher deposition temperatures to study the influence of Tdep on film mi-
crostructure. The deposition on C-plane sapphire, C2mis and A-plane at 200◦C (samples
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Figure 4.4 Plane view TEM bright field image of a Ti thin film deposited at a) 0.8 Å/s
at RT (#N2) and b) 2.5 Å/s at 200◦C on NaCl(100) (#N3). The corresponding selected
area diffraction patterns are shown in c) and d), respectively, both exhibiting a strong (101̄1)
texture.

0002a) 0002

1120

1011
1012

1013

1102

b)

Figure 4.5 Grazing-Incidence XRD of 90 nm thick Ti thin films deposited at RT on a)
C-plane sapphire with only the (0002) peak present (Co-Kα source), b) C-plane with a 2◦

miscut(C2mis), A-plane and R-plane sapphire displaying multiple diffraction peaks (Cu-Kα
source



78 Chapter 4. Results

#S7, #S8 and #S9) resulted in highly epitaxial single-crystalline films. They were de-
posited after holding the substrates at Tdep for ∼1 h to ensure uniform temperature.
The holding period results in desorption of water and any organic/ volatile impurities
from the substrate surface. An epi-polished sapphire substrate surface is known to
exhibit surface steps [303]. Additionally, the increase of Tdep results in an increased
surface diffusion of adatoms. The islands which nucleate on the atomic steps in the
C2mis substrate are hence expected to have fixed orientation relationship with surface
steps and better inter-connections between neighboring grains at higher Tdep, which
leads to a single dominant orientation [301]. A similar effect is observed in A-plane
sapphire which leads to the ease of SC film formation. However, the film remained
polycrystalline for the R-plane sapphire substrate at 200◦C.

There are three ways epitaxial films deposited on sapphire substrates can grow.
When the bond between the adatom and the substrate is strong, a layer-by-layer de-
position called Frank-van der Merwe (FM) mode can occur [304]. The Volmer-Weber
(VW) growth mode is caused by a stronger bond between the adatoms, resulting in
their three-dimensional clusters to coalesce and form a continuous film. A combination
of the two modes, where clusters form on top of a few monolayers is termed Stran-
ski–Krastanov (SK) growth mode. The dominant growth mode is determined by the
rivalry between the bare substrate’s surface energy (γsv), the interface energy between
the substrate-film (γsf ), and between the film-vapor (γfv). A large misfit system like
in the above films leads to a high γsf value, which results in a significantly lower
barrier to nucleate clusters, favouring the VW growth mode. As a result of the forma-
tion of several tiny nuclei at RT, a nanocrystalline film was found in all but one of the
cases. The only exception was C-plane sapphire, which was SC as previously discussed.

To verify the observations and to explain the anomalous behaviour of R-plane sap-
phire, the substrate temperature was further increased to 400◦C. This leads to a further
increased mobility of adatoms resulting in SC film formation on all the sapphire sub-
strate orientations (samples #S11, #S12, #S13 and #S14). EBSD scans of the film
surfaces revealed no change in orientation. The scans were observed in both trans-
verse and planar viewing direction using TSL-OIM software to confirm the absence of
grain boundaries even with a 1◦ angular deviation. The film deposited on C-plane (not
shown), C2mis and A-plane all demonstrated the same preferred (0002)T i orientation
as shown in Fig. 4.6 a and b. The orientation of the film on C-plane and C2mis can
be explained in the same way as in the previous two cases. A-plane sapphire has a
two-fold symmetry with [0001] perpendicular to [11̄00] results in a super-cell of 12.99
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Figure 4.6 Inverse pole figure (IPF) obtained from EBSD of Ti thin films deposited at 400◦C
on (a) C2mis-plane (b) A-plane and (c) R-plane sapphire at low magnification to display
uniform orientation over the entire wafer.

Å × 8.22 Å. When depositing Ti on this plane at sufficiently high temperature (here
200◦C), the favoured out-of-plane OR is observed to be (0002)T i ∥ (1̄1̄20)Sapphire [305].
However a 30◦ in-plane rotation separates the two ORs. The ⟨101̄0⟩T i ∥ ⟨11̄00⟩Sapphire
results in 18.01% and 7.6% misfit in [0001] and [101̄0] directions respectively, whereas,
in the same directions ⟨112̄0⟩T i ∥ ⟨11̄00⟩Sapphire results in a misfit of 9.16% and 24.33%,
respectively. Due to the relatively lower misfit, the former is observed here. The SC
film on R-plane sapphire exhibited a (21̄1̄0) T i surface plane normal, which is reported
here for the first time.

Unless the in-plane orientation of the underlying substrate is known, observing the
film surface using EBSD is insufficient to find the OR. Hence, high resolution-TEM
(HRTEM) of the interface viewed in cross-section was used to observe the OR between
the SC film and the C-plane sapphire substrate in the sample #S3 (deposited using
e-beam evaporation at RT). As shown in Fig. 4.7, accommodating a 7.58% misfit [11],
the film was found to have (0002)T i ∥ (0006)Sapphire, ⟨112̄0⟩T i ∥ ⟨033̄0⟩Sapphire OR in
agreement with [105]. Sup. Fig. 3 shows the sample #S2 deposited with Ar–ion sput-
tering at 200◦C exhibits the same OR. This demonstrates that the OR between Ti and
sapphire C-plane is independent of the deposition method.
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Figure 4.7 HRTEM image of cross-section of Ti thin film deposited on C-plane sapphire shows
a 90 nm thick Ti film deposited using e-beam evaporation at RT (sample #S3) observed in
[112̄0] zone axis orientation of the sapphire substrate. The insets show fast Fourier transforms
(FFTs) of the film and substrate, respectively, which are used to determine the ORs

4.1.4 Resistivity measurements

Ti thin films can be used in micro-electronic miniaturised circuits, electrical contacts
and sputter ion pumps. These applications require a control of the electrical resistivity
of the thin films. Based on the thickness, deposition parameters, chemical purity of
the target and microstructure of the film, the resistivity values can largely vary [306].
As shown in Fig. 4.8, for the films deposited on C-plane sapphire, the thinnest (90 nm)
film (sample #S3), shows a higher resistivity equal to ∼70 µ Ω cm. This increased
resistivity is attributed to surface scattering. For the 300 nm thick SC films (samples
#S7 and #S11) resistivity remains uniform at ∼60 µ Ω cm, which is slightly higher
than the pure Ti bulk single crystal values equal to (∼40 µ Ω cm) [103, 307] which is
also attributed to surface scattering. The values measured here are in agreement with
other epitaxial Ti films [103], and are much lower than the polycrystalline films re-
ported in literature [129, 307, 308]. Apart from the surfaces, grain boundaries can also
act as scattering centers. Resulting from increased scattering from grain boundaries,
the nanocrystalline film grown on sapphire A-plane at RT (sample #S5) exhibited a
much higher resistivity of ∼95 µ Ω cm, while the SC thicker films on A-plane sapphire
show the same trend as seen for C-plane. As suggested by Bel’skaya et al. [309], the
resistivity values of thin films can also be used as a measure of the impurity content,
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Figure 4.8 Resistivity values of films grown on C-plane sapphire and A-plane at varying
Tdep. The nanocrystalline film shows higher resistivity of ∼ 95 µ Ω cm while all SC films
show resistivity of ∼ 60 µ Ω cm

given the deposition conditions are same. Hence, the resistivity of ∼60 µ Ω cm in the
SC films indicates that impurities play a minor role on resistivity.
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4.2 Microstructure, grain boundary faceting and anisotropic

Fe-segregation

This section is based on:

V. Devulapalli, M. Hans, T. S. Prithiv, J. M. Schneider, G. Dehm, and C. H. Liebscher,
Microstructure, grain boundary evolution and anisotropic Fe segregation in (0001) tex-
tured Ti thin films, Acta Materialia 238 (2022), 118180

Systematic study of the influence of GB character on material properties requires
a template-based approach to obtain desired GBs. For many metals, bicrystalline
samples with predefined GB parameters have been grown using the vertical Bridgman
technique for specific GB property studies [310]. However, in Ti, the hcp-bcc allotropic
transition makes it impossible to fabricate bicrystals to form a specific GB. Therefore,
a novel thin film deposition route to obtain bicrystalline Ti has been established here.
A bicrystalline thin film here is referred to as a film that only contains a certain
misorientation of the crystals, although multiple grains can be present in the same
film. Such thin films with multiple grains but only two orientations of them being
present have been consistently classified as bicrystalline in literature, mostly reported
in cubic metals like Al on Si(100) substrate and Au on Ge(001) substrate [105, 311–315].
To deposit such films, a thorough understanding of the impact of various deposition
parameters on the microstructure of the film is required. In physical vapour deposition,
the degree of ionisation of the plasma particles determines the ion flux towards the
growing film [316, 317]. A high ion fraction in a discharge is achieved by promoting the
electron impact ionization which is achieved by using plasma of high electron density
and higher temperature. Such a plasma is formed by using a pulsing unit at the target.
Textured Ti films with (0002) out-of-plane orientation were recently reported using a
similar deposition route [121].

In this work, firstly a template-based approach to obtain Σ13 GBs in thin films of Ti
on SrTiO3 substrate is established. Pulsed magnetron sputtering using a commercially
pure Ti target with trace Fe impurities is used to obtain a bicrystalline thin film
with columnar grains. Subsequently, EBSD in a SEM is used to characterize the thin
film microstructure. The GBs contained in the thin film are analyzed in detail using a
STEM and are observed to be faceted into symmetric and asymmetric segments. Using
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high resolution EDS analysis, the segregation of Fe to these topographically complex
GBs is explored.

4.2.1 Evolution of thin film microstructure and grain bound-

aries

The Ti film deposited on SrTiO3 (001) at 600◦C using dcMS is characterized by SEM
and EBSD as shown in Fig. 4.9. Following the deposition, the film was post-annealed
at 600◦C for 2 h in the deposition chamber. The SE image in Fig. 4.9 a) reveals a rough
surface and small grains. Fig. 4.9 b) shows the crystallographic orientation map based
on the [0001] IPF obtained using EBSD. The grain size is measured to be ∼500 nm
using the line intercept method [318]. To visualize the change in misorientations, a
black line is highlighted inside the orientation map in Fig. 4.9 b). The misorientation
between every point on the line and the first point (origin) on the line is displayed as a
misorientation profile chart. In the profile, a range of varying orientations is observed
in Fig. 4.9 c). Using the [101̄0] pole figure in Fig. 4.9 d), two dominant textures are ob-
served. First, a strong (101̄1) fiber texture is seen revealing the presence of all possible
in-plane rotations. These grains are highlighted in purple in both the orientation map
and the pole figure. Second, a (0002) texture is observed with only two in-plane grain
rotations, with each orientation highlighted in red and blue in the pole figure. The
pole figure comprises a single point per grain that is weighted by grain size; thus, the
distribution of both orientations can be seen to be approximately equal. It is known
that the (0002) plane has the lowest surface energy in Ti due to the highest atomic
density and (101̄1) has the least strain energy due to the lowest elastic modulus [122].
Hence, the two orientations seem to compete and both are observed by EBSD in the
film deposited by dcMS.

To understand the influence of higher ionization of the plasma and increased adatom
mobility on the film microstructure, pulsed magnetron sputtering was subsequently
used to deposit three additional films of Ti. The depositions were performed at 600◦C
and post-annealed at the same temperature for 2 h, 4 h and 8 h. A larger grain size (see
Table 4.3) is seen for the film deposited by pulsed magnetron sputtering compared to
the film deposited using dcMS. Likewise, for the film annealed for 4 h, a much smoother
surface and larger grain size is observed, as seen in Fig. 4.10.

In Fig. 4.10 b), the orientation map obtained from EBSD confirms that almost all
of the grains have a [0001] surface plane normal. The pole figure shown in the inset
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Figure 4.9 Ti film deposited using DC Sputtering with 250 W power on SrTiO3 at 600◦C
and post annealed at 600◦C for 2 h. a) SE image showing rough surface and small grain
size. b) Inverse pole figure (IPF) map obtained from electron backscatter diffraction (EBSD)
revealing the two dominant surface plane orientations to be {101̄1} and (0002). The arrow
highlights the points along which a point-to-origin misorientation profile chart is plotted in
(c). d) Pole figure confirming the dominance of two surface plane orientations with a fiber
texture of {101̄1} planes and only two in-plane rotations of (0002) planes.



4.2. Microstructure, grain boundary faceting and anisotropic Fe-segregation 85

a) SE image

2 µm

b) Orientation map - ND

c*

2 µm
c) d) SEM-STEM dark field imaged) SEM-STEM dark field image

SrTiO3 substrate

Columnar Ti grains

500 nm
Figure 4.10 a) SE image of Ti film deposited on SrTiO3 at 600◦C using pulsed magnetron
sputtering with a pulse duration of 200 µs and 1500 W power followed by post annealed at
600◦C for 4 h showing smoother surface and relatively larger grain size. b) Inverse pole figure
(IPF) map obtained from EBSD with Σ13 grain boundaries highlighted in yellow. The arrow
highlights the points along which a point-to-origin misorientation profile chart is plotted in (c).
Upper right inset is the pole figure obtained from IPF confirming the ∼ 30 ◦ misorientation
corresponding to Σ13 [0001] grain boundaries with the orientations highlighted in blue and
red, respectively. A dashed purple circle highlights the presence of trace {101̄1} orientated
grains. d) A dark field SEM-STEM image of the cross-section of the film revealing columnar
grain growth.
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is obtained from the same data set. It confirms the 30◦ misorientation corresponding
to Σ13 [0001] GBs. The orientation is determined using 2-dimensional Hough trans-
formation that has an error of <0.7◦. The Brandon criteria determines the amount of
deviation (δθ) from a misorientation that may be tolerated by addition of secondary
dislocations/ defects at the GB while maintaining a particular CSL value [137]: δθ =
15◦ × Σ−1/2. For a Σ13 GB one obtains δθ = 4.16. The exact Σ13 misorientation
around the [0001] tilt axis is 28.8◦. Therefore, all the GBs in the present film fall very
well within the accepted deviation of Σ13 CSL GB. For better statistics, we show a
large scan area of 40×50 µm in Fig. 4.11 which illustrates that we have only Σ13 GBs
all over the film.

Figure 4.11 a) Orientation map of Ti thin film deposited on SrTiO3 at 600◦ and annealed at
600◦ for 8 h. A large area (∼50 µm × 40 µm) was scanned using EBSD for better statistical
analysis showing the Σ13 GBs highlighted in yellow. b) Point-to-origin misorientation plot
from the region marked with an arrow in a). All the grains can be seen to belong to only two
orientations.

Furthermore, as previously observed, all of the grains with (0002) surface plane
normal have either of the two orientations shown in the pole figure, which are denoted
by red and blue. A purple dashed-circle is drawn in the inset of Fig. 4.10 b) that marks
the additional reflections at ∼25◦ away from the center. As every reflection in the pole
figure is weighted by the grain size, these additional reflections correspond to small
grains of other orientations. They account for less than 2 area % of the total scan
area. As a result, we follow the definition used in the literature to term these films as
bicrystalline. This is supported by the presence of only two alternating orientations in
a representative misorientation profile chart in Fig. 4.10 c). The high peak current of
40 A during pulsed magnetron sputtering in contrast to 5 A during dcMS is responsible
for the shift of surface plane orientation from (101̄1) and (0002) in the dcMS film to all
the grains being only (0002) oriented in the pulsed magnetron sputtered film. A cross-
section FIB lamella was prepared to resolve the microstructure of the film in growth
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direction. The majority of the grains were found to be columnar as seen in Fig. 4.10 d).
Additionally, many nanocrystalline grains are observed at the film-substrate interface.
Further details of this interfacial layer are discussed in the following section where a
similar distribution of fine columnar grains at the interface is observed for the film
annealed for 8 h at 600◦C.

a) SE image

2 µm

b) Orientation map - ND

c) Orientation map - TD

OR I [5720]
OR II [5410]

[100] of the substrate

d) Unique grain map

Figure 4.12 Ti deposited on SrTiO3 at 600◦C and post annealed at 600◦C for 8 h a) SE
image showing traces of grain boundaries. b) Inverse pole figure (IPF) map in the normal
direction (ND) showing all grains in (0002) out of plane orientation. In the upper right inset
is the pole figure obtained from IPF confirming the ∼30◦ misorientation corresponding to
Σ13 [0001] grain boundaries. c) IPF map in the transverse direction (TD) with Σ13 grain
boundaries highlighted in yellow. The two arrow marks point the crystal directions in the OR
I and OR II grains parallel to [100] of the substrate. d) Unique grain map confirms that OR
I is a single grain that is spread all over the substrate. All the other grains belong to OR II.
All subfigures share the same scale bar as (a).

When the post annealing time is extended to 8 h, the film surface remains smooth
and a further increase in grain size to 3.76 ± 2.4 µm is measured using EBSD, as seen
in Fig. 4.12. The increase in grain size with respect to the annealing duration is tabu-
lated in Table 4.3. It is generally considered that grain growth in thin films is arrested
when the grain size is about one to two times the film thickness [319]. The driving
force for grains to grow 2-dimensionally is much smaller than 3-dimensional growth.
As seen from the EBSD results in Fig. 4.12, the GBs are meandering through the film,
resulting in a low radius of curvature. This leads to capillary forces driving the GBs
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to straighten and migrate towards their centre of curvature. This causes both grain
growth and shrinkage in different sections of the grain. Similar phenomenon has been
observed in the bicrystalline films of Au [312]. In a bicrystalline film there are no triple
junctions which potentially act as pinning points against grain growth. The increase in
the grain size as a function of annealing duration can also be noted by measuring the
length of GB per unit area of the film. As seen in Table 4.3, for an area of 25 µm ×
20 µm, the length of Σ13 GB reduces from 1.38mm to 895 µm to 525 µm as a function
of increasing annealing duration.

EBSD also verifies that the film continues to show the same mazed bicrystalline
microstructure as observed previously. When comparing the films annealed for 4 h and
8 h, the isolated grains of other orientations are seemingly overgrown by the larger
grains having (0002) orientation in the 8 h sample. The pole figure in Fig. 4.12 b)
shows the presence of only (0002) out-of-plane orientations. The full width at half
maximum (FWHM) for the poles of both the grains in the pole figure is less than 1◦.
After 8 h of annealing, no fringe orientations are observed. According to the Brandon
criterion, all the grains have a Σ13 misorientation. Additionally, SADPs acquired from
three different TEM-lamellae prepared from the same film revealed an exclusive bicrys-
talline diffraction pattern even at low magnification as seen in Fig. 4.14. The bright
field (BF) images with marked GBs in Fig. 4.14 a), b) and c) reveal that we obtain
diffraction information from multiple grains at once. The SADPs in Fig. 4.14 d), e)
and f) show that all grains have exactly 30◦ misorientation. This proves that apart
from the OR I and OR II grains, there are no grains present with any other orientation.

Furthermore, by keeping the substrate’s [100] direction parallel to scan direction,
we were able to determine the orientation relationship between the film and the sub-
strate. All the grains can be primarily attributed to only two orientations. One grain
is continuous and extends all over the substrate. This orientation is here on wards
referred to as ’OR I’. The other orientation, ’OR II’, is present as small islands sur-
rounded by the large OR I grain. As seen in Fig. 4.12 c), the out-of-plane direction
in the entire film is (002). To establish the complete orientation relationship of both
grains, the direction of the grain that is parallel to [100] of the substrate is found from
the EBSD data shown in Fig. 4.12 c). Using this we can determine the following ori-
entation relationship:
OR I: (0002)T i ∥ (001)SrT iO3 , [57̄20]T i ∥ [100]SrT iO3

OR II: (0002)Ti ∥ (001)SrT iO3 , [54̄1̄0]T i ∥ [100]SrT iO3
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Figure 4.13 a), b) and c) Bright field TEM micrographs acquired at low magnification from
three different lamellae lifted out from the Ti thin film deposited on SrTiO3 at 600◦C and
annealed at 600◦C for 8h. The selected area apertures used to capture the SADPs are marked
in yellow circles. d), e) and f) The corresponding [0001] zone axis SADPs confirm the 30◦

[0001] misorientation.
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Figure 4.14 Ti thin film deposited on SrTiO3 at 600◦C and annealed at 600◦C for 8h a) Bright
field (BF) TEM micrograph of the cross-section showing columnar grains and vertical GBs.
The red, green and blue coloured circles schematically indicate the aperture locations used
to acquire the selected area diffraction patterns (SADPs) seen in d), e) and f), respectively.
b) Dark field (DF) TEM micrograph acquired using the 11̄00 reflection in e). c) Dark field
TEM micrographs acquired using the {12̄10} reflection in f). d) SADP acquired from the
smaller columnar grains at the interface of the substrate and the film. The blue dotted circles
highlight the additional reflections seen only in the interface region. e), f) Diffraction patterns
acquired from the two grains corresponding to OR I and OR II, respectively. The cyan and
brown circle represent the diffraction spots used to acquire the dark field micrographs.
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The unique grain map shown in Fig. 4.12 d) shows that OR II is embedded in OR
I. The novelty of the pulsed magnetron sputtered films is that they are not only bicrys-
talline, but the majority of the grains are columnar leading to a strongly textured film
microstructure. We examined a cross-section TEM lamella to observe the microstruc-
ture of the film in the growth direction. As shown in Fig. 4.14, BF/DF TEM imaging
was used to further investigate the evolution of the grain structure in growth direction.
From the BF TEM image shown in Fig. 4.14 a) it becomes apparent that nanoscale
columnar grains are present near the film-substrate interface, which then transition
into large near micron-sized grains at a distance of ∼300 nm from the substrate. We
acquired SADPs from two columnar grains with schematic locations of the apertures
as indicated by green and blue circle in Fig. 4.14 a). The SADP in Fig. 4.14 e) is in
[101̄0] zone axis and the SADP in Fig. 4.14 f) is in [112̄0] zone axis. Both of these
SADPs were acquired without stage tilt between them and the two zone axes are 30◦

apart which is in agreement with the orientation relationship observed using EBSD.
Subsequently, dark field images shown in Fig. 4.14 b) and c) were acquired from the two
OR using the highlighted diffraction spots in Fig. 4.14 e) and f). The SADP acquired
from the columnar nanograins (d* in Fig. 4.14 a)) shows that it is mostly a sum of the
diffraction patterns shown in Fig. 4.14 b) and c). This indicates that most of the small
columnar grains also adopt either OR I or OR II orientation. The additional reflections
marked in blue in Fig. 4.14 d) are stemming from a few in-plane rotated grains which
exist only close to the film-substrate interface. To the best of our knowledge, this is
the first report of a bicrystalline Ti thin film which is particularly interesting due to
the challenges involved in producing a bulk Ti bicrystal.

Additionally, as seen in Fig. 4.15, STEM-EDS elemental mapping at the film-
substrate interface was used to verify that within the detectable limits of STEM-EDS,
no elemental segregation or intermixing of the film and substrate occurred. Therefore,
we presume that interface have an influence on the observed columnar grain growth
and orientation relationships. Ti and Sr were the major elements recorded in the EDS
spectrum. Additionally, stray signals are obtained from the Cu TEM lift-out grid
and Fe pole piece. A coherent bremsstrahlung peak is observed as the mapping was
performed in zone-axis.

4.2.2 Grain size and grain growth measurement

A larger in-plane grain size is seen for the films deposited by pulsed magnetron sput-
tering compared to the film deposited using dcMS. However, due to the maze-like
microstructure of the pulsed magnetron sputtered films, the grain size distribution
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Figure 4.15 a) HAADF image of the Ti-SrTiO3 film-substrate interface. b), c) STEM-EDS
area mapping showing Ti and Sr distribution. d) Line profile of Ti and Sr concentration
across the interface. e) The sum of STEM-EDS spectra obtained from 512*512 pixels from
the film-substrate interface seen in the HAADF image.
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data has to be generated separately for OR I and OR II grains. The OR I grain is
essentially one large continuous grain extending over the entire substrate, therefore,
the line interception method (in the TSL OIM software) was used to measure the aver-
age width of the grain. In this method, several horizontal lines were drawn across the
EBSD scan area to measure the mean intercept length (width) of the OR I grain. For
the OR II grains, the equivalent circle diameter was calculated using the grain area.

The increase in width of the OR I grain as a function of annealing duration is given
in Table 4.3. The width remains almost the same within the error limit between the
2 h and 4 h annealed films, however, it largely increases for the 8 h annealed film.
Similarly, a decrease in the grain size of OR II from 2 h to 8 h is observed, due to
the shrinkage of the island grains. A net increase in the grain size as a function of
annealing duration can be noted by measuring the length of GB for a given area of
the film. As seen in Table 4.3, for an area of 25 µm × 20 µm, the length of Σ13 GB
reduces from 1.38 mm to 895 µm to 525 µm for 2 h, 4 h and 8 h film, respectively. It
is generally considered that grain growth in thin films is arrested when the grain size
is about one to two times the film thickness [319]. The driving force for grains to grow
2-dimensionally is much smaller than 3-dimensional growth. As seen from the EBSD
results in Fig. 4.12, the GBs are meandering through the film, resulting in a low mean
radius of curvature. This exerts a capillary force on the GBs to straighten them which
promotes their migration towards their centre of curvature. This causes both grain
growth and shrinkage in different sections of the grain. Similar phenomena have been
observed in bicrystalline Au films [312].

Table 4.3 Deposition conditions, OR I/ OR II grain size and Σ13 GB length of the pulsed
magnetron sputtered films.

Annealing
temperature & time

OR I grain
(intercept length-µm)

OR II grain
(diameter-µm) GB length

600◦C & 2 h 0.68 ± 0.55 5.10 ± 2.74 1.38 mm
600◦C & 4 h 0.60 ± 0.68 1.96 ± 1.18 895 µm
600◦C & 8 h 2.81 ± 2.53 1.75 ± 0.84 525 µm

Additionally, using the TSL-OIM software, a partition of OR I and OR II orientation
is created from the acquired EBSD data for all three films deposited using pulsed
magnetron sputtering. The OR II oriented grains are highlighted in blue in Fig. 4.16
a), b) and c) for 2 h, 4 h and 8 h of annealing, respectively. As a function of annealing
time, the OR I orientation grows at the expense of OR II orientation resulting in an
increase in the single crystallinity percentage, as shown in Fig. 4.16 d).
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Figure 4.16 a), b) and c) show EBSD images of pulse magnetron sputtered films deposited
at 600◦C and annealed at 600◦C for 2h, 4h and 8h, respectively, partitioned into OR I (yellow)
and OR II (blue) grains. d) The increasing area fraction of OR I grain and the decreasing
length of GB per unit area are plotted with respect to annealing duration demonstrating grain
growth and increasing % of single crystallinity.
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4.2.3 Coincident site lattice and GB planes

Before discussing the results further, we briefly describe the key concepts utilised to
analyse the GB structure at atomic scale. A dichromatic pattern is an essential tool
to analyse GBs. Its use for interface analysis was introduced by Pond and Bollmann
[151]. Dichromatic pattern is created by assigning two colours to the two lattices on
either side of the GB and extending the lattices to the other side of the GB.

Due to the six fold symmetry of the basal plane in hcp crystal structure, GBs with
misorientation of θ and 60◦-θ are equivalent. The Σ13 CSL can be obtained by both
27.8◦ and 32.2◦ misorientation of both grains around the common [0001] tilt axis. There
are two possible symmetric GB variants in the Σ13 [0001] misorientation that are only
2.2◦ apart. Therefore, plane trace analysis may not be sufficient to unambiguously
identify them.

Fig. 4.17 shows a dichromatic pattern obtained by a 27.8◦ tilt along [0001] resulting
in a Σ13 CSL relationship. The two interpenetrating lattices, ’λ’ and ’µ’, are depicted
in red and blue colour, respectively. Such a dichromatic pattern can be used to evaluate
the possible GB habit planes. To index the planes passing through the CSL points, we
identify the Σ13 CSL unit cell. The ’PQRS’ is a CSL unit cell whose four sides and the
shorter body diagonal are symmetrically equivalent. The longer diagonal, QS is the
second symmetric variant. It makes 30◦ angle to the first symmetric variant. To index
the GB plane vectors (and their subsequent GB normals), first we map the path from
one CSL point to the other CSL point by moving along either of the lattices. Next, we
add the constituting lattice vectors to index the planes.

The direction RS in λ (red) grain:

RS = RR′ +R′S

= [11̄00] + 4[011̄0]

= [134̄0]

(4.2)

The GB plane (perpendicular to RS) is (75̄2̄0).

The direction QS in λ (red) grain:

QS = QQ′ +Q′S

= 2[011̄0] + 5[101̄0]

= [527̄0]

(4.3)
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Figure 4.17 A Σ13 dichromatic pattern is constructed using two grains, µ (cyan) and λ
(red). The CSL unit cell (PQRS) is marked. The shorter and longer diagonals are the GB
planes {75̄2̄0} and {43̄1̄0}, respectively. The circuit used to index the GB planes is marked
in white.
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The GB plane (perpendicular to QS) is (34̄10).
Since they are symmetric GBs, the same GB indices can also be obtained by map-

ping the µ grain.

RS = RR′′ +R′′S

= [1̄010] + 4[011̄0]

= [1̄43̄0]

(4.4)

The GB plane (perpendicular to RS) is (72̄5̄0).

QS = QQ′′ +Q′′S

= 2[101̄0] + 5[011̄0]

= [257̄0]

(4.5)

The GB plane (perpendicular to QS) is (43̄1̄0).
The misorientation is verified by noting that the angle between (75̄2̄0) and (72̄5̄0)

is 27.8◦. Additionally, it can also be observed that the angle between any two adjacent
GB planes (facets), (72̄5̄0) and (43̄1̄0) is 30◦.

When considering the 32.2◦ GB:

For the µ (green) grain:

RS = RR′ +R′S

= [1̄100] + 4[101̄0]

= [314̄0]

RS = RR′ +R′S (4.6)

The GB plane (perpendicular to RS) for the µ (green) grain is (75̄2̄0).
For the λ (red) grain, the GB plane can be similarly found to be:

RS = RR′′ +R′′S

= [11̄00] + 4[011̄0]

= [134̄0]

(4.7)

The GB plane (perpendicular to RS) for the λ grain is (57̄20).
The misorientation is verified by noting that the angle between (57̄20) and (75̄2̄0)
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Figure 4.18 A Σ13 dichromatic pattern is constructed by rotating the two basal planes by
32.2◦ instead of 28.8◦ as observed in the previous case. The CSL unit cell (PQRS) is marked.
The shorter and longer diagonals are the GB planes {75̄2̄0} and {43̄1̄0}, respectively.
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is 32.2◦.

The direction QS for lambda (red) grain is given by:

QS = QQ′ +Q′S

= 2[11̄00] + 5[101̄0]

= [72̄5̄0]

(4.8)

The GB plane (perpendicular to RS) for lambda grain is (14̄30).
The direction QS for the mu (teal) grain is:

QS = QQ′′ +Q′′S

= 2[011̄0] + 5[101̄0]

= [527̄0]

(4.9)

The GB plane (perpendicular to RS) is (34̄10). The misorientation is verified by noting
that the angle between (14̄30) and (34̄10) is 32.2◦.

4.2.4 Grain boundary faceting

The Σ13 GBs in Fig. 4.10 b) and Fig. 4.12 c) are observed to be continuously curved
and to form a mazed bicrystalline microstructure. Such GB curvature is often accom-
modated by faceting if the inclinational dependence of the grain boundary energies
is anisotropic [78, 320]. Upon investigation at a higher magnification, the GBs are
observed to be faceted, as seen in Fig. 4.19 a). The plane normal of each facet plane
is 30◦ apart from each other. A fast Fourier transform (FFT) of the HAADF-STEM
image in Fig. 4.19 a) cab be used to index the GB planes. Because the GBs are all
edge-on, as previously demonstrated in Fig. 4.12 b), the GB planes can be indexed
by simply locating the intersection of the GB plane normals to the great-circle in the
(0001) stereographic projection of Ti. However, a more precise method of GB plane
indexing is demonstrated in detail in Fig. 4.17 and Fig. 4.18. Using this method, the
GB facets are indexed to be {7̄520} and {4̄310} symmetric planes. From the FFT it
is also apparent that {7̄520} and {4̄310} are the only conceivable symmetric GB plane
families in Σ13 [0001] hcp GBs. GB planes with any other Miller indices would be
asymmetric. A preference for the symmetric GB planes is readily apparent.
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Figure 4.19 a) HAADF-STEM image of Σ13 [0001] Ti GB in the pulse magnetron sputtered
film deposited at 600◦C and post-annealed at 600◦C for 8 h showing a faceted GB with
symmetric GB facets. Each GB plane is represented by a different colour. b) Fast Fourier
transform (FFT) of the HAADF-STEM image in a). c) HAADF-STEM image of from a
different region showing asymmetric GB facets. d) FFT from the HAADF-STEM image
shown in c). The dashed brown line is a symmetric facet present between the two asymmetric
facets.



4.2. Microstructure, grain boundary faceting and anisotropic Fe-segregation 101

In another instance, as seen in Fig. 4.19 c), although the GB facet normals are
still 30◦ apart, the planes were indexed to be low-index asymmetric {101̄0} // {21̄1̄0}
planes. The diffraction pattern shown in Fig. 4.19 d) confirms the asymmetricity of
the facets. According to the authors’ observations, out of over ∼200 µm of GB less
than ∼30 µm of the GB is asymmetric, which corresponds to less than ∼15% of the
GB being asymmetric.

It must be made clear that the contrast in the GB comes from diffraction. The
change in the GB contrast with the changing collection angles of the HAADF-STEM
images is shown in Fig. 4.20. Even at a HAADF collection angles of 78-200 mrad,
diffraction contrast can still contribute to the image. The observed diffraction contrast
stems from strain fields at the GB or local sample thickness variations. This becomes
very evident when using a low-angle annular dark field (LAADF) detector for imaging.
As seen in the Fig. 4.20, the GB can be seen to be very bright in LAADF-STEM
compared to the HAADF-STEM image.

a) HAADF image b) LAADF image

c) Annular BF image d) BF image

Figure 4.20 High angle annular dark field (HAADF), low angle annular dark field (LAADF),
annular bright field (ABF) and bright field (BF) images of the Σ13 GB captured simultane-
ously showing the variation in GB contrast with the change of collection angle.
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4.2.5 Anisotropic Fe segregation in symmetric GB facets
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Figure 4.21 a) STEM annular-BF image showing GB facets with symmetric {7̄520} GB
planes. EDS reveals segregation of b) Fe in alternate GB facet, c) depletion of Ti in the Fe
rich region. The Fe rich GBs are found to be planes with lower CSL density. d), e) Net-
intensity line profile across the two symmetric facets revealing a strong segregation of Fe in
only the (2̄5̄70) facet.

Fe was present as an impurity in the sputtering target therefore it is of interest to
examine where it is present in the deposited films. In the film deposited using pulse
magnetron sputtering and post-annealing for 8h at 600◦, the Σ13 [0001] Ti GB is seen
to be composed of {7̄520} symmetric GB facets, as shown in Fig. 4.21 a). The facets
are similar to the GB faceting discussed in Fig. 4.19. The elemental distribution map
of Fe, acquired using STEM-EDS at 300 kV, reveals a preferential segregation of Fe
to every alternate symmetric facet. However, we do not see a change in the contrast
between neighbouring GB facets in the HAADF-STEM images in Fig. 4.19. This is
because the contrast from GBs observed at lower resolution represents a superposition
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of various effects stemming from strain contrast due to the presence of GB defects, lo-
cal sample thickness and compositional variations. The Fe present in the GB facets is
not high enough to produce a clear HAADF signal under these observation conditions.
For completeness, the change in GB contrast with decreasing collection angles of the
annular STEM detectors is shown in Fig. 4.20.

In Fig. 4.21, Fe segregation is observed at (5̄72̄0), (7̄250), and (2̄5̄70) facets, but Fe
is not detected at (4̄310) and (3̄1̄40) facets. The counts of the Fe signal in the EDS
spectrum are integrated along the highlighted arrow over the marked region as seen in
Fig. 4.21 b). Fig. 4.21 d) and Fig. 4.21 e) show line profiles across the corresponding
facets to clearly illustrate the segregation of Fe at the (2̄570) GB plane and the absence
of Fe-segregation in the (3̄1̄40) facet. The FWHM of the spacial distribution of Fe in
Fig. 4.21 e) is ∼0.15 nm confirming the segregation of Fe is limited to the GB.

To quantify the amount of segregation APT was used. Firstly, the GB facet con-
taining Fe was targeted to be lifted-out using the conventional FIB sample preparation
technique and field evaporated in laser-mode. After the reconstruction of data using
AP Suite, the atom distribution maps of Ti and O are obtained, as shown in Fig. 4.22
a). Both of them are seen to be distributed uniformly in both the grains and the GB
region. Fe is seen in Fig. 4.22 b), c) and d) to distinctly segregate to the GB. To
delineate the Fe GB segregation, a 0.5 at% Fe isoconcentration surface is plotted in
Fig. 4.22 b) and as seen in Fig. 4.22 d), the GB is edge-on. A cylinder of 30 nm diam-
eter and 50 nm length is highlighted as the selected region of interest (ROI). Although
the GB extends over the entire cross-section of the APT tip, Fe is seen enriched at only
a fraction of the GB area. The composition along the ROI in both Fig. 4.22 b) and
Fig. 4.22 c) are plotted in Fig. 4.22 e) and Fig. 4.22 f), respectively. Negligible Fe segre-
gation is observed in Fig. 4.22 e) whereas significant Fe segregation of up to ∼0.5 at.%
is observed in Fig. 4.22 f). The Fe segregation is distributed to a width of ∼8 nm
(FWHM <4 nm). The segregation width is significantly larger than the expected GB
width due to the artefacts from field evaporation and aberrations in the trajectory
of ions [321]. Nevertheless, this apparent increase of GB width is inconsequential for
a homo-phase boundary as the concentration on both sides of the Gibbsian dividing
surface can be considered to be identical. Although not highlighted in Fig. 4.22 b),
c) and d) for clarity, three ROIs of the same dimensions were taken for better statistics.

As seen in Fig. 4.22 g), plotting the number of Fe atoms against the total number
of atoms of all elements in the region of interest allows us to measure the number of
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Figure 4.22 a) Reconstruction point cloud from atom probe tomography (APT) showing Ti
and O atoms marked in red and green, respectively. No enrichment or depletion of either of
the elements is observed at the GB. b) Isocomposition surface of 0.5 at.% Fe delineates the
GB and demonstrates the segregation limited to a fraction of the GB area present in the tip.
The region of interest (ROI) used for composition analysis through the GB segment having
no Fe segregation is highlighted (in gold). c), d) ROI passing through the Fe-enriched GB
region is depicted in both front and side view, respectively (in teal). e), f) The composition
profile of Fe plotted against the length of the highlighted ROI exhibits ∼no Fe segregation
and Fe-segregation, respectively. The Fe-segregation is limited to GB width and also limited
to only a fraction of the GB. g) The ladder diagram shows GB segregation of Fe with equally
low solubility in the grain interior on both sides of the interface; the Gibbsian GB excess is
calculated as explained in [285]. h) The in-plane atomic density distribution of Fe at the GB
plane.
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GB excess Fe atoms per unit area of the interface, NFe. Using the equation Eq. (3.1),
ΓFe is found to be 1.25 ± 0.1 atoms/nm2. Since the {7̄250} GB has ∼8-10 at/nm2

(ambiguity arises because of the dependence of planar-atomic-density on the width
of a high-index GB plane), the amount of segregation can also be described as ∼0.2
monolayers, assuming that the Fe segregation is limited to the GB plane. The relation-
ship between misorientation and GB excess property measured using APT has been
discussed in cubic materials [6, 322], however no report for hcp metals was found in the
literature. To emphasize that the segregation of Fe is limited to the GB plane, and to
show its distribution, an areal density plot of Fe in the GB plane is shown in Fig. 4.22 h).

4.2.6 Discussion

Thin film deposition and texture evolution

Physical vapor deposition, which includes both DC sputtering and pulsed magnetron
sputtering, is a plasma-based thin film deposition technique. In this technique, the
inert gas ions (usually Ar) are accelerated towards the target material (cathode) and
the sputtered atoms are allowed to condense on the substrate to form a thin film. The
degree of ionisation of the plasma particles determines the ion flux towards the growing
film [316]. In DC sputtering penning ionisation is the main ionisation mechanism. The
ion–flux during the deposition can have a significant impact on the film microstruc-
ture. A high ion fraction in a discharge is achieved by promoting the electron impact
ionization which is achieved by using plasma of high electron density and higher tem-
perature. Such a plasma is formed by using a pulsing unit at the target. The electron
density in the plasma varies from 1014 – 1016 m−3 in DC sputtering to 1018 m−3 when
using the sputtering source in a pulsing mode. During deposition using pulsing mode,
the frequency of the power applied to the sputtering source is defined by ’duty cycle’
which is the ratio, tON / (tON + tOFF ). Typically, a duty cycle of up to <5% can be
termed as high power pulsed magnetron sputtering (HPPMS), while a duty cycle >5%
is called pulsed magnetron sputtering [323]. Here a duty cycle of 10% was deployed,
so the method is termed as pulsed magnetron sputtering throughout the paper. Low
ionisation of the plasma generally leads to a high number of defects and poor adhesion
between the film and the substrate whereas high ionisation of the plasma leads to a
dense film, good adhesion and lower residual stresses [280].

In a plasma with a large degree of ionization, the ion flux to the substrate is larger
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than for discharges with a low degree of ionization [281]. The magnitude of ion cur-
rent affects the morphology evolution which is evident when comparing the SE image
of the film deposited by dcMS in Fig. 4.9 a) and the SE image of the film deposited
by pulsed magnetron sputtering in Fig. 4.10 a). The incoming sputtered atoms from
the target when adsorbed on the substrate surface are called adatoms. Due to the
dense plasma in pulsed magnetron sputtering, adatom mobility to low surface energy
sites with high coordination is promoted. Enhanced surface diffusion eliminates the
voids and surface mounds and consequently reduces the surface roughness of the grown
films. It also leads to a smoother surface finish [324]. Increase in surface smoothness
and density of films on using higher duty cycles have been reported earlier in TiOx [316].

Additionally, the lowest surface energy plane, (0002), dominated over the lowest
strain energy plane, {101̄1}. The high flux of ions due to pulsing leads to the increased
momentum transfer between the plasma and the condensed metal atoms. Such a high
flux increases the mobility of surface adatoms and accommodates them on planes of
the lowest surface energy. This determined the out-of-plane surface orientation. A
similar change in texture evolution in changing the deposition method from dcMS to
pulsed magnetron sputtering favouring the high atomic density surface planes has also
been reported in other materials [323, 325, 326]. The two in-plane orientation relation-
ships were found using the EBSD data in Fig. 4.12. The misfit (δ) can be calculated
using δ = (1 − df

ds
), where df and ds are the film and substrate lattice spacing. The

lattice parameter for cubic SrTiO3 is a=3.9 Å. d57̄20 and d5̄410 are 0.409 Åand 0.577 Å,
respectively. Using the domain matching epitaxy (DME) paradigm [292, 327], we can
calculate the misfit strain for OR I in the two in-plane directions to be 4.8% and 3.5%.
Because the film has hexagonal symmetry and the substrate has cubic, there are two
misfit values. For the other orientation, the misfit strain is 3.5% and 4.8%. The misfit
strain is the same for the other orientation, however it is merely swapped because the
two orientations are 30◦ in-plane rotations of each other. The theoretical misfit calcu-
lation and the experimentally observed ORs seem to match well. But on a microscopic
scale, the residual stresses, the distribution of misfit dislocations in Ti, the surface
plane termination of the SrTiO3, surface irregularities and the adsorption on the sub-
strate surface are some of the other factors that can determine the OR. The influence
of these parameters on OR determination would require further detailed analysis of the
interface.

All pulsed magnetron sputtered films were observed to have columnar grains. This
can be explained using the structure zone model (SZM). The SZM is commonly used



4.2. Microstructure, grain boundary faceting and anisotropic Fe-segregation 107

to determine the dependence of film microstructure on the discharge pressure, and
the homologous temperature [328]. The film microstructure according to this model
is categorized into four zones, namely Zone 1, Zone T, Zone 2, and Zone 3 based on
the substrate temperature during deposition. Zone T has limited surface diffusion and
grain boundary mobility. This leads to ’V’ shaped columnar grains where the grains
with lower surface energy compete with other orientations during grain growth. In
the zone II, due to increased surface diffusion, the preferred orientations nucleate at
the substrate surface and grow as columnar grains. This leads to near vertical GBs
[329]. Detailed discussion on the model can be found in [329]. In the present film,
the deposition temperature of 600◦C lies in the early zone II (Ts / Tm ∼ 0.45; Ts:
deposition T, Tm: melting point of target). As expected using SZM, the cross-section
of the film reveals a combination of zone II and zone T in Fig. 4.14. The dark field
micrographs reveal that most of the smaller grains at the interface belong to either OR
I or OR II, an event of mere probability, because both the orientations lead to same
misfit. Apart from the EBSD, the misorientation between the grains is also verified
from the diffraction patterns obtained from the cross-section. All the columnar grains
are observed to be either in [101̄0] or [112̄0] zone axis, which verifies a 30◦ in-plane
rotation. The most important consequence of this is that all the GBs can be identified
as Σ13. These textured films are of great interest, for example in microelectronics
for applications such as diffusion barriers in integrated circuits [119]. The low surface
energy of the bicrystalline texture films can also improve the corrosion resistance of
the coatings. One could also speculate that by using the films of right orientation, the
wear resistance or mechanical properties of the thim-film could be ehnanced.
Due to the mazed bicrystalline microstructure, the GB plane changes continuously but
the GB is characterized by the same disorientation. High-resolution STEM imaging
was used to identify the GB planes because even a detailed EBSD scan with a step size
of <10 nm is not sufficient to index such finely faceted/rounded GBs.

Grain boundary faceting

Faceting is the dissociation of a GB into segments with different GB plane inclination
but the same overall misorientation. It principally occurs to reduce the overall GB
energy. The total energy of a faceted GB is the sum of the energy of individual GB
segments and their interaction energy at the facet junctions. As faceting leads to an
increase in GB plane area, the facets must have lower energy than the parent GB for
faceting to occur. Although GB faceting has been widely reported in many cubic met-
als [330–332], to the best of the authors’ knowledge, no experimental evidence of GB
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faceting has been reported for Ti. Here, we show that the GB plane which would oth-
erwise be asymmetric due to its continuous curvature, dissociates into distinct facets.

Since all grains are columnar, it is evident that all the GBs in a basal-plane tex-
tured film are prismatic in nature. Moreover, there is a competition between the low
index asymmetric prismatic {101̄0} // {21̄1̄0} GB planes and the symmetric prismatic
{7̄520} and {4̄310} GB planes. The prismatic planes have been shown to be the pre-
ferred GB facet plane in other hcp materials [333, 334]. A 3D-EBSD study on bulk-Ti
reported a large fraction of grains with misorientation ≤ 30◦ having prismatic GB
planes with a preference for {7̄520} [334]. Therefore, not only are the {7̄520} GBs
preponderant in thin films, but they are also frequently observed in the bulk commer-
cially pure Ti. Also, prismatic planes are preferred in the β −→ α martensitic phase
transformation in Ti [335]. The {7̄520} prismatic planes are also predominant in Σ13

[0001] GBs in Mg [336]. Using atomistic calculations, Ostapovets et al. were able to
show that the minima of [0001] tilt GB energy corresponds to {7̄520} [336]. Although,
similar GB energy calculations via MD simulation for Ti [0001] tilt-GBs are missing,
it is expected that Ti could follow a similar trend as in Mg. Therefore, the observed
GB faceting in Fig. 4.19 a) and Fig. 4.21 a) into {7̄520} and {4̄310} symmetric seg-
ments can be considered to be a result of the GB energy-minimization in hcp materials.

4310
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3140

a)

13 lattice 
sites
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b)

Figure 4.23 Schematic of Σ13 GB with planes a) {7̄520} and {5̄72̄0} consisting of highest
and second highest planar coincident site density (PCSD), respectively leading to reduction
of GB energy. b) {21̄1̄0} and {101̄0} have a lower PCSD but higher effective d-spacing (deff )
leading to the second most frequently observed GB facet plane.

To develop a thermodynamic understanding of the GB plane selection during faceting
and anisotropic segregation of Fe observed in Fig. 4.21, it is necessary to reveal the
atomic structure and the local energetics of the particular GB. The atomic structure
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investigation is beyond the scope of the present study but a simple approach to ratio-
nalize the observations can be used. The CSL model is the most widely applied tool
for classifying GBs. It distinguishes grain misorientations that place a large fraction of
the lattice sites of the two grains in coincidence from the remaining ’general’ misorien-
tations. The sigma value represents the inverse of the number of the coinciding sites.
If the GB plane passes through the coinciding points, then such a GB plane can have
low energy. The term, ’planar coincident site density’ (PCSD) is used to quantify the
density of CSL sites on the GB plane. In a SrTiO3 Σ3 (111) twist boundary, the high
PCSD was held responsible for the observed GB plane [337]. To illustrate the role of
PCSD in GB plane selection, a dichromatic pattern of hcp (0001) is drawn in Fig. 4.23.
The (7̄520) symmetric plane that is highlighted in ’gold’ has the highest PCSD, Γ =
0.43, in Σ13 [0001] hcp GBs. This is followed by the (3̄41̄0) plane highlighted in ’dark-
blue’ which has a Γ = 0.33.

Additionally, when considering the prismatic plane with the smallest Miller indices,
{21̄1̄0} and {101̄0} can be seen to have a much lower PCSD in Fig. 4.23 b). However,
the selection of GB planes cannot be entirely described by PCSD. In several cubic
materials, no dependence of GB plane selection on PCSD is seen [337]. In brass and
nickel, a systematic GB plane analysis demonstrated that the dependence of interplanar
spacing of the GB planes, deff , is the more critical criterion than PCSD in the selection
of the GB planes [338]. For a symmetric GB, the deff is same as the d-spacing of the
GB plane, while for an asymmetric GB, the deff is given by:

deff =
(d1 + d2)

2
(4.10)

where d1 and d2 are the d-spacing of the GB planes for each grain. The deff is a means
to generalize the d-spacing criterion for the asymmetric boundaries [339]. The energy
of an unrelaxed boundary increases as the d-spacing decreases, because the atoms with
the shortest d-spacing contribute the most to the boundary energy. Consequently,
low-index GB planes due to their larger d-spacing are preferred [340]. In terms of
probability, there are many possible asymmetric GBs and limited symmetric GBs.
However, once the low-index plane for one grain is fixed, the index of the other plane is
constrained by the misorientation. As a result, most asymmetric GBs have a low deff

and are hence unfavorable. This is why symmetric GB planes appear more frequently
than random distribution.

For the Σ13 GB, the two symmetric GB planes {4̄310} and {7̄520} have a d-spacing
of 0.709 Åand 0.409 Å, respectively. The d-spacing of GBs with {101̄0} and {21̄1̄0}
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habit planes is larger with 2.55 Å and 1.475 Å, respectively. However, they typically
form asymmetric GB variants with {101̄0} // {157̄8̄0} habit planes leading to a smaller
deff of 1.421 Å. Despite the fact that the asymmetric GBs exhibit a larger deff than
the symmetric GBs, GBs with {7̄520} and {4̄310} habit planes are observed more fre-
quently in the present study, but also in Mg and Ti-64 alloys [334, 336]. This confirms
that other than the PCSD and d-spacing, the atomic structure of the GBs and their
related excess thermodynamic properties influence the GB plane selection. It is well
established that GBs act as a ’phase’ in themselves and have an atomic structure that is
distinct from the two abutting grains [8, 341]. In all of existing literature that discusses
the rules for selection of the GB [337, 338, 340], the atomic structure of GB has never
been taken into consideration. However, the structure of the GB can play a major
role in determining its thermodynamic properties. The structure of the GB would also
determine its ability to accommodate defects, equilibrium solute segregation and their
influence on the GB energy. Therefore, although a combination of PCSD and deff can
be used to argue the stability of certain GB planes, further investigation of the atomic
structure of the {7̄520} is needed to establish the reason for stability of the high-index
symmetric GB plane over the low-index asymmetric plane, which is an ongoing work.

Grain boundary segregation

Solute segregation at GBs is known to largely influence the mechanical behaviour of
metals either negatively, such as by embrittlement, or positively, by pinning the GBs
and thus restricting grain growth, thereby strengthening it [342–344]. Solute segrega-
tion can also lead to faceting of the GB [345, 346].

Following the Gibbs adsorption isotherm, the earliest model of GB segregation
was given by McLean [347]. It was built on the theory of surface adsorption by Lang-
muir[348]. The Langmuir-McLean isotherm describes that increasing the concentration
of solute in the grain or lowering the temperature leads to higher solute concentration
in the GB for a dilute binary system. This is a highly simplified model and does not
differentiate between any two sites at the interface, nor does it consider the interaction
between the solute atoms. Fowler and Guggenheim treated GBs as a regular solution
by introducing an additional parameter, ω, to describe the interaction between the
solute species. In many dilute systems, such as B in Fe-40%Al [349] and P, S, Sn in
Fe [350], Fowler and Guggenheim isotherm has been used to describe the segregation
behaviour. However, besides the model being valid in a limited concentration range, it



4.2. Microstructure, grain boundary faceting and anisotropic Fe-segregation 111

also does not consider the GB parameters. Numerous statistical thermodynamic mod-
els have been proposed by Wynblatt and Ku [351], Seah [352], BFS [353] and others
to calculate the enthalpy and entropy of segregation by, for example, calculating the
difference in heat of formation with and without solute at the GB. These models can
calculate the thermodynamic functions accurately, given the atomic structure of the
GB is known. Similarly, several phase field models have been used to define GBs as the
spatial variations in an otherwise continuous atomic density field. These approaches
require assumptions of GB parameters such as GB site coordination [354] or GB density
[355]. Such calculations for a specific GB require the knowledge of its atomic structure
and available sites for solute segregation. The knowledge of atomic structure of hcp
GBs is severely limited. Films deposited in the present study paves the way for study of
GB atomic structure which is essential for all thermodynamic GB property calculations.

The segregation of Fe in Ti is a known phenomenon. Random high angle GBs in
Ti have been shown to be stabilized by the segregation of Fe in the substitutional sites
[47]. Fe segregation has also been reported in commercial Ti alloys with no analysis
of the influence of GB type on the segregation behaviour [356, 357]. In the present
study, Fe was observed to segregate preferentially in selected symmetric facets in Σ13
(0001) Ti GB, as seen in Fig. 4.21. All the symmetric facets were apriori expected to
show isotropic behaviour as they belong to the same family of planes and are bound
by the same two grains. The observed peculiar anisotropy is to a first approximation
rationalized using the PCSD. The GB planes (7̄520) and (5̄2̄70) have a higher PCSD
and are seen to have lean or no segregation whereas, the GB planes (5̄72̄0), (7̄250),
and (2̄5̄70) have a lower PCSD and have much higher Fe segregation. Clearly, a lower
PCSD seems to favour Fe solute segregation in Ti.

Beyond characterizing the GB plane, it is of great interest to quantify the amount
of segregation. Such studies began in the early 1980s using surface analysis techniques
like Auger electron spectroscopy (AES) and secondary ion mass spectroscopy (SIMS)
of fracture surfaces [349, 358–360]. With the manifold advancement of the analytical
power of STEM, EDS and electron energy loss spectroscopy (EELS) are now regu-
larly used to quantify the lean segregation of even less than 0.01 monolayer at the
GB [184, 361, 362]. More recently, state-of-the-art STEM techniques and atom probe
tomography have been utilized in a correlative fashion to obtain spatial and chemical
information from the same region down to almost atomic scale [6, 322, 363–366]. A
similar approach was used here to site specifically lift-out a symmetric GB and quantify
the Fe segregation as seen in Fig. 4.22. Although, the EDS clearly shows Fe segregation
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and partitioning to different GB segments, it needs however long counting times and
thus may cause redistribution of Fe like seen in other metallic systems [7]. Therefore,
APT is used for the quantification of solute concentration. Additionally, the distribu-
tion of concentration in the third-dimension cannot be obtained in the STEM-EDS.
It also helps to find any additional scarce impurity present in the material. From
the atom distribution in Fig. 4.22, a uniform distribution of Ti and O is confirmed.
Although the concentration of O is high, ∼28at.%, it is measured to be uniformly
distributed over the entire tip volume. The high O content in the film is due to the
high solubility limit (32 at.%) of O in Ti [367, 368]. Because the deposition cham-
ber had a vacuum of only 2.2 × 10−6 mbar, and Ti is widely used as a getter for O,
the film is expected to have a high dissolved O content. However, no oxides or other
secondary phases are detected. Most importantly, the distribution of O is not altered
at the GB and can therefore be assumed to not have an influence on the Fe segregation.

Although the GB plane cannot be found from the APT data, we know that the
film has mostly Σ13 GBs, with only two possible GB planes. As discussed earlier, the
symmetric {7̄250} and {4̄310} GB is present ∼20 times more often than the (101̄0) /
(112̄0) asymmetric variant, therefore we assume the captured GB to be a symmetric
GB. Furthermore, the Fe distribution is restricted to ∼40-50 nm, which is about the
same as the length of symmetric facet. Combining the results of STEM and APT, it
is likely that we captured two of the symmetric GB facets, for example, {2̄5̄70} and
{3̄1̄40} within our atom probe tip. While the former has a rich and uniform Fe dis-
tribution, the latter is lean in Fe. The area density distribution map in Fig. 4.22 h)
distinctly shows that Fe is uniformly distributed in an area corresponding to one GB
segment. The decrease in the density of the Fe in the right part of the GB can be
attributed to the commencement of the adjacent facet that is lean in Fe. A striking
similarity suggesting the Fe-segregation restricted to symmetric GB segment can be
seen in both Fig. 4.21 d), e) and Fig. 4.22 e), f).

The subsequent measurement of interfacial excess using a ’ladder diagram’ gave a
ΓFe of 1.25 at/nm2 or 0.2 monolayer. The GBexcess measurement has been used as a
method to scrutinize phase formation in the GBs [369]. 0.2 monolayer corresponds to
one in every five atoms at the GB plane being Fe. Assuming that all Fe atoms are
restricted to the GB plane, the stoichiometry corresponds to a Ti0.8Fe0.2 intermetallic
BCC phase [370]. With the spatial resolution of APT, there is no way to ascertain if
the present observation is GB segregation (either by strain or chemically induced by
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bonding/charge transfer) or a GB phase transformation. Based on the local arrange-
ment and bonding of Fe, its influence on the material properties could largely vary.
This necessitates the requirement of additional experiments using STEM to discern
the atomic structure of the GB with and without Fe, which is an ongoing work. More-
over, the measurement of GB excess properties for all other frequently observed GBs
will pave way for GB phase diagrams and GB engineering in the future.
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4.3 STEM investigation of atomic-scale structural tran-

sitions in Ti grain boundaries

This section is based on:

V. Devulapalli, M. Hans, J. M. Schneider, G. Dehm, and C. H. Liebscher, Influence of
Fe segregation on atomic structure of Σ13 [0001] grain boundary in Ti,

Manuscript prepared, yet to be submitted

In this chapter, HRSTEM is used to reveal the atomic structure of GBs present
in the Ti thin films that were discussed in the previous chapter. After analysing the
GB facets at the atomic scale, we found that the symmetric GBs that are free of any
solute content are constituted of periodic structural units. The defect content of the
structural units is found using the topological theory. When a small amount of Fe
is introduced to the same GB, the GB structure gets completely modified. The Fe-
containing atomic columns in the new structural units are encircled by a cage-like Ti
structure. EDS is used to verify that the bright atomic columns in HAADF-STEM
imaging correspond to Fe. Asymmetric GBs with same misorientation are observed to
have similar cage-like structural units with varied Fe-column spacing. Kinks in the GB
are observed to lead to a clustering of the cages. Overall, the structural unit model
is established for the first time for Ti and a structural transformations of the GB are
seen due to segregation.

4.3.1 Thin film characterization

The GBs that are discussed in the following section were all obtained from the thin
films that were discussed in the previous section. A commercially pure Ti target (with
0.2 wt. % Fe impurity) was used to deposit a Ti thin film on (100) orientated SrTiO3

substrate by using pulsed magnetron sputtering. The deposition and the post-annealing
was carried out at the same temperature of 600◦C for 8 h.

As seen in Fig. 4.24, the combination of orientation map, pole figure and unique
grain map reveal a bicrystalline microstructure consisting of two ORs. All the identified
GBs can be attributed to Σ13 [0001], as discussed in Section 4.2.
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a) Secondary electron 
image

5 µm

b) Orientation map

10 µm
d) Unique grain map

10 µm

c) Pole figure

Figure 4.24 Ti thin film deposited on SrTiO3 at 600◦C. a) SE image shows a smooth surface
finish and little contrast between the grains. b) Orientation map obtained using the EBSD
shows the two highly dominant out-of-plane orientations. c) 101̄0 pole figure generated from
the same EBSD data shows only two dominant in-plane rotations. d) The combination of
unique grain map and orientation map shows that one of the orientation relationships is a
single grain that extended all over the substrate, while all the other fragmented smaller grains
belong to the second orientation relationship.

4.3.2 Structural unit model for ’clean’, symmetric Σ13 GB

The GBs are further investigated in greater detail using aberration corrected STEM
imaging. As shown in Fig. 4.19, TEM investigation revealed that GB facets could
be indexed as symmetric {7̄520} and {134̄0} or asymmetric {112̄0} // {101̄0} planes.
First, we investigate the symmetric GBs at atomic scale. Fig. 4.25 shows a symmetric
Σ13 [0001] {7̄520} GB. The HAADF-STEM image was acquired with a beam con-
vergence angle of 17 mrad and HAADF collection angle of 78-200 mrad at 5.1 Mx
magnification. 40 frames of 512 * 512 pixels are integrated using DCFI function in
Thermo Scientific VeloxTM software. Although faster scan results in more noise per
frame, averaging multiple frames reduces it. Higher dwell time causes the beam profile
to grow larger, thereby increasing the diffusion and accentuating the beam damage
[371]. Therefore, with a faster beam raster, we lower the ’beam influence’ to reduce
the beam damage. lower beam damage. The raw integrated HAADF-STEM image is
shown in the background. In the foreground is the Fourier-filtered image that allows
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for easier peak detection and structure analysis.
Fig. 4.25 reveals that the atoms in the GB region are locally rearranged. The

local rearranging of atomic columns at the GB region takes place in such a way that
repeated polygons with specific lengths and angles are formed in the 2-dimensional
projected view. These polygons are termed as structural units [5, 372]. In contrast to
the hexagonal lattice seen inside the grains, the coordination of the atomic columns at
the GBs differ. The structural units, named A, B, and C, for convenience, are found
to constitute the entire GB in a periodic fashion. Using this notation, the GB can be
represented as ’..ABCABC..’. The inset shows a magnified region of the GB for clarity.
The FFT in the bottom-left inset can be used to index the GB plane and to verify the
symmetric nature of the GB.

Table 2.3 (43) shows the exact misorientation values along the [0001] axis to form
exact-CSL GBs. The GB in Fig. 4.25 has a misorientation of 30◦. Due to a 2.2◦

deviation between the exact Σ13 misorientation and the experimentally observed GB,
we observe secondary defects in the GB. The ’ABCABC’ repeating pattern is broken
at certain positions and replaced by a stacking fault-like defect consisting of ’AC’, ’AB’
or ’BC’ instead of ’ABC’. This is expected because GBs are known to act as sinks for
defects. Therefore, any deviation from the ideal CSL misorientation is compensated
by defects. However, it is possible to pick a defect free region to further investigate the
GB structure.

Firstly, we investigate the projected defect content of a single ’ABC’ GB structural
unit. To perform this we utilize the GB circuit mapping, introduced by Pond et al.
[151], to measure the defect content of structural units in several GBs [156, 215, 373].
The topological theory used here is briefly introduced in Section 2.4.2.

Defect content of the experimentally observed structural units

In hcp system, the rotation along [0001] axis can be represented as:

R =


cosθ −sinθ 0 0

sinθ cosθ 0 0

0 0 1 0

0 0 0 1

 (4.11)

For two grains in an hcp system, λ and µ, a vector in the λ reference frame can
be translated to µ reference frame by using a transformation matrix P that is derived
using the R matrix. The transformation matrix P for a Σ13 [0001] can be calculated
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Figure 4.25 Symmetric Σ13 [0001] {75̄2̄0} GB in Ti imaged using HAADF-STEM demon-
strates periodic arrangement of structural units (’ABC’). The FFT in the inset shows the 30◦

misorientation that is 2.2◦ away from the exact Σ13 misorientation.

to be: [215]

P13 =
1

39


35 −10 14 0

14 35 −10 0

−10 14 35 0

0 0 0 35

 (4.12)

Additional details on obtaining the transformation matrix can be found in [154,
374–376]. The complete transformation relationship between the two grains is given
by (P, p) where p is the rigid body translation. For the convenience we choose the
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starting point of the circuit to be a coincident point such that p = 0. Using the
translation vectors and P, the projected defect content of the circuit can be written as
[154]:

b⃗ = t(µ)− P × t(λ) (4.13)

where b⃗ is the Burgers vector of the defect at the interface.

Fig. 4.26 shows the magnified HAADF-STEM image of the ’clean’ Σ13 {7̄520}
structural units that were previously discussed in Fig. 4.25. As shown in Fig. 4.26 a),
the period of the GB can be defined as the translation of a1 + 4a3 in the µ grain or
a translation of a1 + 4a2 in the λ grain. Such a translation moves the observer from
one coincident site to another coincident site in the grain boundary. Next, we map the
same translation in the undistorted reference lattice as shown in Fig. 4.26 b). The pro-
jected primary dislocation content of the GB can be found by mapping the GB circuit
to either of the µ or λ grain. The projected secondary defect content is determined
when the GB circuit is mapped to the dichromatic pattern instead [215].

In Fig. 4.26 b), the SXF circuit from the experimental image is mapped once to
the dichromatic pattern and once to µ grain. The S and F in the dichromatic pattern
are seen to coincide, which means that there are no secondary dislocations (sometimes
referred to as disconnections) present at the selected region of the GB. When the circuit
in the λ grain is rotated by the rotation matrix P, the circuit is equivalent to being
mapped on only the µ grain. We can see that F’ −→ S = -2a1. The same can also be
calculated by using Eq. (4.13). From Fig. 4.26 and Fig. 4.27:

b⃗ = t(µ)− Pt(λ)

= ((−2a1) + 4a3 + 3a1)− P (3a′1 + 4a′2 + (−2a′1))

= ((−2a1) + 4a3 + 3a1)− (3a1 + 4a2 + (−2a1))

= 2a1 + 4a2 + 4a3

= 2a1 + 4(−a1)

= −2a1

b⃗ =
−2

3
[112̄0]

Only when the reference frames for the two translation vectors, t(λ) and t(µ),
are aligned, any vector operation can be performed on them. Therefore, we multiply
t(λ) with P to rotate it by 27.8◦ such that a’ aligns with a. The same equation is
also illustrated in Fig. 4.27. From this figure we can again see that the periodically
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repeating structural unit, ’ABC’, has a projected defect content of -2a or -2/3[112̄0]
which is equivalent to two edge dislocations on the basal plane.
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b)

Figure 4.26 a) Symmetric Σ13 [0001] {75̄2̄0} GB in Ti imaged using HAADF-STEM demon-
strates periodic arrangement of structural units (’ABC’). The Burgers circuit is drawn con-
necting the two periodic atomic positions. b) The same circuit is retraced on a dichromatic
pattern.

4.3.3 GB structural transition due to segregation

Fe segregation to the above discussed Σ13 GBs has already been discussed on a macro-
scopic scale in Section 4.2 [377]. It was shown that Fe preferentially segregates to certain
GBs segments over others. The mechanism behind the preferential and anisotropic seg-
regation was estimated to be a combination of interplanar spacing of GB planes and the
planar coincidence site density (PCSD). However, only an atomic resolution investiga-
tion of the segregated GB region can provide a direct understanding of the mechanism
behind segregation.

Fig. 4.28 shows a Σ13 [0001] {257̄0} symmetric GB that is decorated with Fe. Few
distinct features can be readily noted from the HAADF-STEM image. First, because
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Figure 4.27 The dichromatic pattern seen in Fig. 4.26 (b) is used to draw the vectors
that represent the equivalents of mapped GB circuits to subsequently calculate the projected
primary and secondary defect content of the Σ13 [0001] GB SUs.

the contrast in a HAADF image roughly corresponds to ∼Z2, the brighter atomic col-
umn is rich in a relatively heavier element. A Fourier-filtered image is shown in the
foreground with enhanced contrast to locate the peak positions with greater accuracy.
Atomically resolved EDS discussed later shows the bright atomic column to be Fe.
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Next, the Fe atomic columns are observed to be equally spaced with 0.9 nm spacing
between every two Fe columns. This is same as the spacing between any two repeating
’ABC’ structural units discussed in the clean-GB. In an unrelaxed, undistorted Σ13
{257̄0} symmetric GB, as seen in Fig. 4.26, the CSL sites are also spaced ∼0.9 nm
apart. This indicates that Fe-segregation is favoured at the CSL sites. Such a periodic
segregation of solute at the GB has also been shown in Mg, where Gd and Zn were
shown to segregate in fully coherent twin boundaries using HAADF-STEM imaging
[224].

Fig. 4.28 b) and c) show that the symmetric GB with Fe segregation also follows the
SUM. Two repeating structural units, ’P’ and ’Q’ are identified at the GB. Because the
spacing between two ’ABC’ units is same as the spacing between two ’PQ’ units, it is
likely that ’ABC’ transforms to ’PQ’ upon segregation. To the best of our knowledge,
this is the first observation of a segregation induced GB structural transition in hcp
metals. A 3-dimensional understanding of the structural transition requires further
theoretical analysis.

Change of GB Fe concentration

In another symmetric Σ13 [0001] {7̄520} GB having a relatively higher number of bright
Fe-rich columns per unit length (probably because of higher concentration of Fe), the
’P’ units were seen grouped together in a periodic manner. Fig. 4.29 shows four ’P’
units that are grouped together in the form of clusters, referred to as ’4P’ which is
followed by two ’R’ units. This observation suggests the high stability of ’P’ unit in
the presence of Fe in the GB. Another important question that cannot be answered
with the available data is the difference in the Fe-concentration between Fig. 4.28 and
Fig. 4.29. It was recently noted by Frolov et al. in Cu-Ag system, that the net solute
concentration at the GB is lower in a bilayer than in a monolayer. This is counter-
intuitive to what is apparent from the 2D projection [378]. Therefore, in the present
case, the observed change in the GB structure cannot be directly correlated to an
increase or decrease in the Fe concentration.

Several GB solute segregation models have been developed by McLean [347], Hon-
dros and Seah [379], and Wynblatt and Chatain [351]. The Lanmguir-McLean model
adapted the use of Lanmguir adsorption model from surfaces to interfaces [347]. The
model from Hondros and Seah applies the modification introduced by the Fowler–Guggenheim
model to interfaces [379]. The common element in these models is that they do not
consider the atomic structure of the GB. Essentially any GB is expected to have certain
preferential sites for solute segregation which is independent of its atomic structure.
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Figure 4.28 a) Symmetric Σ13 [0001] {7̄520} GB in Ti imaged using HAADF-STEM demon-
strates periodic Fe segregation that are uniformly spaced apart. b), c) The structural rear-
rangement caused by Fe segregation is observed to follow the SUM, with repeating ’PQ’ units.
The atomic column rich in Fe is highlighted in yellow.

From Fig. 4.28 and Fig. 4.29, it is clearly evident that a change in solute content can
be accommodated by changing the atomic structure. This means that all the GB seg-
regation models are only an approximation at their best, when the atomic structure of
the GB is not considered in the model.

What exactly a GB phase transition is seems to be widely disputed in the literature.
Solute addition leading to the so-called GB complexion transitions have been recently
frequently reported. Addition of Au in Si was shown to transform a ’clean’ GB to a
bi-layer GB [380]. Similarly, distinct GB phases were reported in WO3 and CuO doped
Ti02 bicrystal [187]. However, they are not actual structural changes within the GB.
Hence care must be used when defining what constitutes GB phases or complexions.
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Figure 4.29 Symmetric Σ13 [0001] {7̄520} GB with greater Fe-rich columns per unit GB
length than Fig. 4.28 demonstrates periodicity in clustering of the ’PR’ units to form ’4P-2R’
units.

4.3.4 Atomic structure of Fe-segregated asymmetric GBs

As asymmetric GBs have higher energy than the symmetric GBs, it is expected that
solute would preferentially segregate in such GBs. The same is observed for the Σ13
GBs. As seen in Fig. 4.30, Fe is segregated to the GB. As marked in the figure, the
overall GB in a macroscopic sense would appear to be Σ13 101̄0/ 112̄0. However,
when observed at the atomic scale, the [112̄0] GB is found to be clearly faceted into
two neighbouring symmetric GBs, {5̄72̄0} and {4̄310}. The same can also be observed
from the FFT present in the inset. As discussed earlier, the GB planes can be indexed
by overlaying the GB plane normals on the FFT. Each facet was observed to be only
∼2-3 nm long. The symmetric {7̄520} facet was observed to show the same 0.9 nm
spacing between the Fe columns. While the {4̄310} symmetric segments are seen to be
lean in Fe.

In another instance, a rather continuously curved GB is observed. As shown in
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Figure 4.30 Asymmetric Σ13 [0001] {101̄0} GB in Ti imaged using HAADF-STEM demon-
strates GB faceting at atomic scale into the two symmetric variants, {5̄72̄0} and {4̄310}.

Fig. 4.31, the asymmetry of the GB was seen to lead to an increased spacing between
the Fe columns. Instead of the 0.9 nm spacing in a symmetric GB, Fe rich columns
with a Ti-rich cage around them were spaced 2.1 nm apart. Additionally, following the
SUM, the GB seems to be composed of both the ’ABC’ and the ’PQ’ units. The ’ABC’
units as seen in detail in the Fig. 4.31 inset are placed between two Fe-rich cages. The
’C’ unit in the ’ABC’ structure appears slightly deformed compared to the ’clean’ GB
to accommodate an additional Fe-rich column in its center. On the other hand, the
’PQ’ unit made of bright Fe-rich columns appear similar in both the symmetric and
asymmetric GBs.
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Figure 4.31 Asymmetric Σ13 [0001] {101̄0} GB in Ti imaged using HAADF-STEM shows Fe-
rich columns spaced father apart than in symmetric GB. ’ABC’ units also present periodically
at the GB were seen to have an an additional bright Fe-rich column within the ’C’ unit.

The GB circuit mapping that was deployed to measure the defect content in the
segregation-free GB is not easy to implement in case of the segregated units because
of the absence of a symmetrical undeformed region. The circuit mapping requires the
circuit to be drawn in the grain which is in-principle not affected by the influence of
elastic strain-field of the GB. While such a circuit was possible on the ’clean’ GB, no
such symmetrical sites were found on the segregated GBs across which the GB circuit
could transverse from one grain to the other.
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4.3.5 Dislocation on hcp basal plane

Fig. 4.32 shows two dislocations spaced 6 nm apart from each other. A Burgers circuit
is drawn around them to find out the magnitude of the Burgers vector. b⃗ = 1/3 [112̄0]
for both of them. The Burgers circuit is drawn in blue and the projected Burgers
vector is marked with a green arrow. It is notable that the core of the edge dislocation
has a bright contrast signalling towards segregation of Fe to the dislocation core. Also,
the bright column at the core appears to be surrounded by a cage, similar to the ones
observed at the GB. From the contrast, we assume that Fe is located at the core and
the surrounding cage is Fe-lean. The strain field around the dislocation combined with
the slightly misaligned dislocation core with the zone-axis results in a blurry contrast
in the immediate vicinity of the dislocation. Therefore, it was not possible to identify
the exact number of Ti columns around the bright Fe-column. However, it appears
that the overall structure of the dislocation core is tending towards the same ’cage-like’
structure observed at the GB.

4.3.6 Near-atomically resolved energy dispersive spectrometry

Fig. 4.33 a) shows the HAADF-STEM image of a symmetric Σ13 [0001] {7̄520} GB.
As discussed previously, the GB region has bright Fe-rich columns with Fe-lean Ti-rich
atomic columns around it. The Fe decorates the GB in a symmetric manner with
all Fe-rich columns equally spaced from each other. Fig. 4.33 b) shows 380 frames of
EDS data collected at 120 kV. The Fe-area map reveals that the bright regions in the
HAADF image are directly correlated with the Fe-rich regions in the EDS data. A
line-profile along the GB length is also overlaid on the EDS data. It shows periodic
enrichment of Fe at the GB.

The EDS data was collected at 120 kV as lower kV increases the inelastic cross-
section and also reduces the beam damage to the sample. The Fe-rich cages through
out the study were seen to be highly unstable under 300 kV beam. In order to obtain
sufficient EDS information from the same atomic column without displacing the atoms,
it was necessary to use lower kV.

4.3.7 Discussion

Structural units and their defect content

A detailed discussion on the SUM is presented in Chapter 2. In summary, first pro-
posed by Vitek el al. [5], several theoretical and experimental studies have verified it
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b = 1/3[1120]

Figure 4.32 Two edge dislocations with Burgers vector, b = 1/3 [112̄0] are observed to have
bright contrast indicating Fe segregation. The dislocation core appears to have a ’cage-like’
structure with Fe trapped in the core.

[177, 180, 208, 320, 381–383]. For high angle GBs, starting from an infinite dislocation
model, Sutton et al. converged to the SUM [166, 384]. The central concept is that the
GBs are made of periodic structural units that minimize its energy. GBs of certain
orientations were termed as preferred GBs. Other GBs that lie in between two pre-
ferred GBs are expected to be made of a combination of the two favoured units. The
main flaw in this generally recognized hypothesis is the lack of knowledge regarding
the number of favored GBs.
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a) STEM-HAADF b) Fe-EDS signal

Figure 4.33 a) HAADF-STEM signal acquired during the EDS scan at 120 kV for a sym-
metric Σ13 [0001] {7̄520} GB in Ti. b) The bright atomic columns in HAADF are verified
to be Fe using STEM-EDS. The line-integral along the GB length depicts the Fe-K counts
obtained from the EDS spectrum.

While most of the work validating SUM has been performed on fcc and bcc mate-
rials, substantial work has also been performed on ceramics having wurtzite structure
whose symmetry is similar to hcp. In the present work, an uncanny resemblance was
observed between the structural units imaged in both the crystal structures. [0001] tilt
GBs in GaN and ZnO have been extensively studied due to their commercial impor-
tance. Using both atomic simulations and HRTEM, it was shown that all the favoured
structures in [0001] tilt GBs in GaN are made of different cores of 1/3[112̄0] edge
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dislocations [234, 385]. The cores of edge dislocation were experimentally imaged in
ZnO to have very similar structures to the ’ABC’ units observed in the present study.
Σ7 GB was shown to have a period ’..BCBC..’ [221], while Σ13 was shown to have
GB period of ’..ABCBCABCBC..’. Therefore, for the [0001] tilt GBs, the observed
structural units in the present study match very well with the observations made on
ZnO and GaN [230]. The addition of Fe to the symmetric GB resulted in a structural
transition from ’ABC’ to ’PQ’ units. Remarkably, a similar transition was also ob-
served in a Σ13 [0001] GB in ZnO when doped with Bi. Of the two probable structures
that were theoretically calculated, the structure that appears like the ’P’ unit of the
present study was shown to be energetically favourable [386]. This indicates that the
GB structure is largely governed by the geometry/crystal structure and is expected to
contain symmetrical structural units for all hcp materials.

Further, using dichromatic pattern and the tools provided by bicrystallography
[150], the defect content of the structural units were evaluated. A detailed review of
the method can be found in [153, 387]. Defect contents of a host of GaN [0001] tilt GBs
calculated using topological theory, showed that all the structural units were made of
pure-edge dislocations [156]. Fig. 4.27 shows a similar circuit revealing the defect con-
tent of a single structural unit of Σ13 GB in Ti to be -2a or -2/3[112̄0]. This matches
well with the results of Li et al. on GaN and ZnO [388].

The defect content of a Σ13 GB was also investigated in ZnO [215]. However, the
GB was 0.7◦ away from the ideal Σ13 misorientation. This lead to secondary defects at
the GB that were found to be unit Displacement shift complete (DSC) vectors. DSC
lattice is a fine mesh along which either lattice can be displaced while still maintain-
ing the CSL relation. In other words, it is the lattice that contains every point of
both the lattices. The DSC lattice is created with an n times smaller mesh than the
Σn-CSL unit cell. This method has also been used to find out the secondary defect
content/disconnections in Mg [153]. Using the same procedure in the present work,
the secondary defect content in Fig. 4.26 was found to be 0.

Grain boundary phase transitions due to segregation

Since Hart proposed two-dimensional phase transition of GBs [389], many GB phase
transitions triggered by solute segregation have been reported. Au segregation to Fe
GBs was shown to change the dislocation arrangement in the LAGBs [390]. In high
angle GBs, phase transitions were mostly attributed to experimentally measurable
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properties like discontinuity in GB sliding, diffusivity and mobility [391]. For exam-
ple, the ductile to brittle transition of Al GBs in the presence of Li was attributed to
two-dimensional phase transitions [392]. However, most of them lack the direct exper-
imental observation at atomic scale to understand the structural change in GB that
leads to discontinuity in the measured properties.

Faceting/roughening of GBs where the resultant facets have a different GB plane
than the parent phase can be considered as one class of GB phase transitions. For exam-
ple, Fe GBs were shown to be faceted in the presence of O and Te [393]. Σ19 {331} GB
in Cu was shown to facet in the presence of Bi leading to embrittlement [394]. However,
some more recent investigations reveal the atomic scale information. An asymmetric
Σ5 GB in Cu was shown to facet at atomic scale into Ag-rich symmetric facets and
Ag-lean asymmetric facets, where each facet was only few nm long [191]. In the present
work, similar GB faceting is observed at atomic scale, as seen in Fig. 4.30. The global
{112̄0} asymmetric GB was observed to facet into two symmetric segments. This is the
first experimental observation of such atomic scale faceting phenomenon in hcp metals.

A structural change of the GB core where the GB plane remains the same is termed
as congruent phase transition [395]. The atomic structure of a high angle GB is ul-
timately decided by its excess properties. Addition of a solute modifies the excess
properties, which may lead to structural transitions. Using MC-MD simulations, a
first order GB phase transformation between a ’kite’ and a ’split-kite’ structure has
been demonstrated in Σ5 (310) GB in Cu at 800 K. The segregation pattern and the
Ag-excess in both the structures were observed to vary. The first order GB phase tran-
sition was observed both with and without solute. The transition between monolayer
and bilayer in the presence of solute was termed as segregation-induced phase transition
[378]. To the best of our knowledge, the only other instance where segregation induced
GB phase transition was reported was in a Pt(Ni) system. Using MC simulations, upon
heating to 850 K, Σ5 twist GB in a single phase Pt-Ni solid solution was seen to result
in ordering of Ni at the GB. This was thought to be a segregation induced first order
GB phase transition [396]. Recently, DFT was used to compare the difference in bind-
ing energy for various solute elements in Σ7 GB in Mg [397]. Certain preferred sites
of segregation were identified in the GB structural units, but no relation was proposed
between the CSL sites and the observed segregation. In the present work, there are
preferred sites in the GB where the Fe segregates, as seen by comparing Fig. 4.25 and
Fig. 4.28. In Fig. 4.34, the 11 atoms that form the ’B’ and the ’C’ units are labeled. It
appears that Fe substitutes Ti in the atomic site #4 that joins the ’B’ and ’C’ units.
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The presence of Fe results in local rearrangement around #4 resulting in a 10-atomic
cage-like structure around it. A roughly identical reconstruction of the Σ13 [0001] GB
was observed using DFT in ZnO when doped with Bi [386]. The defect energy (segre-
gation energy) of Bi in ZnO was shown to be negative, meaning that the GB energy is
lowered due to the solute addition. Because of the similarity in the symmetry, we can
expect the Ti GB to behave roughly similar. In both the cases, the GB plane remains
the same while the GB structural units are modified by the addition of solute.

Figure 4.34 The ’ABC’ structure of the solute-free Σ13 [0001] {7̄520} is magnified to label
the 11 atoms that form the ’B’ and the ’C’ units. The addition of Fe transforms the GB unit
’P’ and ’R’ units where Fe-rich column is highlighted in yellow.
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Chapter 5

Summary and conclusions

5.1 Ti thin film deposition using e-beam evaporation

In the first chapter, titanium thin films were successfully deposited using e-beam evap-
oration on substrates of SiNx, NaCl and four orientations of sapphire. The substrate
temperature and deposition rate were varied in order to study their influence on mi-
crostructure and texture. Following were the most crucial findings:

1. Nanocrystalline films were obtained for the first time on SiNx. All depositions on
NaCl substrate also led to nanocrystalline films. However, a difference in texture
between the two was observed. The minimization of strain energy dominated for
the film deposited on SiNx substrate and led to a (101̄1) texture, while surface
energy minimization promoted a (101̄0) texture for all films deposited on NaCl
(100). All the films were nanocrystalline, which can be of great commercial
interest for applications requiring high strength and corrosion resistance.

2. The film on C-plane sapphire grew as a single crystal with the (0002) plane surface
normal in all cases. The six-fold symmetry of the oxygen sub-lattice of sapphire
and the low lattice misfit are considered to be responsible for the formation of a SC
film even at RT. Using cross-section HRTEM imaging the orientation relationship
was determined to be (0002) T i ∥ (0006) Sapphire, ⟨112̄0⟩T i ∥ ⟨033̄0⟩Sapphire.

3. On C-plane sapphire with a 2◦ miscut and A-plane, a nanocrystalline film grew
at RT and SC films were obtained by heating the substrate to 200◦C. For the
first time, a SC film was obtained on R-plane sapphire by heating the substrate
to 400◦C.

4. The resistivity of the 90 nm thick SC film was 70 µ Ω cm while 300 nm thick films
displayed lower resistivity of 60 µ Ω cm owing to reduced surface scattering with
increasing film thickness. The nanocrystalline film exhibited higher resistivity of
95 µ Ω cm because of additional scattering from grain boundaries.
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Overall, we showed how a combination of deposition parameters and substrates can
be chosen to obtain nanocrystalline and single crystalline Ti thin films. These results
pave the way to a controlled synthesis of Ti films with defined orientations having
fundamental implications for micro-electronics and thin film industry.

5.2 Grain boundary evolution and anisotropic Fe seg-

regation in (0001) textured Ti thin films

Following the deposition of bicrystalline Ti thin films, the faceting and Fe-segregation
in Σ13 [0001] GBs of Ti thin films were explored in this chapter for the first time.
Following were the important findings:

1. A novel template based thin film deposition pathway for obtaining columnar
grains containing tilt GBs of Ti is established using pulsed magnetron sputtering
on SrTiO3 (001) substrates at 600◦C followed by post-annealing at the same
temperature for 2 h, 4 h and 8 h.

2. The ion current density during magnetron sputtering is seen to modify the texture
from a mixture of (101̄1) and (0002) to only (0002).

3. EBSD and TEM analysis reveals a bicrystalline film with continuously curved
GBs having a very high fraction of Σ13 [0001] CSL GBs. Such a textured film
with well defined CSL GBs is demonstrated for the first time.

4. Two orientation relationships (ORs) are identified, where OR I is one continuous
grain spread over the entire substrate. The OR II grains are distributed across
the film and are observed to shrink upon annealing of the films. The two ORs
are given as:
OR I: (0002)T i ∥ (001)SrT iO3 , [57̄20]T i ∥ [100]SrT iO3

OR II: (0002)T i ∥ (001)SrT iO3 , [54̄1̄0]T i ∥ [100]SrT iO3

5. (S)TEM imaging revealed GBs faceted frequently into symmetric {7̄520} and
{4̄310}, and sporadically asymmetric {101̄0} // {21̄1̄0} facets. The selection
of GB planes during faceting is considered to be a combination of high planar
coincidence site density and high effective interplanar spacing (deff ).

6. EDS analysis reveals a distinct preferential Fe segregation in every {7̄520} GB
facet while every {4̄310} GB remains Fe-lean. A similar behavior was verified
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by atom probe tomography and the Fe solute excess at the Fe-rich facets was
determined to be 1.25 at/nm2.

In this chapter, we established a novel route to obtain bicrystalline Ti thin film that
opens the path to investigate its GBs in detail. Phenomenon such as faceting and seg-
regation of GBs are known to influence their properties. For most polycrystalline ma-
terials, its failure and strengthening is directly associated with these GB phenomenon.
The Fe segregation investigated here is of added interest because it a common impurity
present in all lower grades of titanium that are often used due to their lower cost.

5.3 (S)TEM investigation of Σ13 grain boundaries in

Ti

The thin film having columnar grains and tilt GBs was selected to be the optimal thin
film required for atomic scale investigation of the GBs.

1. A symmetric Σ13 [0001] {7̄520} GB that was observed to constitute periodic
structural units, termed ’ABC’.

2. A dichromatic pattern was utilized to find out the defect content of the structural
units using topological theory. One repeating unit was found to have the same
defect content as two basal plane edge dislocations. Using the same dichromatic
pattern it was verified that no disconnections / secondary defects were present
at the investigated GB.

3. In another instance, Fe segregation was observed in the symmetric Σ13 [0001]
{7̄520} GB. Atomic columns rich in Fe distinctly appear bright when imaged using
HAADF detector and decorated the GB periodically. The observed repeating
structural units were termed ’PQ’.

4. The presence of Fe in the brighter atomic columns was verified using near-
atomically resolved EDS.

5. The spacing between two ’ABC’ and ’PQ’ units is similar. This indicates that
’ABC’ transforms into ’PQ’ upon Fe-segregation. As the GB structure modifies
entirely due to segregation, this is to the best of our knowledge the first example
of the direct observation of GB structural transition due to segregation in a hcp
material.
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6. An asymmetric {101̄0} // {112̄0} GB was observed to facet into the two sym-
metric variants, {7̄520} and {134̄0}, at atomic scale upon segregation.

7. Another similar asymmetric {101̄0} // {112̄0} GB was observed to have a rather
continuous curvature instead of facets. The curvature was accommodated by a
mixture of both ’ABC’ and ’PQ’ structural units.

To conclude, in this final chapter of results, we observe Σ13 [0001] GB in hcp materials
at the atomic scale. We prove the applicability of the structural unit model to both
symmetric and asymmetric GBs in hcp metals. Additionally, we show the periodic
nature of segregation leading to structural transitions in hcp GBs for the first time.
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Chapter 6

Conclusions and outlook

In this thesis, a large portion of the work deals with thin films of Ti. Thin film
deposition of metals is a commercially heavily used technique. Many studies have
shown how a minor change in deposition parameters can change the microstructure of
the thin films. Therefore, the present work helps to fill the gaps in the understanding of
growing Ti thin films. We describe in depth a number of methods for obtaining diverse
microstructures, including single crystalline, bicrystalline, and nanocrystalline, each of
which has unique properties. The single crystalline Ti thin films can act as a diffusion
barrier while also exhibiting improved fatigue and wear resistance owing to its single
crystallinity. The nanocrystalline Ti on the other hand is widely known for its high
strength and resistance against grain coarsening at higher temperatures. Since bulk Ti
is expensive, thin coatings of Ti can be used for several cost-effective applications.

The second half of the thesis is focused on investigating the Σ13 [0001] GBs that
are commonly observed in many (0001) textured hcp materials. The atomic structure
of the GB was found to have many commonalities with the structure of the same GB
observed in ZnO and GaN. Although the latter have dominant covalent bonds and the
bonding characteristics are determined by the charge transfers, the GB structure in
the (0001) projection appears to be similar. This indicates that the GB structure in
hcp materials, and perhaps in other close packed structures, depends strongly on the
local coordination more than anything else. It is noteworthy that the 5,7-atom ring
structures observed in hexagonal 2D materials such as graphene also highly resemble
the structure observed in the present work, although this is only limited to the projected
view from (0001). This serves as a further indication of how much the structure depends
on the local geometry. Similar findings were also reported for fcc materials where Σ5
GB was found to have identical structural units for Au, Ag, Ni, and Cu [341].

GB multiplicity has been demonstrated theoretically and more recently experimen-
tally in Cu. Several GBs are expected to exhibit similar behaviour. However, observing
the high-temperature high-pressure phases experimentally is challenging. Therefore,
for our enhanced understanding of the interfaces, theoretical computations using DFT
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and MC-MD simulations are necessary. Furthermore, some important questions remain
unanswered in the present work. Although the spacing between the Fe-rich columns
was seen to be identical to the spacing between CSL points, we need theoretical calcula-
tions to determine the variation in GB energy depending on various solute segregation
sites. It would be also of great interest to investigate the difference in GB energy
values that result from the clustering of ’P’ units to form ’4P’ units upon a change in
solute content. These clusters are probably the nucleating sites for Ti-Fe intermetallic
compounds, which makes their better understanding even more critical. Furthermore,
such experiments can never provide an exhaustive answer to the possible number of
favoured GBs and if any particular GB is stable or meta-stable.

EDS was used in the present work to verify that the bright contrast in the HAADF
corresponded to Fe-rich columns. However, it is extremely challenging to determine the
actual concentration of the Fe in individual atomic columns. This makes correlating
GB structure/ properties to the solute content difficult. Also, the Fe-rich columns were
detected to always have an the increased projected width when compared to pure-Ti
columns. Fe has a smaller atomic size than Ti, yet the Fe-rich columns appeared wider.
This could be related to higher free volume at the GB that de-channels the probe.
Answers to several such questions lie in the 3-dimensional nature of the structural
units, which can only be revealed using simulations. Therefore, like in every scientific
study, the present work has led to a number of new questions that will need to be
answered in the future.
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