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a b s t r a c t 

The effect of hydrogen on the surface morphology and nanomechanical properties of Ni-based Alloy 

725 under solution-annealed (SA) and precipitation-hardened (API) conditions was thoroughly studied. 

The investigation involved in situ nanoindentation testing, microscopy characterization, statistical analy- 

sis, and numerical simulation approaches. The results showed the distinctive effects of hydrogen on the 

pop-in and hardness in the SA and API samples. For the SA sample, hydrogen mainly dissolved as solid 

solute in the matrix, causing enhanced lattice friction on the dislocation motion and increasing the in- 

ternal stress via lattice expansion. Thus, an enhanced hardness, a reduced pop-in width/load ratio, and 

numerous surface steps were detected in the presence of hydrogen. For the API sample, the strengthening 

γ ′ ′ phases were the stress concentrators, and the dislocations nucleated heterogeneously, demonstrating 

indistinctive pop-in phenomena. Furthermore, the precipitates in the API sample affected the trapping be- 

havior of hydrogen, thereby resulting in the hardness change, which reflected the competition between 

solution hardening in the matrix and vacancy softening mechanism in precipitates. 

© 2022 Published by Elsevier Ltd on behalf of The editorial office of Journal of Materials Science & 

Technology. 

This is an open access article under the CC BY license ( http://creativecommons.org/licenses/by/4.0/ ) 
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. Introduction 

Ni-based alloys are widely used in the oil and gas industry 

ecause of their outstanding mechanical properties and high resis- 

ance to both oxidation and corrosion in harsh environments [1] . 

heir high strength is mainly attributed to solid solution strength- 

ning achieved by the addition of multiple alloying elements (e.g., 

o, Cr, and Nb) and precipitation hardening due to proper heat 

reatments [2–5] . Additionally, Mo and Cr are responsible for the 

xcellent corrosion resistance; they form a stable oxide barrier 

ayer and inhibit corrosion [1] . However, the presence of hydrogen 

eteriorates the positive effect, leading to unforeseen structural 

aterial failure. This severe degradation of mechanical properties 

aused by hydrogen is known as hydrogen embrittlement [6] . 

lthough Ni-based alloys show better resistance to fracture and 

orrosion than most other face-centered cubic (FCC) alloys, it has 

een widely reported that hydrogen-induced cracking leads to 

 drastic reduction in ductility in Ni-based alloys, resulting in 

uctile-to-brittle fracture transition [7–10] . 
∗ Corresponding author. 
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Hydrogen embrittlement has been extensively studied using 

everal proposed mechanisms, among which the most invoked 

nes are hydrogen-enhanced localized plasticity [ 11 , 12 ], hydrogen- 

nhanced decohesion [ 13 , 14 ], hydrogen-enhanced strain-induced 

acancy formation [15–17] , and the Defactant mechanism [ 18 , 19 ]. 

espite years of study, none of the aforementioned mechanisms 

an exclusively explain all hydrogen embrittlement phenomena. 

his is due to the complexity of hydrogen embrittlement, which 

epends on multiple factors, including microstructure, mechanical 

esting conditions, and hydrogen trapping and diffusion [20–22] . 

hus, a single phenomenon often is explained on the basis of the 

ynergistic effects of several mechanisms. 

Regarding hydrogen embrittlement in Ni-based alloys, both 

ydrogen-assisted intergranular failure [23–25] and transgranular 

ailure [ 8 , 26 ] have been documented in previous studies. For the 

ntergranular fracture, different types of grain boundaries were 

tudied by in situ bicrystalline micropillar compression tests on 

lloy 725 [27] . The grain boundaries could suppress dislocation 

ransmission in the presence of hydrogen owing to the hydrogen 

inning effect, leading to dislocation pileups at grain boundaries, 

hereby contributing to elevated local stress, which could further 

nduce intergranular cracking. Moreover, the coherent twin bound- 

ries were identified as the sites most susceptible to hydrogen- 
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nduced crack initiation, and the low Miller-index facets report- 

dly had excellent hydrogen embrittlement resistance in Alloy 725 

 28 , 29 ]. For the transgranular fracture, the cracks in Alloy 718 were

ypically nucleated at the intersections of planar dislocation slip 

ands in the hydrogen-charged region because of the interaction 

etween hydrogen and dislocations along the active slip planes 

ith the highest Schmid factor [ 8 , 30 ]. Moreover, the precipitates 

n Ni-based alloys play an important role in void and crack forma- 

ion because hydrogen segregates from the precipitates and pro- 

otes dislocation–hydrogen interplay at the interfaces [ 8 , 31 ]. Al- 

hough tremendous effort s have been dedicated to studying the 

ydrogen-assisted degradation behavior using macroscale tensile 

ests, the nanomechanical response of Ni alloys in hydrogen en- 

ironments has scarcely been explored. In particular, the interac- 

ions among hydrogen, dislocations, and strengthening phases can- 

ot be fully revealed by conventional large-scale tensile tests. This 

iterature gap hinders the understanding of the effect of hydrogen 

n local deformation behavior. Therefore, a small-scale testing ap- 

roach is necessary to study the hydrogen–dislocation interactions 

n a confined region. 

Nanoindentation has been recognized as an appropriate method 

or measuring the nanomechanical response in a small stress field. 

echanical properties, such as Young’s modulus and hardness, 

s well as dislocation nucleation and multiplication can be de- 

ected in a confined volume by recording high-resolution load–

isplacement (L–D) data [ 32 , 33 ]. Moreover, in situ electrochemical 

anoindentation (ECNI) was developed by integrating nanoinden- 

ation with in situ hydrogen charging [34–36] . Thus, the effect of 

ydrogen on the nanomechanical properties can be easily deter- 

ined with a better understanding of the hydrogen embrittlement 

echanisms. In this study, in situ ECNI tests were performed on 

lloy 725 under different metallurgical conditions, i.e. , solution an- 

ealing (SA) and precipitation hardening (in accordance with the 

merican Petroleum Institute standard, API), to thoroughly reveal 

he effect of hydrogen on the nanomechanical properties. Further- 

ore, the role of precipitates in hydrogen-affected dislocation nu- 

leation and hardness change was demonstrated to better the un- 

erstanding of the hydrogen-assisted degradation mechanism and 

ave the way for designing hydrogen-tolerant alloys. 

. Experimental 

.1. Materials and sample preparation 

Laboratory-melt alloy 725 was investigated in this study. Its 

ominal composition is presented in Table 1 . The alloy was melted 

sing a vacuum induction furnace and forged to a bar with a 

ength of 133 mm and a diameter of 12.5 mm. After forging, the 

lloy was heat-treated under two different conditions: SA and API. 

or the SA condition, the alloy was solution-annealed at 1038 °C 

or 2 h, followed by water quenching. For the API condition, the 

nnealing process was followed by two aging steps. The alloy was 

ged first at 732 °C for 8 h and then at 621 °C for 8 h, followed

y air cooling. The Alloy 725 samples after SA and API heat treat- 

ents would henceforth be referred to as SA and API, respectively. 

he bars were further sliced into discs with a thickness of 5 mm 

y electrical discharge machining for the in situ ECNI test. After- 

ards, disc samples were prepared via a sequence of mechanical 
Table 1 

Nominal composition of Alloy 725 (in wt%) studied herein. 

Ni Fe Cr Nb Mo Ti Al 

Bal. 10.1 19.7 3.6 7.3 1.4 < 0.1 

Mn C Si S P N 

< 0.02 < 0.01 < 0.1 < 0.001 < 0.005 trace 

t

2

b

s

F

157 
rinding using 20 0–0 0 0 grit SiC papers and polishing down to a 

 μm diamond suspension. Electropolishing was performed as the 

nal step in a methanol/H 2 SO 4 electrolyte at 26 V for 30 s to re-

ove the deformation layer induced by the previous mechanical 

olishing processes. 

.2. In situ ECNI test 

The in situ ECNI test was performed using a Hysitron TriboIn- 

enter TI 950 equipped with a long-shaft Berkovich diamond tip. 

he tip was specially designed for in situ applications and can be 

sed for indentation and surface imaging through an electrolyte. A 

hree-electrode electrochemical cell consisting of a platinum plate 

s the counter electrode, an Hg/Hg 2 SO 4 reference electrode (all po- 

entials in the article are measured with reference to this poten- 

ial), and a test sample as the working electrode was designed for 

n situ hydrogen charging. Additional details about the in situ ECNI 

etup can be found in Ref. [34] . The electrolyte used for hydro- 

en charging was a 2:1 volume mixture of glycerol and H 3 PO 4 . 

his electrolyte has been proven as a good candidate for hydro- 

en charging in small-scale mechanical testing on nickel-based al- 

oys, because it ensures a corrosion-free surface after long-term hy- 

rogen charging [ 9 , 37 , 38 ]. Prior to the in situ ECNI test, electron

ackscatter diffraction analysis was performed on the specimens 

o identify the desired grains with a normal direction of < 111 > for 

he indentation testing, thereby eliminating the influence of differ- 

nt crystallographic orientations on the testing results. 

Nanoindentation test was first performed in air without hydro- 

en charging as the reference condition. Then, hydrogen charging 

as sequentially applied at two different current densities of 0.1 

nd 1 mA/cm 

2 (referred to as H1 and H2, respectively) to yield dif- 

erent hydrogen concentrations on the sample surface. The sample 

as precharged for 3 h under each condition prior to the nanoin- 

entation test to ensure a constant hydrogen concentration in the 

ubsurface region. After the cathodic hydrogen charging process, 

n anodic discharging step was applied at 100 mV (in the pas- 

ive zone) for 10 h, followed by nanoindentation test to check 

he reversibility of the nanomechanical properties after hydrogen 

esorption. The indentation tests were performed during electro- 

hemical charging/discharging in an in situ manner. The amount 

f charged hydrogen after each charging procedure was further 

etermined by the thermal desorption technique, which will be 

ntroduced in detail in Section 2.4 . During the in situ ECNI test, 

canning probe microscopy (SPM) images were scanned after each 

harging/discharging process to track the changes in surface topog- 

aphy. For a given alloy, the same sample was subjected to differ- 

nt hydrogen conditions and tests. The sample after in situ ECNI 

est was taken out and rinsed carefully. The tested grain was fur- 

her characterized to check the position of each indent. All the in- 

ents that were located outside the grain or on the inclusions were 

liminated from data analysis. 

The load function was operated in the load control mode; the 

oading rate was 80 0 0 μN/s up to the peak load of 20 0 0 μN, with

 holding time of 0.45 s. Then, the unloading segment started at 

80 0 0 μN/s from the peak load and continued up to 10% of the

eak load, with an additional 0.25 s holding for the drift correc- 

ion, followed by further unloading to 0. For both alloys, at least 

8 indentations were performed per testing condition to guarantee 

he reproducibility of the results. 

.3. Microstructural characterization 

After the sample surface preparation, the microstructures of 

oth the SA and API samples were characterized by high-resolution 

canning electron microscopy (SEM, Quanta 650 FEG, Thermo 

isher Scientific Inc.). The precipitates were further characterized 
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Fig. 1. SEM images (a, d) with the corresponding inverse pole figure maps (b, e), and the ECC images (c, f) of the solution-annealed (SA) (a–c) and precipitation-hardened 

(API) (d–f) samples showing the dislocation and precipitate distribution. 
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y transmission electron microscopy (TEM, JEOL JEM-ARM200F) 

n a lamella sample prepared using the focused ion beam (FIB). 

he elemental partitioning between the nanosized precipitates 

nd matrix was characterized by atom probe tomography (APT). 

he FIB-prepared needle specimen was characterized using a lo- 

al electrode atom probe 40 0 0X HR instrument operated in laser- 

ulsing mode with laser energy of 10 pJ and a pulse frequency 

f 250 kHz. The temperature of the analysis chamber was main- 

ained at −213.15 °C (60 K). The APT data were reconstructed using 

VAS 3.8.0 (CAMECA Scientific Instruments, Madison, WI). In addi- 

ion, electron channeling contrast imaging (ECCI) was performed 

efore and after the in situ ECNI test to probe the microstructural 

hanges induced by hydrogen charging. ECCI measurements were 

erformed at an acceleration voltage of 30 kV and a working dis- 

ance of ∼5 mm. Moreover, the indented imprints under different 

onditions were examined and compared by ECCI after the in situ 

CNI test. 

.4. Thermal desorption spectroscopy 

Thermal desorption spectroscopy (TDS) was performed to de- 

ermine the amount of dissolved hydrogen during the different ca- 

hodic charging procedures. The TDS test was applied to both the 
ig. 2. (a) Dark field TEM micrograph showing the precipitate distribution and (b) HRTEM

AD pattern along zone axis [011] γ showing the orientation relationship between matrix 

158 
A and API samples that underwent H1 and H2 hydrogen charging 

onditions. TDS measurements were performed using Bruker G4 

HOENIX DH combined with a mass spectrometry detector (ESD 

00, InProcess Instruments, Germany). The samples were heated 

rom 30 to 700 °C at a heating rate of 0.28 °C/s. The dwell time

etween hydrogen charging and start of the TDS measurement was 

ontrolled to < 2 min to minimize hydrogen outgassing. 

. Results 

.1. Microstructural analysis 

The microstructures of the SA and API samples are shown in 

ig. 1 . The SEM results combined with the normal direction-inverse 

ole figure maps show that both samples have a polycrystalline 

CC structure with an equiaxed grain morphology and randomly 

istributed annealing twins. The average grain size is 84.8 μm for 

he SA sample and 97.4 μm for the API sample. This relatively large 

rain size enables all indentations to be performed within a single 

rain, thereby eliminating the effect of different crystallographic 

rientations. Block-shaped carbides and nitrides enriched with Nb 

nd Ti ((Nb, Ti)(C, N)) are detected in both alloys ( Fig. 1 (a) and

d)), as determined by energy dispersive spectroscopy in our pre- 
 image of the API sample containing γ matrix and γ ′ ′ precipitate; (c) corresponding 

and precipitate. 
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Fig. 3. Element distribution of precipitate studied by APT, showing (a) 3D atom 

map of Alloy 725 sample; (b) proximity histogram profile across the interface and 

matrix marked in (a). 
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ious study [9] . The major difference between the two samples is 

bserved in the ECC images ( Fig. 1 (c) and (f)). For the SA sample,

he matrix after the annealing process exhibits a “clean” structure 

ontaining a few randomly distributed dislocations. The dislocation 

ensity is estimated to be 3.1 × 10 12 m 

−2 with an average dis- 

ocation spacing of 560 nm using the two-dimensional approach, 

.e. , by counting the number of dislocations over the entire imag- 

ng area. In contrast, the API sample entirely consists of homoge- 

eously distributed precipitates in the matrix. The precipitates, de- 

ned as γ ′ ′ , have the chemical formula Ni 3 Nb and a body-centered 

etragonal D0 22 structure. Fig. 2 (a) shows the dark field TEM image 

f disc-shaped γ ′ ′ in the matrix with an average length of 25 nm 

nd a width of 5 nm. The precipitates were viewed side-on, where 

he long axis is parallel to the (200) γ . The high-resolution TEM 

mage and the corresponding selected diffraction pattern demon- 

trate that γ ′ ′ and the matrix share an orientation relationship 

f (100) γ ′ ′ // (100) γ . In addition, their interfaces exhibit high co- 

erency. The chemical composition of the γ ′ ′ precipitate was fur- 

her analyzed by APT. Fig. 3 (a) shows the 3D atom map of the Alloy

25 sample. The concentration profile across the interface of the 

elected γ ′ ′ precipitate and matrix demonstrates enrichment in Ni 

 ∼74.5 at.%), Nb ( ∼8.30 at.%), and Ti ( ∼8.59 at.%) in the γ ′ ′ pre-

ipitates and depletion of Cr ( ∼1.92 at.%) and Fe ( ∼0.92 at.%) with

eference to the matrix. Furthermore, the density of the γ ” precip- 

tates in the API sample is calculated as 8.2 × 10 2 μm 

−2 with an 

verage distance of less than 10 nm [9] . 

.2. Morphology change and imprints analysis 

The SPM images depict the morphology information after each 

harging/discharging step, as shown in Fig. 4 . Fig. 4 (a) and (f) 

hows the original surface of the SA and API samples in air before 

esting, respectively. The surfaces of both samples are clean after 

lectropolishing, with extremely low roughness values. The arith- 

etic average roughness R a was determined as (2.73 ±0.88) nm 

nd (3.76 ±1.34) nm for the SA and API samples, respectively. The 

elatively irregular topography of the API ( Fig. 4 (f)) is due to the

ne γ ” precipitates in the matrix, which cannot be evenly removed 

y electropolishing. After the indentation test in air, no morpholog- 

cal change in the surface is detected, except for the limited plastic 

rea around the indents. Upon hydrogen charging, there are topo- 

raphic differences between the two samples. For the SA sample, a 

ew surface steps are observed after the low charging current den- 

ity at H1 ( Fig. 4 (c)). These surface steps are multidirectional and 

ecome more noticeable when the charging current density is fur- 

her increased to H2 ( Fig. 4 (d)). After the anodic discharging pro- 

ess, the steps remain on the surface, as shown in the SPM image 
159 
 Fig. 4 (e)). In contrast, the topography of the API sample remains 

nchanged during the entire testing ( Fig. 4 (h–j)). The roughness 

alue R a is determined as (3.69 ±1.18) nm, (3.80 ±1.41) nm, and 

3.74 ±0.95) nm under H1, H2, and anodic condition, respectively. It 

ndicates that the surface roughness remains roughly constant dur- 

ng the ECNI test when compared with the roughness in air con- 

ition as (3.76 ±1.34) nm. No surface step is detected, regardless of 

he charging and discharging conditions. It needs to mention here 

hat the observed surface steps in the SA sample were due to hy- 

rogen charging, and indentation did not contribute to this behav- 

or. This was further proved by SPM analysis (shown in Fig. S1 of 

he supplementary document) on two other samples from both SA 

nd API materials, where only hydrogen charging with the same 

arameter was carried out and the surface showed the same be- 

avior as Fig. 4 . 

The phenomenon of surface steps was further characterized by 

CCI, as shown in Fig. 5 . The initial microstructure of the SA sam- 

le, which is shown in Fig. 1 (c), contains randomly distributed dis- 

ocations without detectable surface steps. After the test, the sur- 

ace steps are clearly detectable, as shown in Fig. 5 (a–d). It is worth 

oting that the ECCI was performed after the entire in situ ECNI 

est. Therefore, the surface steps detected in air ( Fig. 5 (b)) pertain 

o those produced by the subsequent hydrogen-charging processes 

ecause for each alloy, the same sample was used throughout the 

est. Fig. 5 (b–d) demonstrates the representative indents under the 

ir, H1, and H2 conditions, respectively. The surface steps are accu- 

ulated by parallel dislocations, which are marked by yellow ar- 

ows, along the {111} slip traces. Moreover, the dimension of the 

urface plasticity can be estimated from the ECC images. The dislo- 

ations appear as white curved lines or dots on a dark background, 

ndicating the interaction between linear dislocations and the sam- 

le surface. The surface plasticity zone consists of abundant dislo- 

ations, appearing shiny white around the indents marked by the 

ellow dashed circles. The size of plastic zone is determined as the 

adius of a circle that covers most of dislocations excluding the sin- 

le dislocations reside far away from the indent center. This was 

upported by a finite-element simulation study from Durst et al., 

here the nanoindentation induced plastic zone is designated as 

he area with higher than 1–2% plastic strain [39] . Moreover, Zhang 

t al. performed ECCI analysis on nanoindents to determine the 

lastic zone [40] . They proposed that the highest dislocation den- 

ity area determining the plastic zone is approximately half of the 

otal dislocation area including the far resided single dislocations. 

herefore, the radius of the surface plasticity zone of the SA sam- 

le in air ( Fig. 5 (b)) is measured to be (0.65 ±0.03) μm, while it

educes by 9.2% to (0.59 ±0.02) μm and 15.4% to (0.55 ±0.02) μm 

nder H1 and H2 conditions, respectively ( Fig. 5 (c, d)). It needs to 

ention that the nanoindentation test was conducted with a load 

ontrol mode, which might yield different indent sizes under dif- 

erent conditions due to the hydrogen affected hardness. For the SA 

ample, the radii of indents are (0.339 ±0.038) μm, (0.323 ±0.032) 

m, and (0.313 ±0.038) μm under air, H1, and H2 condition, re- 

pectively. The change of indent size is 4.9% and 7.7% for H1 and 

2 condition, respectively. Though a higher shrinkage of the plas- 

ic zone (9.2% for H1 and 15.4% for H2) induced by hydrogen was 

bserved taken the reduced indent size into consideration, the dis- 

lacement control mode is a better way to compare the plastic 

rea for the future study. 

For the API sample, no clear surface change is detected af- 

er hydrogen charging, which is consistent with the SPM results 

hown in Fig. 4 (f–j). Detailed analysis on the topography change 

s shown in Fig. S2 of the supplementary document. It needs to 

ention here that the SPM and ECCI techniques are insufficient to 

istinguish the slip lines with few Burgers vectors in a precipitate- 

ontained microstructure. The TEM analysis close to the indents is 

uggested to check the slip lines in detail. Moreover, the surface 
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Fig. 4. SPM images during in situ ECNI test. (a–e) are the images of the SA sample, and (f–j) are the images of the API sample. The topography change during the ECNI test 

was presented. 

Fig. 5. (a–d) ECC image of the SA sample after in situ ECNI, showing the feature of surface steps and the plastic zones marked by yellow dashed circles. (e) SEM image of 

the indent of the API sample in air and the ECC images of the representative indents of the API sample under (f) air, (g) H1, and (h) H2 conditions with the marked plastic 

zones. 
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lasticity zone in air is measured to be (0.57 ±0.03) μm. Interest- 

ngly, it increases to (0.59 ±0.02) μm under H1 condition. When the 

evere charging condition H2 is applied, the surface plasticity zone 

educes by 8.8% from that in air to (0.52 ±0.03) μm. 

.3. Nanomechanical properties 

The L–D curves of the SA and API samples under different hy- 

rogen charging/discharging conditions are presented in Fig. 6 . At 

east 18 indentations were performed under each condition, and 

he results are highly reproducible. A typical L–D curve of the 

anoindentation test consists of four stages: initial elastic loading, 

udden displacement burst (pop-in), subsequent elastoplastic load- 

ng, and final elastic unloading. For the SA sample, the aforemen- 

ioned stages are clearly identifiable in the L–D curves ( Fig. 6 (a–d)), 

hile the pop-ins are chaotic and barely distinguishable in the L–

 curves of the API sample ( Fig. 6 (e–h)). Another clear difference 
160 
etween the two samples is the residual depth. Specifically, the 

A sample has a much larger residual depth than the API sample. 

oreover, hydrogen-induced alterations can be observed in the L–

 curves of both samples. Because each segment of the L–D curve 

eflects a specific nanomechanical property, the difference between 

he two samples, as well as the effect of hydrogen will be dis- 

ussed in detail in the following sections. 

.3.1. Pop-in behavior 

Pop-in is a unique behavior of load-controlled nanoindentation 

ests; it is characterized by a sudden displacement burst that ap- 

ears as a plateau in the L–D curve. Pop-in has been proven to be 

n important parameter that shows the transition from elastic to 

lastic deformation [41] . It can also indicate the phase transforma- 

ion or surface oxide layer breakage [42–45] . In the current study, 

he pop-in phenomenon is clearly observed in the L–D curves 

f the SA sample with a probability of ∼100%, regardless of the 
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Fig. 6. Load–displacement curves under different hydrogen charging/discharging conditions, (a–d) are the curves of the SA sample, (e–h) are the curves of the API sample. 

The insets show the detailed information of hydrogen-reduced pop-in load. 

Fig. 7. Cumulative and reversible effect of hydrogen on pop-ins including (a) average pop-in load and width with standard deviations and (b) pop-in load and width from 

each load–displacement curve of the SA sample under different hydrogen conditions. 
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esting conditions. The mean values of the pop-in load and pop- 

n width of the SA sample under different testing conditions are 

hown in Fig. 7 (a). In general, the pop-in behavior of the SA sample

as good reproducibility under each testing condition. The intro- 

uction of hydrogen has a cumulative, reversible effect on both the 

op-in load and width. Specifically, the pop-in load under H1 con- 

ition is 369.9 μN, which is 11.5% less than that in air (418.1 μN). 

hen a higher concentration of hydrogen is applied under the H2 

ondition, the pop-in load is further reduced by 18.2% to 341.9 μN. 

fter the total desorption of hydrogen under anodic conditions, the 

op-in load recovers to 397.1 μN, differing with the load in air by 

nly 4.4%. This difference might be caused by the trapped hydro- 

en in the microstructure that could not diffuse out during the 

nodic discharging process. Similarly, hydrogen reduces the pop-in 

idth from 20.7 nm in air to 14.3 (30.6% reduction) and 11.1 nm 

46.2% reduction) under H1 and H2 conditions, respectively. After 

nodic discharging, the pop-in width recovers to 18.7 nm. Although 

he dissolved hydrogen decreases both the pop-in load and width, 

he reduction effect is more pronounced on pop-in width than that 

n pop-in load. This trend can be better depicted by plotting the 

alues of the pop-in load versus pop-in width for each L–D curve, 

s shown in Fig. 7 (b). It can be seen that the load–width relation-

hip is linear under each condition. However, the linear relations 
161 
etween different testing groups show different slopes and inter- 

epts. In particular, a linear relationship under hydrogen charging 

onditions is observed with a cumulative, reversible leftward trend 

rom the linear relationship in air. A highly pronounced reduction 

ffect of hydrogen on the pop-in width is evinced. In contrast, the 

op-in behavior of the API sample is difficult to distinguish under 

ach testing condition. As shown in the subfigures in Fig. 6 (e–h), 

he occurrence probability of a pop-in in the API sample is less 

han 22% with a pop-in width of less than 3 nm. Moreover, neither 

he pop-in load and width nor the occurrence probability exhibits 

 definite trend under the different testing conditions. 

.3.2. Hardness 

The hardness data of the SA and API samples under different 

esting conditions are shown in Fig. 8 . Fig. 8 a shows the cumula- 

ive frequency distribution, and Fig. 8 (b) shows the mean values 

ith the corresponding standard deviations. The hardness value, H

as calculated from the unloading portion of the L–D curve us- 

ng the Oliver–Pharr method H = 

P max 
A c 

[46] . Here, the P max is the 

aximum applied load during the nanoindentation test, A c is the 

rojected area function, which represents the contact area as a 

unction of the contact depth h c . Fig. 8 (a) shows that the hard- 

ess value for each condition presents a high reproducibility with 
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Fig. 8. Hydrogen effect on hardness value. (a) Cumulative frequency distribution and (b) average hardness values of the SA and API samples along with the standard 

deviations under different hydrogen conditions. 
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 small deviation, which is further proven by the small standard 

eviations shown in Fig. 8 (b). In addition, the difference between 

he two samples is clearly observable; the API sample has a signifi- 

antly higher hardness than the SA sample. Moreover, the intensity 

f the hydrogen effect on the hardness is also different. Specifi- 

ally, at a lower hydrogen concentration (H1 condition), the hard- 

ess of the SA sample increases by 10.5% from 5.50 GPa in air to 

.08 GPa, while the hardness of the API sample surprisingly de- 

reases by 2.0% from 7.00 GPa in air to 6.86 GPa. After charging 

t a higher hydrogen concentration (H2 condition), the hardness of 

he SA sample further increases by 17.5% to 6.47 GPa, and that of 

he API also increases, by 2.8% to 7.20 GPa. Overall, hydrogen has a 

ore pronounced effect on the SA sample than on the API sample. 

fter hydrogen desorption in the anodic condition, the hardness 

alues in both SA and API samples recover to their original values 

n air with a difference of 1.5% and 1.4%, respectively. 

. Discussion 

.1. Hydrogen effect on the surface steps 

The SPM images in Fig. 4 demonstrate the formation of sur- 

ace steps in the SA sample after hydrogen charging. The sur- 

ace steps thus formed become highly condensed and close-packed 

hen exposed to a higher hydrogen concentration. These surface 

teps were further determined by ECCI ( Fig. 5 ) as the accumula- 

ion of parallel dislocations along the {111} planes, which are the 

lose-packed planes of the FCC structure. Thus, plastic deforma- 

ion occurs on the surface of the SA sample during the hydro- 

en charging process, and the as-formed dislocations slip along 

he {111} planes, leaving surface steps on the sample surface. The 

reparation of the sample surface and installation of electrochem- 

cal charging cell were performed with special care, and no extra 

tress was expected. Therefore, the dissolved hydrogen is the only 

ossible cause of plastic deformation. 

It has been reported that hydrogen dissolved in interstitial sites 

an cause crystal lattice distortion of the host metal with an in- 

ernal stress [47–49] . To determine the hydrogen-induced internal 

tress, the amount of dissolved hydrogen in the SA sample was 

rst quantified by TDS, and the spectra are shown in Fig. 9 (a). The

mounts of hydrogen were defined as 0.287 and 0.830 wppm after 

harging under H1 and H2 conditions, respectively. Because Alloy 

25 is an FCC-structured alloy with relatively low hydrogen diffu- 
162 
ivity, the saturation level cannot be reached after 3 h of charging 

nd hence, a hydrogen gradient, where the hydrogen concentration 

radually decreases with the depth from the surface, is expected. 

he surface concentration can be determined by [50] : 

 s = 

hC M 

4 

√ 

π

Dt 
, (1) 

here h is the sample thickness, C M 

is the overall amount of 

issolved hydrogen determined by TDS analysis, t is the hydro- 

en charging time, and D is the diffusion coefficient, which was 

etermined as 1.23 × 10 −15 m 

2 /s for the SA sample using D = 

 . 06 × 10 −7 exp ( − 48 . 63 
RT ) , as proposed for a similar Ni-based super- 

lloy [51] . Then, the hydrogen distribution C( x, t ) as a function of 

he depth and charging time can be correspondingly obtained from 

he thick plate model as follows [ 52 , 53 ]: 

C ( x, t ) − C 0 
C s − C 0 

= 1 − erf 

(
x √ 

4 Dt 

)
, (2) 

rf ( u ) = 

2 √ 

π

∫ u 

0 

exp 

(
−u 

2 
)
d u. (3) 

Here, C 0 is the bulk concentration before charging and was set 

o zero. The calculated hydrogen distribution is shown in Fig. 9 (c). 

or the SA sample, the surface hydrogen content is determined as 

64.2 and 496.7 wppm under H1 and H2 charging conditions, re- 

pectively. 

On the basis of the highest hydrogen content on sample surface, 

he expansion of the lattice volume �V/V can be determined as a 

unction of the atomic ratio between hydrogen and the host metal 

 H , lattice volume charge with one dissolved hydrogen atom �ν , 

nd mean volume of the metal atom � as [54] : 

V/V = C H ( �ν/ �) . (4) 

C H can be calculated on the basis of the hydrogen content in 

ppm and molar mass of hydrogen and host metal. The molar 

ass of the studied alloy was theoretically determined to be 58.99 

/mol according to its chemical composition ( Table 1 ). The value 

f �ν/ � was adopted as 0.28, as reported for Ni [55] . Moreover, 

t has been proposed that the lattice parameter change �a/a is 

elated to the volume expansion as �a 
a = 

1 
3 

�V 
V when the hydro- 

en atoms randomly occupy the interstitial sites and the crystal 

xpands isotropically [47] . Therefore, the internal stress due to lat- 
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Fig. 9. Hydrogen content and distribution under different conditions. TDS spectra of SA (a) and API (b) samples after hydrogen charging under H1 and H2 conditions. (c) 

Distribution of hydrogen as a function of depth from the specimen surface. 
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ice expansion σi can be estimated as follows [56] : 

i = 

E 

2 ν
· �a 

a 
, (5) 

here E is Young’s modulus and ν is Poisson’s ratio. On the basis 

f previous studies, the Young’s modulus and Poisson’s ratio were 

et to 204 GPa and 0.31, respectively [ 51 , 57 ]. Then, the maximum

nternal stress happened on the sample surface due to dissolved- 

ydrogen-induced lattice expansion was estimated to be 297.5 and 

00.2 MPa for the SA sample under H1 and H2 charging condi- 

ions, respectively. It decreases by the depth due to the hydro- 

en concentration gradient. Moreover, the yield strength of the SA 

ample was measured as 269.8 MPa, which is smaller than the 

ydrogen-induced internal stress. As a result, the total stored elas- 

ic energy excesses the elastic limitation and triggers plastic defor- 

ation with dislocation nucleation and slip along the {111} planes 

o the sample surface, resulting in the surface steps in the SA sam- 

le. 

In contrast, the API sample exhibits a non-changed surface 

uality throughout the ECNI test without any detectable surface 

ariation. As determined by TDS, the API sample has a significantly 

ower hydrogen content than the SA sample ( Fig. 9 (b)). The corre- 

ponding hydrogen content distribution as a function of the depth 

s shown in Fig. 9 (c). It is worth noting that the diffusion coeffi- 

ient for the API sample is set to half of that of the SA sample be-

ause the γ ′ ′ precipitates in the API sample act as hydrogen trap- 

ing sites and considerably reduce the hydrogen diffusivity [ 58 , 59 ]. 

his has been proven by hydrogen permeation tests on similar 

i-based alloys [ 58 , 59 ]. Adopting the same approach, the inter- 

al stress in API alloy was calculated to be 163.7 and 466.8 MPa 

nder H1 and H2 charging conditions, respectively. Owing to the 

recipitation hardening by γ ′ ′ , the yield strength was measured 

s 733.3 MPa for the API alloy, which is higher than the calcu- 

ated hydrogen-induced internal stress. In addition, based on the 

DS spectra, a clear difference was observed between the SA and 

PI samples. The SA sample manifest a relative symmetric peak, 

hile the API sample shows a low temperature peak followed by a 

arge shoulder, which is an indication of hydrogen trapping at the 

recipitates. The deconvolution of the TDS spectrum for API_H2 

ample is shown in the supplementary document (Fig. S3 and Ta- 

le S1). The area below the second peak is 1.5 times larger than 

he first peak, demonstrating that fine γ ’’ precipitates can trap 

 large amount of hydrogen because of the high trapping energy 

23–27 kJ/mol). Only part of the hydrogen was dissolved in inter- 

titial sites, and this impacts the lattice expansion [31] . Therefore, 

he total stored elastic energy in the form of internal stress due to 

issolved-hydrogen-induced lattice expansion was even lower than 

he estimated values. Consequently, plastic deformation is unfeasi- 

le in the API sample under the applied charging conditions and 

ence, surface steps are not observed. 
163 
.2. Hydrogen effect on the pop-in behavior 

Regarding the pop-in behavior of the SA and API samples, two 

ain findings are obtained: (1) In the SA sample, a highly repro- 

ucible pop-in occurs with a probability of ∼100% and is greatly 

mpacted by the hydrogen concentration. In particular, both the 

op-in load and width cumulatively decrease with an increase 

n hydrogen concentration (from H1 to H2 condition). Moreover, 

his decrease is reversible after the anodic degassing process. The 

ighly recovered pop-in load behavior after anodic degassing indi- 

ates a pure hydrogen effect on the pop-in load during charging 

onditions. (2) In the API sample, most of the L–D curves do not 

xhibit pop-in, regardless of the testing conditions. Furthermore, 

o clear impact of hydrogen on the pop-in behavior is observed 

 Fig. 6 (e–h)). These observations are discussed in the following sec- 

ions. 

.2.1. Pop-in behavior of the SA sample 

Pop-in has been proposed to result from dislocation nucleation 

60] , breakage of the surface oxide layer, or indents on the sur- 

ace impurities [61] . The samples in this study were carefully pre- 

ared before testing and hence, the oxide layer and surface im- 

urities were not expected. Therefore, the pop-in phenomena in 

he SA sample indicate either homogeneous dislocation nucleation 

ue to the formation of a new dislocation in the defect-free region 

nder the theoretical strength or heterogeneous dislocation nucle- 

tion caused by the activation of pre-existing defects that require a 

ittle stress. Comparing the maximum shear stress at the onset of 

op-in with the theoretical strength is an efficient, straightforward 

ethod to determine the dislocation nucleation mechanism. Ac- 

ording to continuum mechanics, the maximum shear stress τmax 

ith the corresponding depth Z τmax during a pop-in is calculated 

s follows [33] : 

max = 0 . 31 

(
6 E 2 r 

π3 R 

2 
P 

) 1 
3 

, (6) 

 τmax 
= 0 . 48 a c = 0 . 48 

(
3 PR 

4 E r 

) 1 
3 

. (7) 

Here, P is the pop-in load, a c is the contact area at the on- 

et of pop-in, E r is the reduced modulus, which can be deter- 

ined from the Hertzian fitting of the elastic loading portion using 

 (h ) = 

4 
3 E r h 

3 / 2 R 1 / 2 [62] . R is the tip radius (0.98 μm) that was cal-

brated on the fused quartz. On the basis of Eq. 6 , τmax was cal-

ulated as 4.42, 4.33 and 4.24, and 4.40 GPa under air, H1 and 

2 charging, and anodic discharging conditions, respectively. Using 

he same Young’s modulus (204 GPa) and Poisson’s ratio (0.31) as 

hose in Section 4.1 , the shear modulus μ was estimated to be 77.8 

Pa. As a result, the τmax of the SA sample was between μ/18.3 and 
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Fig. 10. (a) Gibbs free energy for homogeneous dislocation nucleation in the SA sample as a function of radius of the dislocation loop under different testing conditions. (b) 

Activation energy for dislocation nucleation at the onset of each pop-in, indicating a hydrogen reduced activation energy for dislocation nucleation. 
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Table 2 

Physical constants used to calculate free energy plots of homogeneous dislocation 

nucleation in the SA sample. 

E 

(GPa) 

μ

(GPa) 

υ b 

(nm) 

r 0 
(nm) 

R 

(μm) 

τ max (GPa) 

Air H1 H2 Anode 

204 77.8 0.31 0.25 0.17 0.98 4.42 4.33 4.24 4.40 
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/17.6, falling exactly in the range μ/5–μ/30, which corresponds to 

he theoretical shear strength of the material [ 63 , 64 ]. Therefore, 

he pop-in in the SA sample arises from the homogeneous dislo- 

ation nucleation. Moreover, after annealing, the SA sample has a 

ery low dislocation density with an average spacing of 560 nm, 

s shown by ECCI ( Fig. 1 (c)). During nanoindentation, the pop- 

n occurs at an indentation depth of ∼16 nm with approximately 

2 nm of Z τmax , where the maximum shear stress occurs. Therefore, 

he stress region is highly unlikely to contain pre-existing defects 

hen the pop-in occurs; hence, the observed pop-in is attributed 

o homogeneous dislocation nucleation. Furthermore, a reduction 

n the pop-in load due to the presence of hydrogen has been also 

bserved in other alloys such as TWIP steel, FeSi, and carbon steel 

 35 , 65 , 66 ] owing to hydrogen-enhanced homogeneous dislocation 

ucleation. 

The enhancement in homogeneous dislocation nucleation by 

ydrogen in the SA sample can be directly and simply explained 

y the corresponding decrease in τmax at the onset of pop-in, be- 

ause τmax cumulatively decreased upon introducing hydrogen, in- 

icating easy nucleation of the dislocation. Moreover, the classical 

islocation theory has been widely adopted to predict the free en- 

rgy required for homogeneous dislocation nucleation [65] . Here, a 

imilar approach was employed to calculate the Gibbs free energy 

G for stable dislocation loop formation in the presence of applied 

hear stress, as follows: 

G = 2 π rW dis − π r 2 bτmax , (8) 

 dis = 

2 − υ

1 − υ

μb 2 

8 π

(
ln 

4 r 

r 0 
− 2 

)
, (9) 

here r is the dislocation loop radius, W dis is the unit dislocation 

ine energy, b is the Burgers vector, υ is Poisson’s ratio, and r 0 is 

he dislocation core radius. The two terms on the right-hand side 

f Eq. (8) , in order, depict the formation energy of a dislocation 

oop and external work done to expand the loop. Fig. 10 (a) shows 

lots of free energy as a function of the dislocation loop radius for 

he SA samples under different testing conditions. The curves were 

btained using the mean values of τmax at the beginning of the 

op-in load and other material constants that are shown in Table 2 . 

ig. 10 (a) shows that the maximum free energy, defined as the ac- 

ivation energy, at the critical radius needs to be overcome to nu- 

leate a thermodynamically stable dislocation loop, else the initial 

mbryonic dislocation with a size less than r c shrinks and vanishes 

 67 , 68 ]. This signifies that for a nanoindentation test under the ap-
164
lied shear stress, pop-in phenomena can only be observed when 

he activation energy is lower than the available thermal energy, 

hich is a few tenths of eV at room temperature [69] . Fig. 10 (b)

hows the activation energy of each indentation test as a function 

f the corresponding pop-in load. Under hydrogen-free conditions 

air and anode), the activation energy is nearly zero, and homoge- 

eous dislocation nucleation is energetically favorable. As a result, 

op-in is supposed to occur at the applied shear stress, which is 

onsistent with the results shown in Fig. 6 (a) and (d). 

In contrast, the activation energy under hydrogen-charged con- 

itions (H1 and H2) is higher than the available thermal energy at 

oom temperature, indicating that the dislocation nucleation be- 

avior is energetically unfavorable and no pop-in should occur at 

he applied shear stress. This is inconsistent with ∼100% proba- 

ility of pop-in behavior under hydrogen-charged conditions ob- 

erved in Fig. 6 (b) and (c). Therefore, the activation energy must be 

vercome. Hydrogen is the only difference between the tests un- 

er different conditions and the effect of hydrogen was not consid- 

red in the aforementioned energy calculation. Thus, hydrogen can 

romote homogeneous dislocation nucleation by decreasing the re- 

uired activation energy. This is within the scope of “Defactant”

oncept proposed by Kirchheim [ 18 , 19 , 70 ], where the formation

nergy of defects (such as dislocations) is reduced in the presence 

f defactant solutes (such as hydrogen atoms) based on thermody- 

amic calculations. 

Moreover, the pop-in load exhibits a linear relationship with 

he pop-in width under the same testing conditions, as shown in 

ig. 7 (b). However, this linear relationship is not constant between 

ifferent testing conditions, where the impact of hydrogen on the 

op-in width is more pronounced than that on the pop-in load. 

he detailed relationship between the pop-in load and width has 

een reported on the basis of the energy balance criterion, which 

roposes that the overall stored elastic energy before the pop-in is 

onsumed by the plastic work during the pop-in process [ 71 , 72 ].

ince for a nanoindentation test on sample surface with relatively 
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Fig. 11. (a) Schematic of prismatic dislocation loops generated during the pop-in process beneath the indenter. (b) Cumulative frequency distribution of unit friction energy 

for dislocation motion in the SA sample under different testing conditions. 
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o

s

ow pre-existing dislocation density, the first dislocation is nucle- 

ted at the maximum shear stress beneath the indenter (with a 

epth of 0.48 a c ) at the beginning of the pop-in, followed by con-

inuous dislocation multiplication and emission, which assumably 

orms a stack of prismatic dislocation loops at the end of the pop- 

n, as shown in Fig. 11 (a). The total plastic work during pop-in in-

ludes the dislocation interaction energy, dislocation line energy, 

nd friction energy on dislocation motion. A detailed study ana- 

yzing the interaction between hydrogen and dislocations focus- 

ng on the pop-in width via the aforementioned energy balance 

odel is presented in Ref. [73] . By using the same energy model 

pproach, the unit friction energy, defined as the energy required 

o move a dislocation by a distance of one burgers vector, can be 

alculated. Here the unit friction for each indentation test under 

ifferent conditions is presented as the cumulative frequency dis- 

ribution in Fig. 11 (b), which shows that the mean unit friction 

nergy for dislocation motion under hydrogen-free condition (in 

ir) is 9.95 × 10 −16 J and increases by 3.7 times (3.70 × 10 −15 ) 

nd 5.4 times (5.36 × 10 −15 J) under H1 and H2 conditions, re- 

pectively. After the hydrogen degassing under the anodic condi- 

ions, the unit friction energy recovers to 1.89 × 10 −15 J, differ- 

ng with the value in air by only 1.9 times. This minor difference 

ay be caused by the trapped hydrogen, which cannot diffuse out 

uring the anodic discharging process. Therefore, the highly pro- 

ounced reduction effect of hydrogen on the pop-in width can be 

ttributed to hydrogen-enhanced lattice friction, which consumes 

ore stored elastic energy and results in a fewer nucleated dislo- 

ations and a smaller pop-in width, compared to the behavior in 

he hydrogen-free condition, according to the solute drag theory 

74] . 

.2.2. Pop-in behavior of the API sample 

In comparison to the ∼100% pop-in occurrence probability ob- 

erved in the SA sample, only ∼20% of the L–D curves of the API 

ample show a pop-in phenomenon, regardless of the testing con- 

itions. In addition, the pop-in load and width are much lower and 

maller, respectively, with more deviations than those of the SA 

ample. The differences are due to the highly complex microstruc- 

ure of the API sample. As shown in Fig. 1 (f), the API sample con-

ains evenly distributed fine γ ” precipitates. The precipitates have 

n average size of 25 nm and a spacing of ∼10 nm with a rel-

tively high density of 8.2 × 10 2 μm 

−2 . During the nanoindenta- 

ion test, these precipitates can act as lattice defects that affect 

he nanomechanical properties, especially the pop-in behavior. It 

as been reported when sufficient defects exist in the subsurface 
165 
egion, plastic deformation is carried out by heterogeneous dislo- 

ation nucleation rather than homogeneous dislocation nucleation 

 75 , 76 ]. Consequently, a pre-existing dislocation or defect, which 

equires much lower stress than the newly nucleated ones, is acti- 

ated. As a result, plastic deformation occurs at a lower load, and 

he elastic–plastic transition is smoother, which may not be ac- 

ompanied by a pop-in. Another possibility is that the fine γ ” pre- 

ipitates distributed in the subsurface act as stress concentrators 

uring the indentation process, and the loading force is therefore 

verestimated, resulting in a much lower pop-in load. 

Regarding the small pop-in width in the API sample, shown in 

ig. 6 (e–h), there are two possible explanations. First, a low pop- 

n load generally results in a small pop-in width, as shown in the 

inear load–width relationship in Fig. 7 (b). Second, γ ” precipitates 

n the API matrix obstruct the dislocation motion and increase the 

attice friction, which can greatly reduce the pop-in width, as dis- 

ussed in Section 4.4.2. As a result, a significantly small pop-in 

idth ( < 3 nm) is observed in the API sample, with only ∼20% 

ccurrence probability. Moreover, Fig. 6 (e–h) shows that hydrogen 

as no distinct effect on the pop-in load and width in the API sam- 

le, i.e. , the impact of hydrogen on the pop-in behavior of the API 

ample is not as pronounced as that of the SA sample and can be 

eglected compared to the impact of precipitates. The impact of 

efects on pop-in behavior has been reported in other studies as 

ell. Wang et al. studied the influence of surface preparation on 

he pop-in behavior of single-crystal Mo with various surface me- 

hanical damages and defects [77] . They observed that both the 

op-in load and pop-in occurrence decreased with an increase in 

he pre-existing dislocation density via mechanical polishing. Jin 

t al . reported the impact of irradiation damage on pop-in behavior 

y introducing vacancies of different com positions via ion irradia- 

ion [78] . They found out that with an increase in the vacancies, 

he nucleation of the dislocations switched from homogeneous to 

eterogeneous with a clear pop-in load reduction. This study com- 

lements the understanding of the impact of defects on the pop-in 

ehavior by reporting on the effect of the precipitate (another de- 

ect type) aside from dislocation and vacancy. 

.3. Hydrogen effect on hardness 

The effect of hydrogen on the hardness is shown in Fig. 8 . First,

n obvious difference is observed between the SA and API samples. 

 recoverable, cumulative hydrogen-enhanced hardness behavior is 

bserved in the SA sample. In contrast, the API sample exhibits 

oftening under a relatively low hydrogen content (H1 condition), 
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Table 3 

Strengthening constants of solute atoms in Ni (MPa At. Fraction −1/2 ) [84] . 

Parameter a Fe a Cr a Nb a Mo a Ti a Al 

Value 153 337 1183 1015 775 225 
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hile a slight hardening occurs under a higher hydrogen content 

H2 condition). The hardness also recovered to the value in the air 

ondition, indicating a pure hydrogen effect during the charging 

rocess. 

.3.1. Hydrogen effect on hardness of the SA sample 

In the nanoindentation test, the elastoplastic regime of the L–D 

urve describes the continuous hardening process, which will be 

tudied in detail to reveal the hydrogen effect on hardness. On the 

asis of the Tabor relation [79] , the elastoplastic loading P can be 

xpressed as: 

 = CA c σ. (10) 

Here, C = 3 is the Tabor constant that transforms the plastic 

one from a complex stress state into a uniaxial stress state [62] . 

 c is the projected area that depends on the indentation depth 

nd indenter shape. σ is the overall stress, including dislocation 

trengthening stress σdisl , solid solution strengthening stress σss , 

recipitation strengthening stress, and grain boundary strengthen- 

ng stress. 

For the SA sample, only σdisl and σss were considered under the 

ydrogen-free condition because the indentation tests were per- 

ormed for a single grain and the SA sample contained no precipi- 

ates. σdisl can be derived using the Taylor relation as [80] : 

disl = Mαμb 
√ 

ρSSD + ρGND , (11) 

here M = 3 is the Taylor factor and α is an empirical factor that

as set to 0.5 [81] . μ is the shear modulus, and b is the Burgers

ector. ρSSD and ρGND are the densities of the statistically stored 

islocations (SSD) and geometrically necessary dislocations (GND), 

espectively. The original ρSSD in the SA sample can be estimated 

s 3.1 × 10 12 m 

−2 from the ECC image in Fig. 1 (c). The ρSSD in-

reases to 6.5 × 10 12 m 

−2 after charging, as shown in Fig. 5 , be-

ause of the hydrogen-induced surface slip lines. ρGND can be cal- 

ulated according to the Nix–Gao model as follows [82] : 

GND = 

3 

2 

1 

f 3 
tan 

2 θ

bh 

, (12) 

here f is the ratio between the radius of the plastic zone a pz and

ontact area a c . θ = 24 . 65 ° is the angle between the sample surface

nd the Berkovich indenter. 

σss was calculated on the basis of Gypen and Deruyttere’s 

odel [83] , which expresses the total solid solution strengthening 

tress of a multicomponent alloy as follows: 

ss = 

[ ∑ 

i 

(
a i · c 1 / 2 

i 

)2 
] 1 / 2 

. (13) 

Here, a i and c i are the strengthening constant and atomic con- 

entration of solute i , respectively. Table 3 , cited in Ref. [84] , shows

he strengthening constants of the main solute atoms in Ni. On the 

asis of the composition shown in Table 1 , the value of σss for the

urrently studied material was calculated as 327.1 MPa. 

Under hydrogen charging conditions, the hydrogen atoms dis- 

olve in the matrix as an interstitial element in the solid solu- 

ion, which contributes to the solid solution strengthening by fur- 

her impeding the dislocation motion. The additional solid solution 

trengthening stress provided by hydrogen is denoted as σH . There- 

ore, considering all the strengthening mechanisms, the Tabor- 

elation-based Nix–Gao model for the SA sample can be rewritten 
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n the basis of Eqs. (10) –(13) as: 

 = CM αμbA c 

√ 

ρSSD + 

3 

2 

1 

f 3 
tan 

2 θ

bh 

+ C ( σss + σH ) A c . (14) 

Under the hydrogen-free condition, the hydrogen contribution 

H can be neglected. By fitting the elastoplastic regime of the L–D 

urves with the Tabor relation-based Nix–Gao model, a proportion- 

lity factor f = 1 . 81 is determined to yield a good fit, as shown in

ig. 12 (a). Under the hydrogen-charging conditions, σH was inte- 

rated into the model. The same numerical fitting yields the results 

f f = 1.77 and σH = 78 MPa under H1 condition and f = 1.75

ith σH = 190 MPa under H2 condition. In this study, the f value 

as determined by numerical fitting. Alternatively, the f value can 

lso be calculated as the ratio between the radius of the plastic 

one a pz and contact area a c , which is the original physical defini- 

ion of f . a pz can be estimated from Lawn’s theory, which relies on 

he ratio between the Young’s modulus and hardness i.e. , ( E H ) , and

he residual indentation depth h f as a pz = ϕ ( E H ) 
1 
3 ta n 

1 
3 (θ ) h f [85] .

 = 3 . 64 is the geometric constant for the Berkovich indenter [86] .

 c can be measured as the size of the imprints from the ECC im- 

ges ( Fig. 5 ) or SPM images ( Fig. 4 ). Using this approach, the f

alues were calculated as 1.82, 1.75, and 1.72 under air, H1, and H2 

onditions, respectively, and are very close to the fitted f values. 

 hydrogen-reduced f factor is observed, which is consistent with 

he imprint topography analysis shown in Fig. 12 (b–e). Because the 

f factor is the ratio between the radius of the plastic zone and the 

ontact area, a reduced f factor indicates shrinkage in the plas- 

ic zone. Correspondingly, the 2D color-filled contour image of the 

mprint under the hydrogen-charged condition ( Fig. 12 (e)) shows 

 more pronounced shrinkage in plastic zone compared with that 

nder the hydrogen-free condition ( Fig. 12 (d)). The shrinkage in 

lastic zone under the hydrogen charging condition is also proven 

y the ECC images in Fig. 5 (b) and (d), indicating a hampered dis- 

ocation motion caused by the dissolved hydrogen. Therefore, on 

he basis of hydrogen-enhanced σH and hydrogen-reduced f factor, 

t can be proposed that the hardening effect of hydrogen on the 

A sample is related to the hydrogen-impeded dislocation motion 

ue to the increased lattice friction caused by the interstitially dis- 

olved hydrogen. This finding is corroborated by the atomistic sim- 

lations conducted by Song and Curtin [74] , who studied the effect 

f hydrogen on dislocation mobility at the nanoscale and proposed 

hat hydrogen can generate a Cottrell-like atmosphere and hinder 

islocation motion. On the other hand, Maxelon et al. used small 

ngle neutron scattering technique to study the hydrogen distri- 

ution in the dilatation field dislocations, and they proposed that 

ydrogen forms narrow cylinders with random orientation along 

islocations instead of forming Cottrell cloud and hence hinders 

he dislocation motion [87] . 

.3.2. Hydrogen effect on hardness of the API sample 

For the API sample, the hardness was significantly higher than 

hat of the SA alloy before hydrogen charging in air. This rela- 

ively high hardness of the API alloy is attributed to precipitation 

trengthening. During plastic deformation, dislocations cut through 

′ ′ via a shearing mechanism, resulting in enhanced strength and 

ardness. In contrast to the cumulatively increased hardness un- 

er hydrogen-charged conditions in the SA sample, the API sam- 

le softened under H1 charging potential and hardened under H2 

harging potential. 

This dual effect of hydrogen on hardness in the API sam- 

le was caused by the difference in hydrogen concentration and 

recipitate-affected hydrogen distribution. Specifically, under H1 

harging potential, only 0.135 wppm of hydrogen dissolved in the 

aterial, as revealed by the TDS results in Fig. 9 . In this case,

he majority of hydrogen was trapped by the γ ′ ′ precipitates ow- 
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Fig. 12. (a) Representative L–D curves of the SA sample under different testing conditions; the elastoplastic part is fitted by the Tabor-relation-based Nix–Gao model showing 

the hydrogen induced friction on dislocation motion. (b, c) are the SPM images and (d, e) are the corresponding 2D color-filled contour plots of representative indents under 

the hydrogen-free and hydrogen-charged conditions, respectively, indicating a hydrogen reduced plastic area. 
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ng to their higher trapping energy than FCC matrix [31] . Zhang 

t al . observed the same hydrogen distribution by performing TDS 

nd NanoSIMS techniques on Ni-based superalloys [31] . This un- 

ven hydrogen distribution between the precipitates and matrix 

an have two consequences: (I) More hydrogen is adsorbed on the 

recipitates than on the matrix; this can result in high internal 

tress at the interface between the precipitates and matrix. In ad- 

ition, highly intense interactions between hydrogen and disloca- 

ions can occur at the interface during plastic deformation. As a re- 

ult, nanoscale voids may form and coalesce as vacancies along the 

nterfaces, thereby reducing the hardness. The hydrogen-induced 

oftening through the formation of voids and vacancies has been 

eported earlier via atomic simulations and experiments on Ni al- 

oys [88–90] . (II) The amount of hydrogen, which is uniformly dis- 

ributed in the matrix, is insufficient to impede dislocation motion. 

t has been proven that a little hydrogen can enhance the dislo- 

ation mobility by either reducing the Peierls stress [91] or nu- 

leating the kink pairs [92] , resulting in a hydrogen-induced soft- 

ning effect. Therefore, due to a relatively small amount of hy- 

rogen in the API alloy studied herein, the hydrogen that ma- 

orly trapped in the precipitates and minorly dissolved in the ma- 

rix work together resulting in an overall softening effect, as ev- 

denced by the hardness reduction under H1 charging potential 

 Fig. 8 (b)). 

When additional hydrogen was introduced to the material un- 

er H2 charging condition, the amount of hydrogen in the precip- 

tates reached the saturation value, because the γ ′ ′ precipitates 

ave a higher hydrogen trapping energy but a much lower hy- 

rogen solubility than the matrix [31] . Thus, a sufficiently large 

mount of hydrogen remained in the matrix. In this case, hydrogen 

s enough to form narrow cylinders around the dislocation lines, 

eading to resistance to dislocation motion and hydrogen-induced 

ardening. The hydrogen trapped in the precipitates in this condi- 

ion still contributed to a softening effect, and the overall hydrogen 

ffect on the hardness was a competition between solution hard- 

ning in the matrix and vacancy softening in precipitates. Here, 

he latter played a dominant role. This result suggests that the ef- 

ect of hydrogen on the hardness of the API sample is determined 

y the hydrogen concentration in both the precipitates and matrix. 

hus, it is possible to retard the hydrogen diffusion process in the 
167 
atrix and delay the hydrogen-assisted mechanical degradation by 

inning hydrogen at local traps, which can be manipulated by the 

ype, size, and number density of the precipitates. 

. Conclusions 

In this work, the effect of hydrogen on the surface integrity and 

anomechanical properties of solution-annealed and precipitation- 

ardened Ni-based Alloy 725 samples was investigated using 

n situ nanoindentation together with numerical simulation ap- 

roaches. The variations in the surface morphology, pop-in behav- 

or, and hardness with hydrogen charging at different current den- 

ities and discharging were statistically analyzed and compared for 

he two samples. The main conclusions are summarized as follows: 

1) Surface steps were detected in the SA sample after hydrogen 

charging, and a much severe charging condition resulted in 

many condensed steps. From the TDS spectra, ECC images, and 

numerical calculations, the surface steps were determined as 

the accumulation of parallel dislocations due to plastic defor- 

mation, which was triggered by the hydrogen-induced internal 

stress due to the lattice expansion. However, the API alloy ex- 

hibited a non-changed surface without any surface step under 

the present hydrogen-charging conditions because the relatively 

little hydrogen in the matrix resulted in lower internal stress 

(163.7 MPa under H1 and 466.8 MPa under H2), compared to 

the yield stress (733.3 MPa). 

2) Pop-in phenomenon was observed in the SA sample with 

∼100% probability and high reproducibility, regardless of the 

testing conditions. Moreover, the pop-in load cumulatively de- 

creased with the amount of dissolved hydrogen. The pop-ins 

in the SA sample indicated homogeneous dislocation nucle- 

ation, which was enhanced by hydrogen via reduction in the 

required activation energy according to the classical dislocation 

theory. However, only approximately 20% of the L–D curves of 

the API alloy exhibited pop-in phenomena, wherein the pop-in 

load was low with high deviations, because of the precipitate- 

induced heterogeneous dislocation nucleation and stress con- 

centration, which resulted in a smooth elastic–plastic transition. 

3) Although both the pop-in load and width decreased owing to 

the hydrogen in the SA sample, the reduction effect was more 
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pronounced on the pop-in width. The energy balance model 

and statistical analysis showed that hydrogen could enhance 

lattice friction, which resulted in relatively few nucleated dis- 

locations and a short pop-in width. 

4) For the SA sample, the hardness continuously increased with 

the amount of hydrogen. Using the Tabor-relation-based Nix–

Gao model, the enhanced hardness was explained to have re- 

sulted from the hydrogen-enhanced lattice friction on the dis- 

location motion. However, a dual effect of hydrogen on hard- 

ness was observed in the API sample, i.e. , the sample softened 

under H1 but hardened under H2. This indicated the hydrogen- 

content-dependent hardness behavior of the API alloy, whose 

hardness was synergistically determined by solution hardening 

in the matrix and vacancy softening in precipitates. 
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