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Tailoring the Plasticity of Topologically Close-Packed Phases
via the Crystals’ Fundamental Building Blocks

Wei Luo, Zhuocheng Xie,* Siyuan Zhang,* Julien Guénolé, Pei-Ling Sun, Arno Meingast,
Amel Alhassan, Xuyang Zhou, Frank Stein, Laurent Pizzagalli, Benjamin Berkels,
Christina Scheu, and Sandra Korte-Kerzel*

Brittle topologically close-packed precipitates form in many advanced alloys.
Due to their complex structures, little is known about their plasticity. Here, a
strategy is presented to understand and tailor the deformability of these
complex phases by considering the Nb–Co μ-phase as an archetypal material.
The plasticity of the Nb–Co μ-phase is controlled by the Laves phase building
block that forms parts of its unit cell. It is found that between the bulk
C15–NbCo2 Laves and Nb–Co μ-phases, the interplanar spacing and local
stiffness of the Laves phase building block change, leading to a strong
reduction in hardness and stiffness, as well as a transition from synchroshear
to crystallographic slip. Furthermore, as the composition changes from
Nb6Co7 to Nb7Co6, the Co atoms in the triple layer are substituted such that
the triple layer of the Laves phase building block becomes a slab of pure Nb,
resulting in inhomogeneous changes in elasticity and a transition from
crystallographic slip to a glide-and-shuffle mechanism. These findings open
opportunities to purposefully tailor the plasticity of these topologically
close-packed phases in the bulk by manipulating the interplanar spacing and
local shear modulus of the fundamental crystal building blocks at the atomic
scale.
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1. Introduction

New materials with superior strength, duc-
tility, and high temperature capability are at
the heart of future developments to meet
challenges in mobility, energy conversion,
and sustainability. In knowledge-based de-
velopment of structural materials, we com-
monly design and manipulate the mate-
rials’ internal (micro)structures at several
length scales to control the physical mech-
anisms governing deformation. This strat-
egy has been particularly successful in the
invention of advanced high-strength steels
outperforming those used over previous
decades within years by an order of magni-
tude in strength and deformability.[1] While
the origin of mechanical strength, tough-
ness, and creep resistance is well studied
in metals, very little is known about the
properties of intermetallics, despite their
wide use as reinforcement phases and their
sheer number and variability.[2] If we were
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to understand the physical origin of their mechanical properties
based on the underlying deformation mechanisms as well as we
do now in metals and metallic alloys, we could manipulate their
strength and toughness. Predicting and controlling the plasticity
of intermetallics is of great interest as we could tailor highly al-
loyed materials to form only those intermetallics that reinforce
but do not introduce damage by brittle cracking.

A large fraction of complex intermetallics can be simplified
as an intergrowth of a few simple fundamental units.[3] Consid-
ering the simple fundamental building blocks of complex inter-
metallics, rather than entire large unit cells, provides a pathway
to unravel the plasticity of complex intermetallics. Their defor-
mation mechanisms depend sensitively on these simpler funda-
mental building blocks. In particular, it is important to under-
stand how they combine to form the complex structures, how
they allow deformation to occur as an ensemble, and how each is
affected by changes in chemical composition at the atomic scale
of the crystal lattice. Furthermore, the recurrent nature of the few
fundamental building blocks[3] will allow a transfer of knowledge
to a large number of complex phases. Such knowledge would al-
low us to mine the existing, enormous crystal databases for ex-
ceptional phases that could form the basis for future high perfor-
mance alloys.

The topologically close-packed (TCP) phases are commonly
found in superalloys[4] but their plasticity is lesser known due
to their complex crystal structures. Laves phases are the most
common intermetallic compounds with a relatively simple TCP
structure formed by stacking of quadruple Laves phase layers
which are composed of a kagomé layer and a triple layer.[5] The
Laves phases have been confirmed to plastically deform via a syn-
chroshear mechanism,[6] which consists of two shears in differ-
ent directions on adjacent atomic planes of the triple layer struc-
tural unit. Although synchroshear is geometrically and energet-
ically more favorable than the common crystallographic slip in
the Laves phase,[7] the motion of the associated synchro-Shockley
partial dislocations needs to overcome high energy barriers with
the help of thermal activation,[8] leading to the intrinsically high
strength and brittleness of the Laves phases. The μ-phase is a
common intermetallic precipitate phase with a complex TCP
structure in superalloys[4a,9] but our knowledge about its plastic-
ity is still limited. As the μ-phase consists of NbCo2 Laves phase
layers (prototype MgCu2) interspersed by monoatomic layers of
Nb4Co3 (prototype Zr4Al3),[10] as illustrated in Figure 1, synchros-
hear is therefore thought to also occur in the μ-phase.[11] How-
ever, the local atomic environment of the Laves phase building
block in the μ-phase is different from that in the Laves phases,
which may lead to different interplanar spacings, different local
stiffnesses of the interatomic bonds, and thus distinct mechan-
ical behavior. Moreover, the μ-phase can have a wide composi-
tion range and it can be stable at off-stoichiometric compositions
where the atomic configurations of the Laves phase building
block are substantially modified by the constitutional defects.[12]

Therefore, we use the μ-phase as a model for three reasons: 1) to
explore the influence of crystal structure and composition on the
mechanical behavior of the fundamental Laves phase building
block, 2) to understand the plasticity of the complex but common
μ-phase itself, and 3) to open up opportunities for controlling the
deformation mechanisms and tailoring the mechanical proper-
ties of complex TCP phases more generally.

In the present work, we investigated the mechanical proper-
ties of the Nb–Co μ-phase and the closely related C15–NbCo2
Laves phase by nanoindentation tests and found that a reduc-
tion in both hardness and indentation modulus can be achieved
by changing the structure and composition. Furthermore, we
revealed how the structure and composition affect the me-
chanical properties and deformation mechanisms of the Laves
phase building block by means of aberration-corrected high-
angle annular dark-field scanning transmission electron mi-
croscopy (HAADF-STEM) combined with atomic-resolution en-
ergy dispersive X-ray spectroscopy (EDS) analysis and density
functional theory (DFT) calculations.

2. Results and Discussion

2.1. Influence of Composition on the Atomic Configurations

In the μ-phase, while the large atoms prefer to occupy the posi-
tions with high coordination numbers (CNs = 14, 15, and 16),
the small atoms tend to occupy the positions with a low CN
(CN = 12).[10] The stoichiometric composition of the μ-Nb6Co7
phase is about 46.2 at% Nb. As the composition deviates from
the stoichiometric composition, constitutional defects, such as
antisite atoms, are expected in the Nb–Co μ-phase.[12] In or-
der to study the atomic configurations of the Nb–Co μ-phase
at off-stoichiometric compositions, the elemental maps of the
Nb6.4Co6.6 (Figure 1a) and Nb7Co6 (Figure 1b) alloys (Table S1,
Supporting Information) of the Nb–Co μ-phase were measured
by atomic-resolution EDS analysis. As shown in Figure 1a,b, the
positions with high CNs (CN = 14, 15, and 16) are exclusively oc-
cupied by large Nb atoms, and the positions in the kagomé layers
which have a low CN (CN = 12) are fully occupied by small Co
atoms. However, in the middle (CN = 12) of the triple layers, Nb
was detected in both the Nb6.4Co6.6 and Nb7Co6 alloys. While both
Co and Nb occur in the middle (CN= 12) of the triple layers in the
Nb6.4Co6.6 alloy (Figure 1a), hardly any Co remains in the middle
(CN = 12) of the triple layers in the Nb7Co6 alloy (Figure 1b). This
indicates that, in the Nb-rich Nb–Co μ-phase, the excess Nb atoms
substitute the Co atoms specifically in the middle of the triple
layers. Therefore, as the composition is reversed from Nb6Co7 to
Nb7Co6, the general structure of the Nb–Co μ-phase (Figure 1c)
is preserved but the Co atoms in the triple layers are replaced by
Nb atoms, and thus the puckered close-packed Nb–Co–Nb triple
layer of the Laves phase building block becomes a slab of pure
Nb (Figure 1d).

The interplanar spacing between the basal planes of the mid-
dle and the bottom of the triple layer dt, and the interplanar spac-
ing between the basal planes of the bottom of the triple layer and
kagomé layer dt–k (Figure 1c), measured from HAADF-STEM im-
ages of the Nb6.4Co6.6 alloy are 0.32 ± 0.02 and 1.70 ± 0.12 Å,
respectively. The respective values of dt and dt–k of the Nb7Co6
alloy are 0.43 ± 0.02 and 1.67 ± 0.08 Å. These measurements
were made using a novel mathematical analysis on STEM images
based on variational methods for motif extraction.[13] We also in-
vestigated the interplanar spacings of the Nb–Co μ-phase and the
closely related C15–NbCo2 Laves phase by DFT calculations. As
the crystal structure changes from C15–NbCo2 to μ-Nb6Co7, dt
decreases dramatically from 0.481 to 0.272 Å (Table S2, Support-
ing Information) whereas dt–k increases from 1.454 to 1.700 Å.

Adv. Mater. 2023, 35, 2300586 2300586 (2 of 9) © 2023 The Authors. Advanced Materials published by Wiley-VCH GmbH

 15214095, 2023, 24, D
ow

nloaded from
 https://onlinelibrary.w

iley.com
/doi/10.1002/adm

a.202300586 by M
PI 337 Iron R

esearch, W
iley O

nline L
ibrary on [27/09/2023]. See the T

erm
s and C

onditions (https://onlinelibrary.w
iley.com

/term
s-and-conditions) on W

iley O
nline L

ibrary for rules of use; O
A

 articles are governed by the applicable C
reative C

om
m

ons L
icense



www.advancedsciencenews.com www.advmat.de

Figure 1. a,b) HAADF-STEM images and the corresponding atomic-resolution EDS maps of the Nb6.4Co6.6 (a) and Nb7Co6 (b) alloys showing the
distributions of Co and Nb in the Nb–Co μ-phase. c,d) Schematics of the [11 ̄20] projection of the Nb–Co μ-phase showing the unit cell of μ-Nb6Co7 (c)
and the stacking of the NbCo2 Laves phase and Nb4Co3 building blocks in μ-Nb6Co7, μ-Nb6.4Co6.6, and μ-Nb7Co6 (d). Pt, Pt–k, Pk–CN14, and PCN14–CN15
denote the basal plane between the top and middle layers of the triple layer (the plane between middle and bottom layer is equivalent), the basal plane
between the bottom of the triple layer and the kagomé layer, the basal plane between the kagomé layer and the CN14 layer, and the basal plane between
the CN14 layer and the CN15 layer, respectively. dt, dt–k, dk–CN14, and dCN14–CN15 are the corresponding interplanar spacings.

As the composition of the Nb–Co μ-phase changes from Nb6Co7
to Nb7Co6, dt changes from 0.272 to 0.363 Å, while dt–k remains
nearly constant. These DFT calculations are consistent with the
results measured from experimental HAADF-STEM images.

2.2. Influence of Composition on the Mechanical Response

Nanoindentation tests were performed on the Nb6.4Co6.6,
Nb6.9Co6.1, and Nb7Co6 alloys to study the influence of com-
position on the hardness and indentation modulus of the Nb–
Co μ-phase. As shown in the postmortem scanning electron
microscopy (SEM) images (Figure 2a–c), the straight basal slip
traces around the indentations reveal that plastic deformation of
the Nb–Co μ-phase occurs in an anisotropic manner, predomi-
nantly by basal slip. In contrast to the hexagonal Laves phase,
which can deform plastically by both basal and nonbasal slips

at room temperature,[14] the Nb–Co μ-phase only shows visible
slip traces of nearly exclusively basal slip even in orientations
where nonbasal slip is favorable (Figure S1a–d, Supporting In-
formation). When the basal plane is aligned perpendicular to the
loading direction, the applied strain is accommodated by pileup
without clearly interpretable features of slip at the surface and
cracking at the corners.

The hardness (Figure 2d) of the Nb–Co μ-phase is lower than
that of the C15–NbCo2 Laves phase. As the Nb content increases,
the nanoindentation hardness of the Nb–Co μ-phase decreases
from 12.6 ± 0.6 GPa at 49.5 at% Nb to 11.9 ± 0.3 GPa at 52.8
at% Nb, and to 10.9 ± 0.3 GPa at 53.7 at% Nb, corresponding to
estimates of the macroscopic hardness after Nix and Gao[15] of
10.2 ± 1.0 GPa at 49.5 at% Nb to 9.5 ± 0.7 GPa at 52.8 at% Nb,
and to 8.5 ± 0.8 GPa at 53.7 at% Nb. The decrease in hardness
with increasing Nb content agrees with the composition depen-
dence of critical resolved shear stress for basal slip measured by
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Figure 2. a–c) Representative SEM images of indentations of the Nb6.4Co6.6 (a), Nb6.9Co6.1 (b), and Nb7Co6 (c) alloys showing the surface slip traces
after indentation tests. The orientations are denoted by the angle between the loading axis and the c-axis of the Nb–Co μ-phase. Unit cells representing
the orientations are inset. d) The composition dependence of hardness and indentation modulus of the Nb–Co μ-phase measured by nanoindentation
tests as well as the Young’s modulus determined by DFT (entire unit cell). e) Calculated basal plane shear moduli of the entire unit cell of C15–NbCo2,
μ-Nb6Co7, and μ-Nb7Co6 and the Nb4Co3 and NbCo2 building blocks of the two μ-phases.

micropillar compression, which indicates an even larger drop to
less than a third in critical resolved shear stress on the basal
plane.[16] The indentation modulus (Figure 2d) shows a similar
compositional trend as the hardness. The measured indentation
modulus (Figure 2d) of the Nb–Co μ-phase is lower than that of
the C15–NbCo2 Laves phase, and it decreases from 253± 4 GPa at
49.5 at% Nb to 247 ± 4 GPa at 52.8 at% Nb, and to 236 ± 4 GPa at
53.7 at% Nb. Nanoindentation tests performed in selected grains
with different orientations (Figure S2a–i, Supporting Informa-
tion) reveal that the influence of orientation on the hardness and
indentation modulus of the Nb–Co μ-phase is negligible.

The elastic properties and elastic anisotropy of μ-Nb6Co7 and
μ-Nb7Co6 were also investigated by DFT calculations. The cal-
culated Young’s modulus and shear modulus of μ-Nb7Co6 are
lower than those of μ-Nb6Co7 (Table S3, Supporting Informa-
tion), which is consistent with the compositional trend of inden-
tation modulus measured from the nanoindentation tests. Simi-
larly, the low elastic anisotropy found in indentation is also pre-
dicted by DFT with an anisotropy index of the order of 0.2 (Ta-
ble S3, Supporting Information). The overall basal plane shear
modulus and the respective basal plane shear moduli of the
Nb4Co3 and NbCo2 Laves phase building blocks of the Nb–Co μ-
phase were calculated and compared with the 〈111〉 plane shear
modulus of the closely related bulk C15–NbCo2 Laves phase in
Figure 2e. The overall basal plane shear modulus of the Nb–Co

μ-phase is significantly lower than the 〈111〉 plane shear modu-
lus of the bulk C15–NbCo2 Laves phase, and it decreases from
90.1 to 75.3 GPa as the composition changes from Nb6Co7 to
Nb7Co6. Moreover, although the shear modulus is isotropic on
the basal plane of the Nb–Co μ-phase, the basal plane shear mod-
uli of the two building blocks are different. As shown in Figure 2e,
the basal plane shear modulus of the NbCo2 Laves phase build-
ing block is lower than that of the Nb4Co3 building block, indicat-
ing that the Laves phase building block is more compliant, and
thus is more prone to shear straining than the Nb4Co3 building
block in the Nb–Co μ-phase. The basal plane shear modulus of
the Laves phase building block is about 12% and 16% lower than
that of the Nb4Co3 building block in μ-Nb6Co7 and μ-Nb7Co6, re-
spectively. This suggests that as the composition changes from
Nb6Co7 to Nb7Co6, the elastic inhomogeneity between the two
building blocks becomes more pronounced.

2.3. Dislocation Structures in Nb6.4Co6.6 and Nb7Co6 Alloys

As shown in the postmortem SEM image (Figure S1b, Support-
ing Information), the Nb6.4Co6.6 alloy shows a high density of
straight basal slip traces around the indentation when indented
along the 83° [0001] direction. In order to study the dislocations
structures, a transmission electron microscopy (TEM) lamella of
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the 83° [0001] indentation of the Nb6.4Co6.6 alloy was prepared.
The bright-field TEM image taken with g = ̄1101 (Figure S3a,
Supporting Information) shows that there are numerous dislo-
cations and several widely extended stacking faults parallel to the
basal plane underneath the indentation. When imaged with g =
0003 (Figure S3b, Supporting Information), the defects are out
of contrast, which confirms that their Burgers vectors are on the
basal plane. As the wide stacking faults start at the top surface
and extend to the bottom of the lamella, they are assumed to
be grown-in defects. While the contrast of the widely extended
stacking faults is well visible and their widths change when the
sample is tilted, no contrast of stacking faults between the dis-
locations can be observed. The dislocations are therefore either
full dislocations without dissociation or the dissociation distance
is too narrow to be resolved in the bright-field TEM images.

In order to further resolve the structures of the dislocations, we
performed aberration-corrected HAADF-STEM imaging. A full
dislocation in the Nb6.4Co6.6 alloy is shown in Figure 3a. The clo-
sure failure of the Burgers circuit reveals that the imaged core
corresponds to a full dislocation with b = 1

3
⟨ ̄2110⟩ lying between

the kagomé layer and the triple layer of the NbCo2 Laves phase
building block. While most of the defects imaged in the plastic
zone of the indentation were confirmed to be full dislocations
with b = 1

3
⟨ ̄2110⟩, a few partial dislocations bounding stacking

faults on the basal plane were also observed. The partial disloca-
tion core and the associated stacking fault in the Nb6.4Co6.6 alloy
are shown in Figure 3b. The stacking fault is located in the triple
layer of the NbCo2 Laves phase building block and the stacking
sequence of the triple layer changes to the twinned variant in the
stacking fault. The closure failure of the Burgers circuit confirms
that the partial dislocation has a Burgers vector of b = 1

3
⟨0110⟩.

In the Nb7Co6 alloy, a high density of straight basal slip traces
was observed around the indentation with a loading axis of 46°

[0001] (Figure 2c). In the bright-field TEM image from such an
indentation, numerous planar defects parallel to the basal plane
and bounded by partial dislocations were observed using a two-
beam condition with g = ̄1101 (Figure S3c, Supporting Informa-
tion). The planar defects are out of contrast for g = 0003 (Fig-
ure S3d, Supporting Information), which confirms that the Burg-
ers vectors of the planar defects in Nb7Co6 alloy are also on the
basal plane. The structure of a stacking fault bound by partial
dislocations in this sample was also imaged by HAADF-STEM
(Figure 3c) along the [11 ̄20] direction. At the dislocation core, the
parallelograms containing triple layers change direction, indicat-
ing that the stacking fault is located in the NbCo2 Laves phase
building block. The closure failure of the Burgers circuit around
the dislocation core reveals the partial dislocation Burgers vector
b = 1

3
[ ̄1100].

2.4. Energetically Favorable Slip Events

In order to reveal the energy paths of crystallographic slip in the
Nb–Co μ-phase, we calculated the generalized stacking fault en-
ergy (GSFE) curves of the crystallographic slip on different basal
planes along the 1

3
⟨11 ̄20⟩ direction in μ-Nb6Co7 (Figure 4a) and

μ-Nb7Co6 (Figure 4b). The crystallographic slip mechanism[7a,c]

involves the sliding of one half of a crystal relative to the other half
of the crystal on the basal plane along a crystallographic direction

Figure 3. Atomic configurations of the defects on the basal plane of the
Nb–Co μ-phase under an indentation viewed along the [11 ̄20] axis. a–
c) HAADF-STEM images of a full dislocation in the Nb6.4Co6.6 alloy viewed
end-on (a), a partial dislocation bounding a stacking fault in the Nb6.4Co6.6
alloy (b), and a partial dislocation bounding a stacking fault in the Nb7Co6
alloy (c). The Burgers vectors marked by red arrows are measured from the
closure failures of the green Burgers circuits. The stacking of the building
blocks of the Nb–Co μ-phase and the stacking faults are outlined using
yellow and blue tiles, respectively.

perpendicular to the stacking direction. Among the four possi-
ble sets of basal planes PCN14–CN15, Pk–CN14, Pt–k, and Pt, we find
that crystallographic slip on Pt–k exhibits the lowest energy bar-
rier in both μ-Nb6Co7 (Figure 4a) and μ-Nb7Co6 (Figure 4b). The
GSFE curves of crystallographic slip on Pt–k along the 1

3
⟨ ̄1100⟩
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Figure 4. Assessment of the slip mechanisms in μ-Nb6Co7 and μ-Nb7Co6 using DFT. a,b) GSFE curves of the crystallographic slip along the 1
3

[11 ̄20]

direction on different basal planes in μ-Nb6Co7 (a) and μ-Nb7Co6 (b). c,d) Energy profiles of the crystallographic slip along the 1
3

[10 ̄10] direction on
Pt–k calculated by GSFE (c) and synchroshear calculated using the NEB method (d). e,f) Snapshots of basal slip on Pt–k via the crystallographic slip
mechanism in μ-Nb6Co7 (e) and via the glide and shuffle mechanism in μ-Nb7Co6 (f). Large (colored in different shades of red) and small (colored in
green) atoms are Nb and Co atoms, respectively. Trajectories of atoms are colored in a black-gray gradient according to the reaction coordinate.

direction in μ-Nb6Co7 and μ-Nb7Co6 are given in Figure 4c. The
GSFE curve of crystallographic slip on Pt–k along the 1

3
⟨ ̄1100⟩ di-

rection in μ-Nb7Co6 shows a lower energy barrier and a more pro-
nounced local minimum than that in μ-Nb6Co7. Crystallographic
slip on Pt–k therefore becomes easier and dislocation dissociation

is more likely to occur as the composition of the Nb–Co μ-phase
changes from Nb6Co7 to Nb7Co6. Moreover, the Nb–Co μ-phase
has a lower energy barrier to basal slip on Pt–k than the C15–
NbCo2 Laves phase (Figure S4a, Supporting Information), pre-
sumably due to the larger interplanar spacing dt–k in the Nb–Co

Adv. Mater. 2023, 35, 2300586 2300586 (6 of 9) © 2023 The Authors. Advanced Materials published by Wiley-VCH GmbH
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μ-phase. Therefore, crystallographic slip on Pt–k becomes increas-
ingly more favorable as the Nb–Co TCP phase changes from the
Laves C15–NbCo2 to μ-Nb6Co7, and to μ-Nb7Co6.

In order to explore the minimum energy paths (MEPs) and
the associated atomic mechanisms of the basal slip mechanisms
other than the classical crystallographic slip in the Nb–Co μ-
phase, DFT nudged elastic band (NEB) calculations were per-
formed for basal slip on Pt and Pt–k of the NbCo2 Laves phase
building block. To ensure a constant strain state throughout the
NEB calculations, the initial configuration was elastically strained
with a shear of a full Burgers vector, which is equivalent to the
plastic strain of the final configuration (Figure S5, Supporting
Information). The NEB calculations predict that synchroshear is
the energetically most favorable slip mechanism on Pt in both
μ-Nb6Co7 and μ-Nb7Co6 (Figure 4d). The NEB calculations were
also performed on Pt of the C15–NbCo2 Laves phase for compar-
ison. The computed MEP and the atomic mechanism of basal
slip on the Pt of the C15–NbCo2 Laves phase are also associ-
ated with the synchroshear mechanism (Figure S4b,c, Support-
ing Information), which agrees with previous ab initio[7a] and
atomistic simulations.[7c,8a] The energy barrier to synchroshear
in the Nb–Co μ-phase (Figure 4d) is much higher than that in the
C15–NbCo2 Laves phase (Figure S4b, Supporting Information)
presumably due to the reduced interplanar spacing dt, and the
energy barrier to synchroshear in the Nb–Co μ-phase increases
dramatically from 1999.7 to 2677.8 mJ m−2 as the composition
changes from Nb6Co7 to Nb7Co6.

The synchroshear mechanism is less sensitive to the ap-
plied shear strain owing to the thermally activated nature of
the kink-pair nucleation and propagation of synchro-Shockley
dislocations.[8a] By contrast, the computed MEPs show that the
energy barriers to basal slip on Pt–k in μ-Nb6Co7 (Figure S6a, Sup-
porting Information) and μ-Nb7Co6 (Figure S6b, Supporting In-
formation) both vanish due to the large prestrain. According to
the NEB calculations, the associated atomic mechanisms of basal
slip on Pt–k in μ-Nb6Co7 and μ-Nb7Co6 are different. The inter-
mediate states of the basal slip on Pt–k in μ-Nb6Co7 (Figure 4e)
show that basal slip on Pt–k in μ-Nb6Co7 occurs via a crystallo-
graphic slip mechanism along the 1

3
⟨11 ̄20⟩ direction. The triple

layer moves as a whole along the 1
3
⟨11 ̄20⟩ direction relative to the

kagomé layer above. The stacking sequence of the triple layer in
μ-Nb6Co7 therefore remains unchanged during the glide process.
However, the intermediate states of basal slip on Pt–k in μ-Nb7Co6
(Figure 4f) show that basal slip on Pt–k in μ-Nb7Co6 occurs via a
glide and shuffle mechanism. An out-of-plane atomic shuffling
between the top and the middle of the triple layer occurs dur-
ing the glide process on the Pt–k plane along the ⟨ ̄1100⟩ direc-
tion. The Nb atoms on the top move to the middle of the triple
layer, and meanwhile the Nb atoms in the middle adjust their
positions to the top of the triple layer. After the glide and shuffle
process, the triple layer changes to the twinned variant, and a sta-
ble stacking fault with a low stacking fault energy of 7.6 mJ m−2

is created. The configuration of the stacking fault is consistent
with those widely observed in the HAADF-STEM images of μ-
Nb7Co6 (Figure 3c). Although in μ-Nb7Co6 the configuration and
the associated stacking fault energy of this type of stacking fault
are the same as the stacking fault created by synchroshear, the
stacking faults in the Nb7Co6 alloy are more likely to be created

by the glide and shuffle mechanism rather than the synchros-
hear mechanism due to the high energy barrier to synchroshear.
However, this type of stacking fault created by the glide and shuf-
fle mechanism is unlikely to occur in C15–NbCo2 and μ-Nb6Co7
since it disrupts the stable Nb–Co–Nb configuration of the triple
layer (Figure S7, Supporting Information), and thus the energy
of this type of stacking fault is very high in C15–NbCo2 (802.1
mJ m−2) and μ-Nb6Co7 (471.7 mJ m−2) (Table S4, Supporting In-
formation). Although the Nb6.4Co6.6 alloy mainly deforms by full
dislocation slip on Pt–k, given that nearly 43.5% of the Co atoms
in the middle of the triple layers are replaced by Nb atoms at 49.5
at% Nb, the energy of the stacking fault created by the glide and
shuffle mechanism might be reduced, and thus the full disloca-
tions might be able to dissociate with the help of local fluctuations
in composition.

3. Conclusion

We can now interpret the plasticity of the Nb–Co μ-phase by elu-
cidating the influences of crystal structure and composition on
the mechanical behavior of the Laves phase building block. As
the crystal structure changes from the C15–NbCo2 Laves phase
to the Nb–Co μ-phase, the interplanar spacing dt decreases and
the interplanar spacing dt–k increases. As a result of the changes
in interplanar spacings of the Laves phase building block, the en-
ergy barrier to synchroshear dramatically increases, whereas the
energy barrier to basal slip between the triple layer and kagomé
layer decreases. Thus, the basal slip mechanism tends to change
from synchroshear in the C15–NbCo2 to basal slip between the
triple layer and kagomé layer in the Nb–Co μ-phase. The excess
Nb atoms in the Nb-rich Nb–Co μ-phase are accommodated by
the site specific substitutions of the Co atoms in the triple layer
of the NbCo2 Laves phase building block. As the composition
changes from Nb6Co7 to Nb7Co6, the Nb–Co–Nb triple layer be-
comes a slab of pure Nb, resulting in a reduction in stiffness, es-
pecially the basal plane shear modulus of the NbCo2 Laves phase
building block, and an increased elastic inhomogeneity between
the Nb4Co3 and NbCo2 Laves phase building blocks. The changes
in the atomic configurations of the NbCo2 Laves phase building
block also lead to a reduction in energy barrier to basal slip on the
Pt–k plane and formation of stable stacking faults via the glide and
shuffle mechanism. Therefore, as the composition of the Nb–Co
μ-phase changes from Nb6Co7 to Nb7Co6, basal slip on the Pt–k
plane becomes easier and a transition of basal slip mechanism
from the crystallographic slip to the glide and shuffle mechanism
occurs.

The strong influence of the structure and chemical compo-
sition on the mechanical behavior of the Laves phase building
block sheds light on how to control the mechanical properties
of the complex μ-phase. It therefore opens up opportunities to
make the hard and brittle μ-phase phases much softer and de-
formable at even ambient temperature.[17] In highly alloyed sys-
tems, such as superalloys, high temperature steels, or high en-
tropy alloys, which are prone to μ-phase precipitation, this under-
standing may be employed directly by selecting alloying elements
that lead to the formation of μ-phases with a soft triple layer oc-
cupied by the same or similarly sized metallic species only and a
corresponding large spacing between triple and kagomé layer.[18]

Adv. Mater. 2023, 35, 2300586 2300586 (7 of 9) © 2023 The Authors. Advanced Materials published by Wiley-VCH GmbH

 15214095, 2023, 24, D
ow

nloaded from
 https://onlinelibrary.w

iley.com
/doi/10.1002/adm

a.202300586 by M
PI 337 Iron R

esearch, W
iley O

nline L
ibrary on [27/09/2023]. See the T

erm
s and C

onditions (https://onlinelibrary.w
iley.com

/term
s-and-conditions) on W

iley O
nline L

ibrary for rules of use; O
A

 articles are governed by the applicable C
reative C

om
m

ons L
icense



www.advancedsciencenews.com www.advmat.de

Similarly, where alloying elements cannot be selected on this ba-
sis, the often-available high resolution chemical information on
precipitates may now be used to estimate relative hardness of pre-
cipitates that remain too small for quantitative mechanical test-
ing. The structural and chemical data may then give an indication
of whether or not the present precipitates are likely to later intro-
duce local damage in the microstructure or not.

Furthermore, these insights also have implications for un-
derstanding of the plasticity of complex intermetallic phases
with a layered structure in general. The plasticity of the com-
plex intermetallic phases built from layers of recurring building
blocks, such as ternary transition metal nitrides/carbides (MAX
phases),[19] can be governed by the mechanisms active in the fun-
damental subunits and may be tailored by tuning local bonding
conditions and lattice spacing. To study the interplay of interpla-
nar spacing, local shear modulus and plasticity in the recurrent
fundamental building blocks will also allow us to transfer our un-
derstanding of their deformation to a large number of complex
intermetallic phases that may be newly considered or discovered
for the development of new high performance materials.

4. Experimental Section
Preparation of Samples: Nb6.4Co6.6, Nb6.9Co6.1, and Nb7Co6 alloys of

the Nb–Co μ-phase were prepared from pure Co (99.98 wt%) and Nb (99.9
wt%) by arc melting in an argon atmosphere. To assure homogeneity, all
samples were turned over and remelted 5 times. The alloys were heat-
treated at 1150 °C for 500 h under high vacuum. The ingots were cut into
small disks with a thickness of 2 mm and a diameter of 8 mm, mechan-
ically ground, and polished using an OP-U (Struers GmbH) finish. The
microstructures of the alloys were observed by optical microscopy (Leica
DMR, Leica AG) and SEM (Helios Nanolab 600i, FEI). Electron backscat-
ter diffraction (EBSD) (Hikari, EDAX) measurements were performed to
determine the crystallographic grain orientations. The electron probe mi-
croanalysis (JXA-8530F, JEOL) was performed to determine the chemical
compositions and homogeneity of the alloys (Figure S4, Supporting Infor-
mation) using pure Co and Nb as standards. Three line scans in different
areas far away from each other were measured on each alloy. Each line
scan contained 11 spot analyses. The Nb6.4Co6.6, Nb6.9Co6.1, and Nb7Co6
alloys were homogeneous and their average compositions were 49.5± 0.2,
52.8 ± 0.1, 53.7 ± 0.2 at% Nb, respectively.

Nanoindentation Tests: Nanoindentation tests were carried out at
room temperature using a Nanomechanics iNano indenter equipped with
a continuous stiffness measurement (CSM) unit. The samples were in-
dented using a diamond Berkovich indenter tip up to a maximum load of
45 mN. The strain rate was kept constant at 0.002 s−1 and the maximum
load was held for 10 s before unloading. The CSM method allowed contin-
uous measurements of hardness and indentation modulus as a function
of indentation depth using the model and methods proposed by Phani
et al.[20] To minimize the indentation size effect, the hardness and inden-
tation modulus were obtained by averaging the values measured at an
indentation depth greater than 350 nm. The macroscopic hardness was
estimated following the model proposed by Nix and Gao[15] and using the
indentation depth and hardness data above 200 nm. From this indenta-
tion depth, the Nix–Gao plot of hardness squared versus the inverse in-
dentation depth yielded the expected, approximately linear relationship,
as observed for MgO as a similarly hard material.[21] A minimum of 220
indentation tests were performed in each alloy. The indents were at least
50 μm from visible cracks and 20 μm from consecutive indents. After in-
dentation tests, the indents were imaged by SEM and the indents in the
vicinity of cracks and pores were excluded from the analysis. The indents
selected for slip traces analysis were further examined by EBSD to facilitate
a correlation of surface morphology and crystal orientation.

TEM Investigations: In order to verify the activated slip systems and re-
veal the detailed dislocation mechanisms of the plasticity of the Nb–Co μ-
phase, TEM investigations on the dislocation structures of the Nb6.4Co6.6
and Nb7Co6 alloys were performed after indentation tests. Specimens for
TEM analysis were prepared from selected indents of the Nb6.4Co6.6 and
Nb7Co6 alloys by focused ion beam (FIB) milling (Helios Nanolab 600i,
FEI). TEM observations were carried out with a JEOL JEM F200 electron
microscope operated at 200 kV and two probe-corrected scanning TEMs
(a Thermo Fisher Scientific Spectra Ultra S/TEM equipped with the Ultra
X EDS solution, and a Titan Themis) operated at 300 kV. EDS spectrum
imaging was obtained at 300 kV and noise reduction was performed using
multivariate statistical analysis.[22]

DFT Calculations: DFT calculations were carried out using the Quan-
tum ESPRESSO[23] package with the projector augmented wave[24]

method and the Perdew–Burke–Ernzerhof[25] generalized gradient approx-
imation to the exchange correlation functional. The kinetic energy cutoff
was 60 Ry for wave functions and 360 Ry for charge densities and po-
tentials. The convergence threshold for electronic self-consistency was
10−8 Ry. The Broyden–Fletcher–Goldfarb–Shanno[26] relaxation scheme
was used for structural relaxation, the convergence thresholds of energy
and force were 10−4 and 2 × 10−4 au (atomic units), respectively. The con-
ventional unit cells with an 8 × 8 × 1 k-point mesh (for μ-Nb6Co7 and
μ-Nb7Co6) and 1 × 1 × 2 unit cells with a 5 × 5 × 3 k-point mesh (for C15–
NbCo2) were used to calculate the lattice parameters and elastic proper-
ties. The local shear moduli of crystal building blocks were calculated fol-
lowing the method introduced by Howie et al.[19] For the GSFE and climb-
ing image NEB[27] calculations, the simulation cells were 1 × 1 × 2 unit
cells (for μ-Nb6Co7 and μ-Nb7Co6) and 1 × 1 × 13 unit cells (for C15–
NbCo2) with a 6 × 6 × 1 or 8 × 8 × 1 k-point mesh. The periodic bound-
ary conditions (PBC) and perpendicular relaxation suggested by Rodney
et al.[28] were applied during the rigid body shift of the GSFE calculations
(Figure S5a, Supporting Information). For the NEB calculations, the ini-
tial and final images as well as the interpolated intermediate images were
presheared to retain the PBC in the longitudinal direction (Figure S5b, Sup-
porting Information). The Quickmin method[29] was used to minimize the
energies across all images with a force tolerance of 0.05 eV Å−1. The spring
constant for nudging force was 0.1 au. 7 or 14 intermediate images were
used, and all images were equally spaced along the reaction coordinate.
The Open Visualization Tool (OVITO)[30] was used to visualize the atom-
istic configurations and trajectories of atoms.

Supporting Information
Supporting Information is available from the Wiley Online Library or from
the author.
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