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Abstract
An in-situ hydrogen (H) plasma charging and in-situ observation method was developed to continuously
charge materials while tensile testing them inside a scanning electron microscope (SEM). The present work will
introduce and validate the setup and showcase an application allowing high-resolution observation of H-material
interactions in a Ni-based alloy, the alloy 718. The effect of charging time and pre-straining was investigated.
Fracture surface observation showed the expected ductile microvoid coalescence behaviour in the uncharged
samples, while the charged ones displayed brittle intergranular and quasi-cleavage failure. With the in-situ
images, it was possible to monitor the sample deformation and correlate the different crack propagation rates
with the load-elongation curves. H-charging reduced the material ductility, while increasing pre-strain decreased
hydrogen embrittlement susceptibility due to the suppression of mechanical twinning during the tensile test and,
therefore, a reduction of H concentration at grain and twin boundaries. All the presented results demonstrated the
validity of the method and the possibility of in-situ continuously charging of materials with H without presenting
any technical risk for the SEM.
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Introduction
Considering an increasing depletion of fossil fuels and the necessity to implement alternative sources of
energy to mitigate the serious climate changes, hydrogen (H) is believed to be a promising future fuel for energy
storage [1]. With this aim, materials have to be developed to transport and store H, and the most critical factor for
safe use is a loss in ductility due to hydrogen embrittlement (HE). Nowadays, the use of high-strength structural
materials for lightweight applications becomes a necessity. Although it is possible to develop materials with high
tensile strength and high fracture toughness, many of them can be affected by H [2], leading to a severe degradation
of their outstanding properties if exposed to H environments. Moreover, materials such as Ni-based superalloys,
which are mainly used in the gas and oil industry, have to withstand extreme conditions avoiding stress corrosion
and hydrogen embrittlement failure [3].
HE is a severe type of failure that affects a large number of metals and alloys. The first detrimental effects
of H were reported in the 1870s Johnson [4]. He observed that the toughness of iron was reduced when immersed
in acid and that this effect was reversible on a macroscopic point of view, concluding that H was responsible for
this phenomenon. Since Johnson’s first reports, many scientists have studied the nature, causes and control of Hrelated degradation of metals on a microscopic scale [5-18]. This has led to numerous controversial findings and
interpretations on the HE mechanisms [5-7, 18].
There are two main approaches in literature to study the HE effects. One is focused on the analysis of
post-mortem morphological features. From these studies, two mechanisms were proposed. The hydrogen enhanced
decohesion mechanism (HEDE), first suggested by Gerberich and Oriani [5, 12], postulates that H diffuses to crack
fronts, and the local accumulation of H reduces the cohesion between atoms. This reduction in cohesion in Ni and
the effect of some co-segregation elements was recently studied by He et al. [19]. Thus, in the presence of H, the
local maximum tensile stresses, controlled by the externally applied load and the crack front geometry, can exceed
the maximum lattice cohesive force, giving rise to failure. Following this approach, Lynch proposed the adsorption
induced dislocation emission (AIDE) mechanism [6, 20, 21], which states that H promotes dislocation emission
from crack tips as a result of the weakening of interatomic bonds, implying that a greater proportion of dislocation
activity results in faster crack growth.
The second approach for studying HE effects focuses on in-situ experiments. Robertson, Birnbaum and
Sofronis [7, 22-24] proposed the hydrogen enhanced localized plasticity (HELP) mechanism based on in-situ
environmental transmission electron microscopy (TEM) results. They suggested that H increases the rate of
dislocation generation and velocity. Furthermore, H lowers the interaction between dislocations and elastic
obstacles, leading to a reduction in shear stress for dislocation motion and promoting localized deformation.
One important aspect in the study of HE is the H source. From the charging point of view, H can either
be pre-charged into the material or introduced in-situ. In the first case, considering that H exhibits fast diffusion in
some materials [25], there is a significant probability that outgassing occurs. In-situ charging experiments prevent
this issue by continuously supplying H. Among these, the most popular ones are performed either with H gas at
high pressure [8] or by electrochemical cathodic charging [9, 10]. However, in these cases, a high-resolution
observation during deformation is difficult. In-situ observation during H charging is limited by the difficulty of
operating a H source in a high vacuum environment. Environmental SEM and TEM have been used to test H
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effects in an H environment with nanomechanical testing [26, 27], allowing an observation of the defect behaviour,
but with a limited field of view and potential sample size effects [28].
A third charging possibility, rarely developed though, is plasma charging. Plasmas are generated by
supplying energy to a neutral gas causing the formation of charge carriers. There are various ways to supply the
necessary energy for plasma generation. The most commonly used method of generating and sustaining a lowtemperature laboratory plasma is by applying an electric field to a neutral gas [29]. Any volume of neutral gas
always contains a few electrons and ions and when the electric field is applied, these free charged particles are
accelerated and collide with atoms and molecules in the gas, thereby creating new charged particles. Thus, an
avalanche of charged particles is generated, which is eventually balanced by charge carrier losses to arrive at a
steady-state plasma.
Wang et al. [30, 31] used low-pressure H plasma in an environmental SEM to study HE of a ferritic alloy
with in-situ mechanical testing by connecting a plasma cleaner to the SEM chamber. Unfortunately, they found
in-situ observation by normal SEM mode to be limited and were not able to perform in-situ imaging with highvoltage. The challenge in this case lies on the difficulty of having an in-situ observation in the H environment due
to the high H flammability. Consequently, their investigations were only feasible when the chamber was again
evacuated to the high-vacuum state after charging.

Experimental method
To overcome these issues and establish more defined ways to study H-material interactions, a new in-situ
H charging method with plasma charging has been developed to allow in-situ H charging inside an SEM while
performing a macroscopic deformation test. Therefore, a miniaturized plasma cell using Radio Frequency (RF)
power was built. This configuration consists of two electrodes confined in a vacuum vessel. One of the electrodes
is grounded while the other one is powered by a high frequency (13.56 MHz) power source, and an exchangeable
working gas is fed into the system through an inlet. In this study, deuterium gas was chosen so that in the future
the retained H content can be determined by nuclear reaction analysis or by thermal desorption. Furthermore, a
matchbox is necessary to match the impedances of the RF generator and the plasma to optimize power absorption
[32].
Fig. 1-a shows a scheme of the in-situ setup in the SEM. A stainless steel cup of 25 mm diameter, 20 mm
height and an aperture of 2 mm is used as the vessel and powered electrode, while the grounded sample acts as
counter electrode. Tensile specimens were fabricated by electrical discharge machining with the geometry of 32
mm length, 5 mm width and thicknesses ranging between 0.65 and 1.40 mm. Since the aperture of the powered
vessel cup is 2 mm diameter, only the centre region of the samples was charged with H. This allows H charging
of a localized region of the sample where the in situ observation will be performed. To provide a faster H diffusion
through the thickness of the material, a reduction in the thickness to approximately 0.2 mm was made in the
charged area (see Fig. 1-b). Furthermore, since the charging is conducted only from the bottom of the samples, a
contamination free top surface for SEM observation is provided. An Indium wire gasket was used to seal the
sample to the cell, and a Teflon disk with an aperture in the centre of the sample was used to attach the sample to
the Indium seal. This arrangement keeps the cell not only sealed, but also allows a friction-less displacement of
the sample during the mechanical test as well as the surface observation through the electron beam.
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Fig. 1. (a) Scheme of miniaturized plasma cell implemented in the SEM. (b) Cross section of tensile sample with
indicated charging and observation directions. (c) Top view of the plasma device with the tensile stage inside the
SEM
As the sample geometry deviates from standardized geometries, a fully three-dimensional mechanical
finite element (FE) simulation was conducted to account for the heterogeneity of stress distribution across the
thinned centre region of the samples, as shown in Fig. 2. The thickness of the centred region was 200 µm in the
model. The FE modelling has been performed with the commercial software package Abaqus [33]. The sample
geometry is meshed using tetrahedral continuum elements with quadratic shape functions. An average element
size of 0.05 mm was used in the thinned area of the sample. In the rest of the model, the element size length was
0.2 mm. The applied material model describes the elasto-plastic behaviour of the solution-annealed Alloy 718 by
means of a von Mises yield function with isotropic hardening. The hardening function is based on a data field
approach considering the measured true stress-true strain dependency. The Young’s modulus was assumed to be
210 GPa and the Poisson’s ratio was 0.3.
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Fig. 2. Stresses distribution in cross section of the sample. (a) Hydrostatic stress (MPa). (b) Maximum
principal stress (MPa). (c) Von Mises stress (MPa). The pictures were taken for a plastic strain of 1% in the
middle of the thinned area where the plasma charges the sample from below.
The tests were performed in an SEM Stereoscan 440 operated at an acceleration voltage of 10 kV for
imaging. A Kammrath & Weiss tensile stage, equipped with a 10 kN load cell and an inductive displacement
sensor was used for the mechanical tests. The accuracy of the load cell is in the order of ~1 N, and the accuracy of
the displacement sensor is ~0.5 μm. For all tests, a displacement rate of 0.2 μm/s was set. Teflon tubes were used
for gas inlet and outlet inside the SEM chamber and the gas flow was controlled with a Bronkhorst Mass Flow
Controller In-Flow. A CESAR RF power generator with an impedance matching box served to supply energy to
the deuterium gas to produce plasma. For delivering the energy to the plasma cell, a 50 Ω coaxial cable was
selected.
To investigate the plasma parameters, Langmuir probe measurements were conducted in a first prototype
of the plasma cell built at the Max-Planck-Institut für Plasmaphysik, in Garching. The Langmuir probe consisted
of a tungsten wire of 5 mm length and 0.15 mm diameter. The gas flow used was 0.75 sccm (standard cubic
centimetres per minute) with power ranging from 0.8 to 1.4 W. The resulting DC bias voltage was 100 V. The
current (I) drained by the probe for each bias voltage (U) supplied was measured as shown in Fig. 3.
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Fig. 3. Langmuir Probe curves of the plasma cell prototype for a gas flow of 0.75 sccm and power
ranging from 0.8 to 1.4 W. With these curves, electron temperature (~ 1 eV) and ion flux (~1020 m-2 s-1) were
calculated
The following equations [34, 35] were used to analyse the curves:
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where ne = electron density, e = elementary charge, S = probe surface = lπd, Te = electron temperature,
φfl= floating potential (I=0), U = probe potential, mi = ion mass = 6 amu (D3+ ions), Is = ion saturation current, Vp
= plasma potential and η = ion flux.
The exponential part of the I-U curve (eq. 1), if plotted semi-logarithmically versus the probe potential
U, should be a straight line and the slope of the curve is 1/Te. To determine the plasma potential, one method is to
take the point where Ie starts to deviate from exponential growth, that is where I e’ (U) is maximum or Ie’’ (U) is
zero [36]. For a gas flow of 0.75 sccm and power between 0.8 and 1.4 W, the resulting electron densities (eq. 2)
were in the range of 1016 m-3, electron temperatures around 1 eV and ion fluxes (eq. 3) in the range of 10 20 m-2 s-1.

Material
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To demonstrate the versatility of the design, a Ni-based alloy (Alloy 718) in the solution annealed
condition, with a grain size of ~100-200 μm, was tested with this novel method. This material was chosen as a
model material to be examined, since its microstructure and its susceptibility to H have been reported previously
in literature [37-42], permitting comparison to the in situ data. The composition of the material is shown in Table I,
in conformity to AMS specification.
Table I. Chemical composition of Alloy 718 [wt. %]
Ni

Cr

Fe

(+Co)
50-55

Nb

Mo

Ti

Al

Co

C

Mn

Si

P

S

B

Cu

4.75-

2.8-

0.65-

0.2-

1

0.08

0.35

0.35

0.015

0.015

0.006

0.30

5.50

3.3

1.15

0.8

max

max

max

max

max

max

max

max

(+Ta)
1721

Balance

With the ion flux η calculated from the Langmuir Probe data and the H diffusion coefficient in Alloy 718
[43], H concentration can be calculated. Assuming D3+ ions at 100 V bias (i.e., 33 eV/D) and a pure Ni target for
simplicity (the alloy has a similar stopping power); the mean implantation depth rmean was calculated using a
Monte-Carlo program, SDTrim.SP 6.0 [44]. The resulting rmean is 1.15 nm. About 41% of the particles are
implanted (the remaining 59% are reflected directly and do not contribute to the D concentration).
A simple analytical model [45] was assumed considering the case of diffusion-limited recombination at
both sample surfaces. Since H solubility in Alloy 718 is low, solute H has a strong tendency to leave the sample
once it reaches the surface. Assuming that recombination of H to H 2 (or D to D2) is fast (reasonable for a clean
surface exposed to plasma) the entire amount of H/D diffusing to the surface of the sample is immediately lost,
i.e., the solute H/D concentration at the plasma-exposed surface is 0. Furthermore, the sample thickness (200 μm)
is much larger than the implantation range (~1 nm) and any H/D that is implanted starts diffusing. In steady state,
there is a constant H/D concentration gradient towards either surfaces, according to Fick’s law:
𝑗 = −𝐷𝐻 ∗

𝜕𝜌𝐻
𝜕𝑥

(4)

where j = diffusion flux, DH = H diffusion coefficient, ρH = H density.
The highest concentration is reached at the implantation range and it decays linearly towards either
surface. Since the implanted surface is much closer to the implantation range than the opposite surface (which is
observed by the SEM), this gradient is steeper and, accordingly, the diffusive flux towards this surface is larger.
In good approximation, nearly all deuterium particles that are implanted diffuse back to the plasma-exposed
surface and desorb there. Only a small fraction of the implanted flux (0.001 μm/200 μm= 5*10-6) diffuses into the
bulk and, eventually, to the observed surface.
The following equation can be used to calculate the concentration maximum at the implantation range
(the fraction of diffusion into the bulk can safely be neglected):
𝐶𝑚𝑎𝑥 =

𝑟𝑚𝑒𝑎𝑛 ∗(1−𝑅)∗𝜂
𝜌∗𝐷𝐻

(5)

7

where Cmax= maximum H/D concentration, R= reflection coefficient, η = ion flux, ρ= density, DH= H
diffusion coefficient.
This leads to a maximum H solute concentration between ~120-150 ppm. Since the decay towards the
back surface is assumed linear, the average solute concentration would be exactly half of that, i.e. ~60-75 ppm.

Testing conditions
Two different batches of samples were tested with different charging conditions. The first set (samples
S1 to S4 in Table II) was tested with different charging times, from uncharged conditions to 1 h of pre-charging.
The pre-charged samples were also in-situ charged while testing, taking into account that the tests lasted
approximately one hour. In the second set (S5 to S7 in Table II), the pre-straining effect was analysed. S5 was
used as an uncharged and not pre-strained reference sample. S6 sample was pre-strained for 370 μm (pre yield
point, which corresponds to approximately 7.7% strain in the centre of the sample) while S7 for 400 μm (post yield
point, corresponding to 8.3% strain in the same region as sample S6). Both samples were held in the strained
condition and were pre-charged with hydrogen for 4 h. Afterwards, the tensile test was continued until failure. All
tests were conducted under constant strain rate conditions with a constant displacement rate of 0.2 μm/s.
Table II. Overview of Alloy 718 samples tested

Sample

Testing condition

Overall

Reduced

Failure time

thickness (mm)

thickness

(min)

(mm)
S1

Uncharged

0.65

0.20

72.58

S2

Charged while testing

0.65

0.23

67.5

S3

0.5 h pre-charged+

0.65

0.20

70.25

0.65

0.23

69.3

charged while testing
S4

1 h pre-charged+
charged while testing

S5

Uncharged

1.42

0.15

64.5

S6

Deformed below yield

1.41

0.19

55.4

1.40

0.15

51.7

point+ 4 h pre-charged
S7

Deformed beyond yield
point+ 4 h pre-charged

After the tensile tests, fracture surfaces of the failed samples were analysed ex-situ with an SEM LEO
1525 using an acceleration voltage of 20 kV.

Results
Effect of pre-charging time
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Fig. 4 shows the load-elongation curves of samples S1 to S4. The noise in the signal arises from
interference between the RF power supply and the electronics of the tensile module, which could not be completely
suppressed by shielding of the cables. At the beginning of the deformation experiment, the force value was not
zero due to clamping and friction effects, which would also affect the apparent initial loading regime. Notably, for
increasing deformations, the loading data converged for all samples and the maximum load value was
approximately the same for all the tested samples, which is controlled by the failure of the uncharged thick side
parts of the tensile sample (as shown in Fig. 1-c, only the centre-thinned area is charged). Importantly, all the
charged specimens failed at lower elongations than the uncharged sample. Focusing only on the shaded areas, the
elongation region from where cracks were initiated until final failure can be compared, i.e. the comparison of the
crack propagation rather than initiation times. Comparing the shaded areas in the graph, it can be seen that the
longer the charging time, the smaller the shaded area, i.e. the greater the decrease in the elongation of the samples.

1

Fig. 4. Load-elongation curves of Alloy 718 S1, S2, S3 and S4 samples. Points 1 to 4 in the curve of the
uncharged sample S1 correspond to the points where in-situ images were taken. Charged samples S2, S3 and S4
failed at lower elongation than uncharged S1 sample. The shaded areas show that with increasing charging
time, the loss of elongation was higher
Fig. 5 shows the in-situ images of the centre of sample S1. The first decrease of the load corresponds to
the appearance of a crack, while the last image relates to the final failure of the sample.
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Fig. 5. In-situ images of Alloy 718 S1 (uncharged) sample. Points 1 to 4 correspond to the points marked in the
load-elongation curve in Fig. 4, where the crack propagation stages can be correlated with the different load
and elongation values
From the in-situ images, crack propagation can be readily monitored, and the linear intercept crack length
was estimated for each sample at different loading steps, as shown in Fig. 6. All the charged samples failed before
the uncharged one, but for comparison purposes, the crack initiation times were normalized to 0 s. Comparing the
slope of the curves, which correspond to the crack propagation rate, S4 shows the fastest crack propagation rate.
In S3, the crack propagation rate was lower than in the uncharged sample. Nevertheless, when the crack reached
the uncharged parts of the sample, the propagation rate decreased. In the load-elongation curve in Fig. 4, it can be
seen that there is at first a rather steep decrease in the load. Afterwards, there is a stage with more or less constant
value, which corresponds to deformation of the uncharged parts of the sample, proving that there was an effect on
the sample. Contrary to this, in the uncharged specimen, the crack propagation rate did not decrease when reaching
the “thicker” parts of the sample.

10

Fig. 6. Crack length over time for Alloy 718 S1, S2, S3 and S4 samples with crack initiation times
normalized to 0 s. Considering that the slope of the curves represents the crack propagation rate, S4 shows the
fastest rate
Fig. 7 shows the post-mortem fracture surfaces of the samples. Since these images were taken with a field
emission SEM, the resolution is better than the in-situ images of Fig. 5, where a tungsten filament SEM was used.
Sample S1 (Fig. 7-a) exhibits a typical ductile fracture surface with larger primary dimples and smaller secondary
ones. Fig. 7-b shows the fracture surface of S2, with a completely different character than the uncharged one. This
sample exhibits a brittle failure by decohesion along grain boundaries with rather smooth facets. Samples S3 and
S4 have several different morphologies, as can be seen in Fig. 7-c and d. There are regions of microvoid
coalescence, flat “featureless” regions and regions with striations, the last marked with dashed boxes in the figure.
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Fig. 7. Fracture surfaces of (a) S1, (b) S2, (c) S3 and (d) S4 Alloy 718 samples. (e) View of the cross section of
the samples with the direction of plasma charging indicated. S1 (uncharged) sample shows a ductile failure
while the charged samples show either intergranular or regions of “quasi-cleavage” (marked with dashed
boxes) fracture behaviour

Effect of pre-straining
Fig. 8 shows the load-elongation curves of the second set of samples, where different amounts of prestrain were applied. Comparing the shaded areas of S5 and S6, it can be seen that, compared to the previous cases,
the presence of H reduces the elongation until failure of the sample more significantly. From points 1 to 3 in S6,
the crack propagates through the centre region of the sample, which is in contact with H, as it can be seen in the
in-situ images in Fig. 9. On the other hand, S7 shows a different character. As soon as a crack is initiated, point 5,
the propagation was retarded, maintaining an almost constant value of load, until point 6, followed by a decrease
in the load to point 7 and another step of constant load before final failure. In this case, the shaded area of the
deformed sample was larger than the one of the uncharged S5 sample, i.e. in S7 the crack propagation was retarded
to a higher extent than samples S5 and S6.
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Fig. 8. Load-elongation curves of Alloy 718 S5, S6 and S7 samples depicting influence of pre-strain.
Points 1 to 4 in the S6 curve correspond to the points where in-situ images were taken and 5 to 7 in the S7 curve
show the regions where there are plateau regions of the force. The shaded areas show a reduction in elongation
in the S6 charged and pre-strained below yield-sample compared to the uncharged sample but an increase in the
S7 charged and pre-strained above yield-sample.
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Fig. 9. In-situ images of Alloy 718 S6 (pre-strained before yield and 4 h pre-charged) sample. Points 1 to 4
correspond to the points marked in the load-elongation curve in Fig. 8. Crack initiation and propagation steps
can be correlated with load and elongation values of the curve
As in the previous experiments, the crack length over time was calculated from the in-situ images,
displayed in Fig. 10. The uncharged sample, S5, is the last one to fail. Comparing the time from which cracks are
initiated until final failure, it can be seen that the crack propagation rate of S6 is higher than S5. However, S7
shows a slower propagation than the uncharged S5 sample (990 s of crack propagation compared with 570 s for
S5). This is in agreement with the load-elongation curves in Fig. 8.
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Fig. 10. Crack length over time for Alloy 718 S5, S6 and S7 samples with crack initiation normalized to 0 s. The
slope of the curves corresponds to the crack propagation rate. Samples S5 and S6 show a similar behaviour but
the propagation rate in sample S7 was retarded
Fig. 11 shows the fracture surfaces of the samples. The sample S5 without pre-strain, Fig. 11-a, exhibits
a typical ductile failure where small dimples within large ones can be seen, similar to the uncharged sample of the
previous set of samples. The inclusions present on the fracture surface, marked with arrows, are most likely formed
during the production process of the alloy [46]. This was the only sample in which inclusions were seen. The
fracture surface of sample S6 exhibits some similarities with S3 and S4. This specimen also shows dimples and
regions with river markings indicated by dashed boxes. On the other hand, S7 presents to a large extent only
dimples.
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Fig. 11. Fracture surface of (a) S5, (b) S6 and (c) S7 Alloy 718 samples. The charging for all samples is from the
bottom as shown in Fig. 7-d. Inclusions were present in S5 sample, marked with arrows in (a). S5 and S7 show a
ductile fracture while “quasi-cleavage” regions can be seen in S6 sample, marked with dashed boxes in (b).
Moreover, optical micrographs of the top surface were taken after sample failure next to the fracture
surface, as shown in Fig. 12. Mechanical twinning can be observed in the samples in the proximity to the fracture
surface.
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Fig. 12. Optical micrographs of (a) S5, (b) S6 and (c) S7 Alloy 718 samples showing deformation and
mechanical twinning next to the fracture surface.

Discussion
Method
The method developed allows direct charging of materials for the investigation of H effects for a wide
range of sample sizes with the advantage of testing macroscopic samples. The simulation results in Fig. 2
confirmed that, although the geometry is not standardized, the stress distribution in the charged and thinned area
is sufficiently homogenous, eliminating possible undesired stressed-driven H diffusion to regions with higher
hydrostatic stresses in the sample.
An important advantage of this method is that samples can be continuously charged while testing, which
is crucial for materials with high H diffusivity and simultaneously low H solubility, for example ferritic steels.
Moreover, there is no risk of sample corrosion as can happen with electrochemical charging, with the possibility
of sample failure. Furthermore, with cathodic charging there can be a pre-damage in the samples, which can alter
the effect of H. For instance, it has been reported [47] that cathodic charging alone generated slip lines and surface
and subsurface cracks. The pre-damage caused by the charging resulted finally in a reduction of yield strength and
an increased embrittlement.
To the authors’ knowledge, the presented method is the first one reported that combines in-situ charging
and tensile testing inside an SEM, presenting no risk for the SEM even when the sample fractures.
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Effect of pre-charging time
In the load-elongation curves from Fig. 4, the elongation of S4 seems to be larger than S2 and S3.
Nevertheless, if only the elongation is considered from the point where cracks are initiated (first drop in the load)
until the final fracture of the sample, it can be seen that with increasing charging time the elongation was decreased.
In the S4 sample, the load dropped abruptly from point 1 to point 2 (zero load), while in S2 and S3 samples failure
was not so abrupt. This behaviour was also evidenced in the in-situ images and the crack propagation in Fig. 6.
For S4 only two in-situ images of the crack were recorded, since the failure of the sample occurred immediately
after crack initiation. Furthermore, as mentioned before, the crack propagation rate of S4 was the highest. In this
context, sample S4 showed a greater susceptibility to H due to the higher amount of pre-charged H. Contrary to
this, although crack initiation of S2 and S3 was before S4, the propagation was slower, especially in the areas that
were not in contact with the H source. A possible reason for this behaviour is that there is a gradient in H
concentration, and since H diffusion in Ni is low [48, 49], there is not enough time for H to diffuse to the sides of
the samples (which are not in direct contact with the plasma) so crack propagation is not accelerated in such areas,
in contrast to the directly H-charged regions.
In ductile crack growth, there is almost no emission of dislocation directly from crack tips due to strong
bonding. Most of the egressing dislocations, around crack tips, produce crack blunting and plastic deformation
rather than crack advance. The coalescence of large voids involves nucleation and growth of small voids, and large
dimples with smaller dimples appear on fracture surfaces [50], as it can be seen in Figs. 7-a and 11-a in the
uncharged specimens.
The morphologies of H-enhanced fractures can be unaffected or changed from ductile microvoid
coalescence to quasi-cleavage, cleavage or intergranular failure. In sample S2, the fracture behaviour, Fig. 7-b,
was clearly affected by H changing to a brittle intergranular failure dominated by grain boundary decohesion.
Regarding the flat “featureless” regions and the regions with striations of samples S3 and S4, they are
referred in literature as “quasi-cleavage” [51] and occur when both transgranular cleavage and ductile failure
operate together. Materials that fail with a quasi-cleavage mechanism usually show river markings, which are
originated inside the grains and run approximately parallel to the crack propagation direction. These markings can
be seen in Figs. 7-c, d and 11-b running parallel to the crack propagation direction, i.e. perpendicular to the loading
direction.
Lynch explained the presence of dimples in the charged samples with his Adsorption Induced Dislocation
Emission (AIDE) model [2]. It states that dislocation emission in the presence of H is different from crack growth
in an inert environment. Dislocations are emitted from the crack tip on suitable inclined slip planes as a result of
interatomic bonds weakening by H. Consequently, a greater proportion of dislocation activity results in crack
growth, the coalescence of cracks with voids occurs at lower strains (in accordance with the load-elongation curves
in Fig. 4) and shallower dimples are produced on fracture surfaces.
Although the crack propagation rate is greater in S4, with the observation of fracture surfaces it seems
that the S2 sample is more susceptible than S3 and S4. This behaviour can be explained considering the plasma
conditions. Although all the samples were tested with the same bias voltage plasma, in the S2 sample the power
supplied was 4 W compared to 7 W in the other two samples. This increase in power can increase the temperature
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of the sample, increasing the H diffusivity in the sample and thus decreasing the H concentration. Unfortunately,
in the current realization it is not possible to measure (or actively control) the sample temperature during
experiments, but this is planned to be implemented for future work.

Effect of pre-straining
According to the results presented, pre-straining the sample before yield (S6) shows similar H
susceptibility as in the previous experiments. This specimen displayed similar effects as the charged samples in
the previous set. The elongation was reduced and the crack propagation rate increased. Furthermore, the fracture
surface exhibited a quasi-cleavage mode. Contrarily, it seems that pre-straining the sample to a post yield condition
(S7) reduces the sensitivity for HE.
Ji. et al. [52] detected similar effect in 310S stainless steel and they suggested that pre-strain hinders the
formation of fresh mechanical twins and H delivery to twin boundaries, avoiding a high H concentration in twin
boundaries. Since S7 exhibits lower susceptibility to detrimental H effects, it is possible that the H concentration
was lowered at twin and grain boundaries. High-resolution SEM was used to compare the density of mechanical
twins between the samples but no clear difference was observed. Another explanation for the behaviour of S7
could be that there is a strain hardening effect in the uncharged sides of the sample that lowers the crack
propagation rate, giving rise to steps of constant load, as shown in Fig. 8.

Conclusions and outlook
A novel in-situ method for HE studies has been developed and successfully implemented. This
methodology is based on in-situ continuously charging materials with H plasma inside an SEM and allows having
high-resolution observation while deforming the material of interest. In addition, although H outgassing from the
material cannot be avoided (H arriving at the surface recombines and desorbs), there is a constant supply of H,
which leads to a dynamic equilibrium of the H concentration. It is worth mentioning that the standard tungsten
filament SEM used for this work only provides limited resolution of in-situ images, which could be highly
improved by transferring the setup to a new field emission gun SEM. Nevertheless, in the present proof-ofprinciple case, the observations were sufficient to monitor the sample deformation and crack propagation, and
correlate them with the load-elongation curves.
With respect to the studied solution annealed Alloy 718 material, in all the charged samples, with the
exception of S7 sample, the crack propagation rate was increased and the ductility decreased when H was present.
Furthermore, with the in-situ images it was possible to detect that the crack propagation rates were decreased once
the crack run into the regions that were not in contact with plasma, which were the last parts of the sample to fail.
Fracture surface observation of uncharged samples showed a typical ductile fracture with the presence of
dimples. The charged samples, on the other hand, displayed either a brittle intergranular failure or a quasi-cleavage
with river markings features. This difference could be attributed to a change in the sample temperature when
applying more power to strike the plasma.
Future efforts will relate to modify the sample to introduce cracks in order to allow detailed crack
microstructure interaction observations at higher magnifications, as well as detailed determination of the H
concentration in the material.
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