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Abstract
Dislocation lines in concentrated medium and high-entropy alloys are pinned during glide resulting
in jerky motion. While solute interaction with dislocations is well understood in conventional alloys,
the origin and action of individual pinning points in concentrated random alloys is a matter of debate.
Here we report transmission electron microscopy investigations combined with atomistic computer
simulations and identify the local Peierls stress for each atom in the dislocation glide plane as a spatial
descriptor for dislocation pinning sites. We show that the density and magnitude of pinning sites
correlates well with the dislocation mobility. By comparison of different Ni based alloys we find that
the non-linear interaction between Co and Cr leads to a pronounced increase in pinning point density
and strength. Finally, we find that the insertion of artificial short-range order does not change the
pinning point landscape.
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Introduction

(TEM) and/or atom probe tomography studies on
CrMnFeCoNi and related alloys without resolving
any trace of short-range order (SRO). Recently,
R. Zhang et al. observed, however, weak reflections at 1/2 (111) for the CrCoNi MEA in energyfiltered transmission electron diffraction indicating
local chemical ordering [12]; similarly F.X. Zhang et
al. identified SRO by X-ray absorption fine structure (EXAFS) enhanced by density functional theory [18]. Upon annealing fine precipitates evolved
from the SRO in CrCoNi supporting their view
that local chemical ordering is a crucial factor in
the strength of multi-principle element alloys [12].
SRO is indirectly supported by trains of dislocations which traveled along the same path as displayed in TEM images of deformed CrCoNi, CrFeCoNi, CrMnFeCoNi alloys [19]. Dislocation trains
sweeping over an area of SRO are typically expected
to destroy pinning sites as repeated slip by subsequent dislocations randomizes any local chemical
order. The destruction of pinning sites is however,
not observed in our recent in-situ TEM results revealing jerky dislocation glide by repeated pinning
and depinning along the lines of consecutive dislocations [17].

Several high and medium-entropy alloys
(HEA/MEA) outperform mechanical properties of conventional alloys, while some even
combine exclusive property combinations such as
high strength and high ductility - even down to
cryogenic temperatures [1, 2, 3]. Meanwhile it is
well established that configurational entropy of
most HEA is not outperforming enthalpic interactions [4, 5], and HEAs are better referred to as
multi-principle element alloys. The strong enthalpy
contributions are documented by local chemical
ordering [6, 5, 7], phase decomposition [8, 9], and
tunable stacking fault energies [10].
The origin of high strength of HEA and MEA is
controversially discussed in the community [11, 12,
5, 13]. Curtin and coworkers [14] developed a model
predicting flow stresses for solid solution strengthening in multi-principle element alloys solely based
on misfit volumes and elasticity. In their recent
study they exclude that SRO is required to match
the yield stresses found in experiments for the CrMnFeCoNi family including the ternary MEA CrCoNi [11]. Several research groups [15, 16, 17] performed detailed transmission electron microscopy

If SRO is not the underlying mechanism, a differ1

ent interpretation is pending [20]. The unexpected
range of (complex) stacking fault energies observed
by atomistic simulations and TEM studies could be
an alternative scenario explaining why dislocations
experience pinning sites along their lines leading to
increased lattice resistance [21, 5]. The resulting
wavy dislocation lines have been observed for dierent HEA/MEA in experiments [21, 22, 5, 17] and
atomistic simulations [21, 14, 23, 24, 7, 25]. Li et al.
argue that the wide range of stacking fault energy
(SFE) causes peaks in the energy landscape where
locally lattice friction becomes enhanced [5]. As
a consequence dislocation segments need to unzip
from the local barriers while gliding. Such a mechanism would only exist in MEA/HEA, but not in
conventional dilute solid solutions.
In this study we investigate the repeated local
pinning along subsequent dislocations in the facecentered cubic (FCC) CoCrFeMnNi HEA by combining in-situ TEM and atomistic simulations. The
in-situ TEM studies reveal wavy dislocation lines
and their jagged motion even under an applied tensile strain. These observations are reproduced in
atomistic computer simulations without the need
for SRO. The underlying mechanism is directly
linked to locally varying fluctuations in Peierls barriers, which lead to dislocation pinning points in
chemically complex alloys, and show their relation
to the critical stress needed for moving a dislocation
line.
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only the upper part of the dislocation line (blue arrow) moves forward. With some delay, the bottom
part (green arrow) follows. The jerky motion can
be more clearly seen by tracing the dislocation position over time (Fig. 1 (d)). The positions are
extracted by using Gaussian and ridge detection
image filters. As described above, a small dislocation segment propagates by forming small humps,
while the rest hardly moves. This glide motion by
continuous pinning-unpinning is observed for most
dislocations, and could be the reason for the high
shear stress required for dislocation glide in HEAs
[17].
Local chemical ordering or clustering might affect the pinning and depinning of dislocations, however, in this alloy, we could not resolve it even
with state-of-the-art chemical analysis by STEM
energy-dispersive X-ray spectroscopy (EDS) and
atom probe tomography [17]. We can also exclude
experimental artifacts, such as FIB damages or surface oxide, since both are located at the outer-most
surface of the TEM sample and have a thickness of
5-10 nm [26, 27]. Therefore, the jerky motion in the
middle part of the dislocations, which is placed near
the center of the TEM foil should not be affected
by the external artifacts.
Fig. 1(e) shows the evolution of the first Shockley
partial dislocation emitted from a surface crack in
an atomistic simulation. Colored dislocation lines
show the growth of the dislocation half-loop in 1 ps
increments. Analogous to the TEM observations
an inherent waviness of the dislocation can be seen.
As all atoms in the simulated sample are distributed
randomly ( Supplementary Fig. 5), we see that even
in the absence of SRO localized dislocation pinning
can be observed. This supports the notion, that
the random chemical fluctuations in the HEA are
sufficient to pin the dislocation line. In the following we will investigate the equimolar CoCrFeMnNi
HEA using the lammps software [28] and a classical
interatomic potential[29] to determine the origin of
these nano-scale dislocation pinning points.
The classical Peierls model of dislocation glide
states that the stress required to move a dislocation
is proportional to the maximum slope in the energy
path connecting two neighboring stable states. For
pure metals this energy path may be approximated
by a sinusoid and the so-called Peierls stress can be
calculated analytically. In dilute solid solutions the
local energy function is changed around each solute
and therefore the local stresses required for dislocation glide change. Nevertheless, the local Peierls
stress can still be calculated from the slope of said
energy curve [30, 31].
The general-stacking-fault (GSF) energy surface
is the energy profile for the rigid displacement of
two crystal planes [32, 33, 34] and it is often taken
as stand-in for the Peierls energy. Conventionally,

Results

We first start with the experimental analysis of
the structure and glide motion of dislocations in
CoCrFeMnNi HEA by in-situ TEM tensile testing
(Fig. 1 and Supplementary Video 1). Uniaxial tensile load is applied to the Cu grid which transfers
stress to the HEA thin foil prepared by FIB liftout (Fig. 1 (a)). The loading direction and the
viewing direction (or electron beam direction) are
[211̄] and [113], respectively. Under [211̄] zone axis,
three {111} slip planes are inclined with respect to
the viewing direction except (a) plane in Thompson notation. Due to limited thickness of the thin
foil, dislocations glide on one of inclined slip planes
are connected to top and bottom surface of the foil
(Fig. 1). During deformation, dislocations bow out
under the local shear stress toward their glide direction (Fig. 1 (b, c)).
In Fig. 1 (c) representative snapshots are presented showing the glide motion of Shockley partial
dislocations separated by stacking faults appearing
as dark bands. All images are processed to enhance
the dislocation contrast (details in Method section).
While gliding, dislocations advance through kinkpair-like glide mechanism. For example, for the
case of the dislocation, D, indicated by black arrow,
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Figure 1: Jerky glide motion of dislocations in Cantor alloy during in-situ TEM straining. (a) Schematic
illustration of the experimental setup. FIB lamella is lifted-out and fixed to a custom-made Cu straining
grid. (b) Schematic drawing showing the slip plane and dislocation array in a thin TEM sample. The
slip plane is inclined and the ends of dislocations are attached to top and bottom surfaces of the lamella.
(c) Snapshots of in-situ TEM straining movie. Dislocations show jerky glide motion. Dislocations
continuously form small humps while propagating as indicated by blue and green arrows. Thompson
tetrahedron represents the slip planes under the given diffraction condition. (d) Traces of dislocation
(‘D’ in (c)) measured directly on a sequence of TEM frame images during glide. Dislocation line was
traced for five consecutive frames at three different stages of glide. The evolution of wavy line shape
during glide implies local pinning. (e) Growth of a Shockley partial emitted from a surface notch under
applied tensile load in the computer simulation. Similar to the experiment, a wavy dislocation line can
be seen.
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Figure 2: Stacking fault energy averaged for the CoCrFeMnNi sample (a-b) and an example for the
localized stacking fault energy calculated for a single atom (c-d). (a) Generalized stacking fault energy
(GSF) curve along the leading (red) and trailing (green) partial dislocation’s displacement. GSF surface
(b) with arrow indicating the minimum energy path connecting two stable FCC sites via a HCP site. (c)
Minimum energy path connecting the local minima of the corresponding GSF surface shown in (d). (c &
d) are shown as an example for a single Co atom in the GSF plane. Dashed lines indicate the maximum
slope (in units of force) FGSF .
the GSF energy surface is calculated as an average over the whole GSF plane. For example, Fig. 2
(a) gives the averaged GSF energy surface for the
HEA sample. The energy profile along the displacement of leading (marked by red) and trailing
(marked by green) partial dislocations shows symmetric shape as shown in Fig. 2 (b). However, in
the case of HEAs, we expect the GSF energy surface
to strongly vary based on the local atomic arrangement. Therefore, the Peierls stress becomes a local
quantity which has to be calculated for each atom.
Fig. 2 (c) and (d) give an example of such a local GSF curve. Compared to a monoatomic metal
there are two notable differences in local GSF curve
of HEAs; Firstly, the energy path for leading and
trailing partials are not symmetric as there are pronounced changes in the local chemical environment
after the first displacement. The maximum slope
of the GSF curve also becomes asymmetric which
corresponds to the local critical force FGSF required
to move a dislocation segment. Secondly, the three
local minima are shifted compared to the perfect
FCC positions due to spatial variations in the equilibrium bond length [35].
In order to see the effect of the local fluctuations
in the GSF energy surface and thereby in the local FGSF a constant shear force is applied to the
dislocation. To minimize the effect of thermal fluctuations the temperature is set to 2 K.
Fig. 3 (a-c) show a 3D representation of the local

FGSF , and thereby also the local dislocation pinning point landscape. Superimposed is the dislocation line at different times as it travels through the
crystal. The dislocation is pinned on the highest,
i.e. strongest, obstacle and strongly bows out under the applied load (b). After the dislocation has
passed over a given area, the atoms are shuffled and
the dislocation obstacle landscape has changed for
following dislocations.
Fig. 3 (d) shows the position of the leading partial
dislocation under applied shear load over a 20 ps interval in 0.25 ps increments. Positions, where multiple line segments are close to each other, correspond to positions where the dislocation line is locally pinned while wider line spacing indicate faster
dislocation glide. Gray circles highlight positions of
increased FGSF , which we propose to lead to a locally increased dislocation line pinning.
To effectively correlate FGSF with the dislocation position during dislocation glide we collect the
2
leading partial’s dislocation positions on a 3 × 3 Å
binning grid. The dislocation position is extracted
every 10 fs and the every bin that is touched by
the dislocation line has its count incremented by 1.
This leading partial occupation Cleading is shown in
(b). Brighter regions in the plot correspond to regions of longer dwelling time for the dislocation and
therefore suggest stronger pinning sites. Note, that
the color scale is logarithmic. Additional red points
mark positions of locally increased FGSF (sampled
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Figure 3: Dislocation moving through its obstacle landscape (a-c) highlighting the pinning of the
dislocation line. Spatial and temporal distribution of the dislocation during its glide showing regions of
strong pinning (d-e). (a-c) Proposed pinning point landscape around x = −120 Å showing the initial
configuration (a), a bowing out of the dislocation line due to pinning at the highest obstacle (b), and
the modified dislocation pinning point landscape after the dislocation rearranged the local chemical
environment (c). (d) Position of the leading partial dislocation in 0.25 ps increments over a 20 ps interval.
Proposed dislocation pinning points are marked by circles. (e) 2D histogram of the leading partial
occupation density Cleading . Bright yellow spots indicate a long residence time of the dislocation due to
local pinning (logarithmic color scale). Red circles highlight proposed pinning points.
on the same grid). These were obtained from local
averaging of FGSF for the leading partial. While
it is difficult to judge the spatial correlation between FGSF and Cleading ; between x ≈ 140 − 160 Å,
x ≈ 80 − 100 Å, or x ≈ −50 − −20 Å, a spatial
correspondence of high FGSF and long dislocation
residence time may be seen. This confirms that
the local FGSF parameter calculated here is a good
descriptor for the local dislocation pinning in the
HEA. Supplementary video 2 shows the leading
partial dislocation line overlaid on top of the FGSF
grid where the pinning can be appreciated in motion.

relation [36]. Calculating R between FGSF and C
for the leading and trailing partial dislocations separately gives Rleading = 0.14 and Rtrailing = 0.16,
respectively. To give perspective on these numbers,
we created many different random arrangements of
FGSF and found their correlation with the observed
C to be substantially smaller: Rleading = Rtrailing =
0.00 ± 0.02. Confirming that there is a correlation
between the FGSF determined for each atom and
the dislocation pinning points.

We have found an atomic descriptor of dislocation pinning points in an HEA that does not only
describe the observations from our atomistic simuThe Pearson product-moment correlation coef- lations well but also fits in with expectations from
ficient R can be used to estimate the correlation the established theory of the Peierls model.
between two variables. It becomes 1 for a positive
To increase solid solution strengthening in alloys
linear correlation and −1 for negative linear cor- a high density of strong dislocation line pinning
5

All atoms

(b)

4

Normalized count

Normalized count

(a)

3
2
1
0

0

1

0.5

Only Co atoms
4

2
1
0

−1

1

0.5
𝐹GSF /(eV Å )

(c)

(d)

0.1
0.08
0.06
0.04
0.02

Ni
NiCr
NiMn
NiCoFe
NiCoCrFeMn
leading partial

1,000
500

2

𝑀/(Å eV−1 ps−1 )

−1

0

−1

𝐹GSF /(eV Å )

𝐹crit /(eV Å )

NiCo
NiCoCr
CoCrFeMnNi
𝑃95.4 (𝐹GSF )

3

0.2

0.4

0.6

0.8
−1

𝑃95.4 (𝐹GSF )/(eV Å )

0
0.2

0.4

0.6

NiCo
NiFe
NiCoCr
NiCrFe
NiCoCrFeMn SRO
trailing partial

0.8
−1

𝑃95.4 (𝐹GSF )/(eV Å )

Figure 4: Correlation of the proposed pinning point distribution to the resistance against dislocation
glide in several alloys. Distribution of FGSF over all atoms in the GSF plane (a) or Co atoms only (b). A
dashed line marks the 99.4 percentile of FGSF (P95.4 (FGSF )) threshold for each sample. Comparison of
the critical force required for dislocation glide (Fcrit ) (c) and the dislocation mobility M for all samples
against P95.4 (FGSF ) (d). Dashed lines are added as a guide for the eye.
points is required. Based on our findings, an alloy with a increased number of high FGSF lattice
sites would be strongest. Using the same routine
used for the Cantor alloy in the previous section
we tested the hypothesis and created different samples ranging from pure Ni over Ni based binary and
ternary alloys up to the HEA and determined the
force required for dislocation glide.

due to a reduction in Co and Cr concentration.
From this data we would expect dislocations in
NiCo to move the easiest and fastest, while CoCrFeMnNi has intermediate dislocation pinning due
it its reduced number of pinning sights compared
to NiCoCr where we expect the highest resistance
against dislocation glide. We perform two sets of
shear simulations on the different samples. First
we apply a constantly increasing shear force F and
track the critical force Fcrit required for the leading and trailing partial dislocation to move. Fcrit is
chosen as the force required to move each dislocation by 25 Å.
For further analysis the 99.4 percentile of FGSF
(P95.4 (FGSF )) is chooses as a measure of the FGSF
distribution. P95.4 (FGSF ) means that 95.4 % of the
FGSF values are lower so it gives a representative
number for the upper tail of FGSF (see dashed
line in (a)). Charting Fcrit against P95.4 (FGSF )
for all tested samples reveals a linear correlation
(Fig. 4(c)). Showing the initially suggested correlation.
An increased pinning point density should not
only influence the the critical force required to initiate dislocation glide but should also reduce its
overall mobility. The mobility M is defined as
v = M × F , where v is the dislocation’s velocity
and F is the acting force [30]. We apply a constant
force of Fcrit . If leading and trailing partial had

Firstly, FGSF is determined for a dedicated {111}
plane and a dislocation is subsequently inserted.
Fig. 4(a) gives the leading partial dislocation’s
FGSF spectra for all species in the sample, while
in (b) only the contribution of Co atoms is shown.
The binary NiCo alloy is contrasted against NiCoCr and the CoCrFeMnNi HEA. In the NiCo alloy, Ni and Co atoms have very similar FGSF val−1
ues around 0.2 eV Å . If Cr is added to the alloy,
the wider range of distinct chemical environments
leads to a broadening of the Ni peak, which remains
−1
centered around 0.2 eV Å . The Co peak on the
other hands not only broadens but also shifts to
−1
significantly higher values around 0.8 eV Å while
Cr has intermediate FGSF values between 0.4 and
−1
0.6 eV Å . Further addition of Fe and Mn does
not lead to significant shifts in peak positions for
any of the 3 elements with Fe and Mn themselves
−1
having low FGSF around 0.2 eV Å . Their effect is
mostly a reduction in the number of high FGSF sites
6

different Fcrit values, as was the case for samples
with a negative stable stacking fault energy (NiCr,
NiCoCr, NiCrFe, CoCrFeMnNi), the one for the
leading partial was chosen. In those cases, only
the mobility of the leading partial was calculated.
Fig. 4(d) gives the calculated dislocation mobilities
for all samples studied and similar to (c) a correlation between P95.4 (FGSF ) and M can be seen.
While we have shown that the local Peierls energy landscape can be used to describe dislocation
pinning in random alloys, the question impact of
SRO remains elusive. Here we find that, the FGSF
spectrum for remains essentially unchanged for four
different CoCrFeMnNi SRO samples compared to
their random counterpart (see supplementary material). Additionally, we calculate Fcrit and M for
the SRO samples and add it to Fig. 4 (c & d). As
expected from our previous analysis, the similarities in FGSF between SRO and random samples
lead to matching Fcrit and M . The CoCrFeMnNi
samples were produced using Monte-Carlo style optimization algorithm to artificially skew the bond
count towards an increased count of A-B bonds.
Two samples with varying degrees of instilled SRO
are prepared (see supplementary material for the
WC SRO analysis of the two different SRO samples). The A-B species, which feature increased
bond compared to the random sample are replaced
by Co-Cr, which leads to an increase in energy in
the sample, thereby being an unfavorable SRO and
by Ni-Mn, which is a energetically favorable SRO
in these samples.
In summary, we find that the dislocation pinning points identified in the Cantor alloy could
also be found in different binary and ternary alloys. The critical force required for a dislocation to
move correlates with the amount of high strength
pinning points identified from the atomistically resolved GSF curves. Similarly, a greater number of
strong pinning sites leads to an overall reduced dislocation mobility.

3

odic boundary conditions applied to the simulation
cell in the glide direction lead to the effect that the
leading partial dislocation starts to interact with
the stationary trailing partial across the periodic
boundary. To reduce the artifacts of the negative
stacking fault energy, we only calculated the mobility of the leading partial for these samples. The
main conclusion about the nature of the dislocation
pinning points in HEAs remains unaffected by the
negative stacking fault energy, as we isolated the
leading partial dislocation’s pinning points and its
mobility.
The correlation factor R calculated here should
not be taken as a an absolute number attesting to
the strength of association. R can only quantify a
linear relationship between two variable. Moreover,
other statistical measures need to be met to make
quantitative statements based on a given value of
R [36]. Nevertheless, we deem it valuable as a measure to compare the observed spatial distribution
of proposed pinning force FGSF and the dislocation
occupation number C. Comparing the observed R
to many different random arrangements of FGSF
showed that the observations cannot be explained
by random chance.
Having identified the dislocation pinning points
allowed us to sample their density for different binary and ternary alloys and compare those to the
CoCrFeMnNi HEA. Neither Co nor Cr lead to
a substantially shift the FGSF distribution when
added to Ni. Only the addition of both leads to
a pronounced increase in pinning point density and
strength. Further addition of Fe and Mn leads to
no relevant shift in the Fcrit spectrum and therefore only decreases the pinning point density. The
strengthening predicted based on this pinning point
analysis (strength increases from NiCo and NiCr to
NiCoCr) is confirmed from our single dislocation
shear simulations. These findings are in line with
experimental observations, where NiCoCr consistently shows higher hardness [3] and tensile yield
strength [41, 42] compared to other alloys from the
same family.
We find that the SRO created in the CoCrFeMnNi samples neither influences the SFE landscape nor the forces required for dislocation glide.
This is in agreement with a recent study on the
CoFeNiTi model HEA [7], where it is found that
chemical ordering leads to a strength increase due
to the formation of energetically favorable bonds,
while simultaneously decreasing the misfit volume
of the different elements. Following the solid solution strengthening model this change in the misfit
volume leads to a decrease in strength. Pasianot
and Farkas find that these two effects compensate
for edge dislocations which offers an explanation for
the constant strength observed in Fig 4.
Dislocation waviness observed by Li et al. [25]

Discussion

The stable stacking fault energy for the CoCrFeMnNi alloy calculated from the the interatomic
potential are negative indicating that the hexagonal close-packed (HCP) phase is more stable than
the FCC phase. This negative stacking fault energy is in line with some density function theory calculations [4, 37], while others report a stable stacking fault energy close to 0 [38] or around
30 mJ m−2 [39, 40]. Therefore, leading and trailing
partial dislocation are not gliding together keeping
a constant width. Instead the leading partial starts
to glide while the trailing partial remains in-place
as the increasing stacking fault width decreases the
overall energy of the crystal. Moreover, the peri7
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was attributed to differences in the Co-Cr bond
count (measured in the form of the Warren-Cowley
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temperatures of 300 K where thermally activated
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5.1

Materials preparation

[37] Shijun Zhao, G. Malcolm Stocks, and Yanwen
Zhang. Stacking fault energies of face-centered A single crystal CoCrFeMnNi HEA was produced
cubic concentrated solid solution alloys. Acta by using Czochralski method from an equiatomic
Materialia, 134:334–345, August 2017.
melt of high-purity elements. The composition of
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Fe, Co, Cr, Mn and Ni is 24, 24, 20, 12, 20 at.%, respectively, measured by both STEM-EDS and atom
probe tomography (APT) [17]. In-situ TEM straining samples were prepared by focused ion beam
(FIB) site specific lift-out method [43] which utilize
a 30 and 5 kV Ga ion beam (JIB-4610F, JEOL). A
thin lamella with a size of 10×5×0.1 µm was glued
on custom made Cu grid by Pt deposition [17].

5.2

Transmission
croscopy

electron

mi-

In-situ tensile straining tests were carried out in
an aberration-corrected TEM operated at 300 kV
(JEM-ARM300CF, JEOL) equipped with a straining holder (Model 654, Gatan). In-situ TEM
movies were recorded with a high-speed camera at
frame rate of 50 frames per second and 2k resolution (Oneview, Gatan). The displacement of the
whole sample grid was controlled by a step motor
whose resolution was 1 µm. The loading was interrupted intermittently to stabilize the stage and
observe dislocation glide motion. No quantitative
load-displacement data were obtained during the
testing. The contrast of dislocations in TEM images and videos are enhanced by image processing.
Firstly, the background noise from the FIB damage
is removed by using direct subtraction of the last
frame after aligning all frames using cross correlation method. Then, Gaussian filter is used to blur
the remaining noise. To extract dislocation positions shown in Fig. 1 (d), ridge detection filter is
used after applying additional Gaussian filter.

5.3

Simulation

Computer simulations are performed using
lammps [28]. All atomic interactions are based on
the interatomic modified embedded atom method
interatomic potential parametrized by Choi et
al. [29]. The atoms were placed randomly on FCC
lattice sites to create ideally random solid solution
alloys.
3
A large sample measuring 177×499×270 Å with
periodic boundary conditions along x and y and an
open surface along z is used. A notch is cut into
the surface and it is subjected to uniaxial strain in
the y direction at 300 K. The applied strain rate is
equal to 108 s−1 and the final strain is set to 10 %.
The generalized stacking fault energy surface is
calculated for a singlecrystalline FCC sample oriented x = [110], y = [112], and z = [111] measuring
3
510 × 89 × 123 Å . Here periodic boundary conditions were employed in x and y direction keeping an
open surface along z. The GSF energy surface is obtained from rigid displacement of the upper half of
the crystal against the lower half along the x and y
direction. Due the strong variations in equilibrium
11

bond length in the HEA, the atoms were kept fixed
on their ideal FCC lattice sites during the subsequent energy minimization. Both crystallites were
allowed to rigidly shift along the z direction to avoid
overlapping atoms in the GSF plane.
The samples for which the GSF surface were
taken and an additional half plane was inserted in
the x direction to create an edge dislocation with
its glide plane identical to the GSF plane. All
subsequent simulations were performed at 2 K in
the micro-canonical (NVE) ensemble. A 4 Å layer
at the open surfaces was thermostatted using a
Langevin thermostat to retain constant temperature.
For the initial simulations on the CoCrFeMnNi
−1
HEA a constant shear force of 0.052 eV Å at−1
was applied to the surface atoms facilitating
dislocation migration.
For the determination
of the critical force Fcrit required for dislocation migration a constantly increasing shear force
−1
(1.04 meV Å at−1 ps−1 ) was applied to the surface atoms until the dislocation started to glide.
To measure the dislocation mobility, the force was
ramped from 0 to Fcrit which was held to determine
the dislocation velocity under constant force.
All samples were built using atomsk [44]. The
dislocation lines are determined using the dislocation extraction algorithm [45] implemented in
ovito [46].

Supplementary Material
Video 1: Video 1 shows the glide of a series of partial dislocations during in-situ TEM straining. To
increase the signal-to-noise ratio by removing the
background features, the last frame is subtracted
from all other frames after aligning the frame by
using cross-correlation drift correction. The dark
bands in the video are stacking faults of which left
and right ends are trailing and leading partial dislocations, respectively.
Video 2: Video 2 shows the leading partial dislocation under applied constant shear load migrating
through the chemically complex HEA matrix. The
underlying grid shows the local average of Fcrit on
2
a 3 × 3 Å grid.
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Figure 5: Warren Cowley short range order (SRO) parameter αij citeCowley1950 for the random
CoCrFeMnNi sample compared to the two artificially created (A-B 01 & A-B 02). (a) shows the average
over the whole samples, while in (b) only the average over the stacking fault plane is taken. Both SRO
samples show one bond being clearly favored, while all other bond fractions are modified by approximately
the same amount compared to the perfectly random sample. In the following this favored A-B pair is once
replaced by Co-Cr and once by Ni-Mn. (c & d) distribution of Fcrit for the random CoCrFeMnNi sample
compared to the different SRO samples (see also Fig. 4). The spectrum is not significantly modified by
the addition of SRO. (e) Energy difference per atom between the different SRO samples compared to the
random sample. Preference of Co-Cr is energetically unfavorable while Ni-Mn leads to an overall energy
decrease.
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Letter to the editor
Dear Editor,
We hereby submit our manuscript with the title ‘Jerky motion of dislocations in high-entropy alloys: The linkage between local Peierls stress
fluctuations and dislocation mobility’ as an article to Nature Materials
for your consideration.
Dislocation glide in medium and high-entropy alloys reveals repeated
pinning resulting in a jerky dislocation motion. The origin and significance of this behavior is heavily discussed in the community as it may
be different compared to dilute ‘conventional’ alloys. In our work, we
combined in-situ transmission electron microscopy with atomistic computer simulations to shed light on the origin of repeated pinning and
depinning of dislocations in a FCC CoCrFeMnNi (Cantor) alloy under
mechanical load. Previous theoretical treatments of high-entropy alloys
and their dislocations did not consider dislocations and their atomic environment as individual actors but instead approximated them as an
average background matrix with randomly distributed solute atoms.
In this manuscript we report atomistic computer simulations to calculate the Peierls stress not for the concentrated alloy as a whole but
instead for each individual atom in the high-entropy alloy. We find that
this local Peierls stress correlates directly with the dislocation pinning
sites observed under an applied load. This effect even overrules the
effect of short-range order. With our results we answer a central and
long standing question in the HEA community on the nature of the
individual dislocation pinning points. Our results can guide further alloy design, as an optimization of chemical environments leading to high
local Peierls stress can be used to design mechanically strong alloys.
The simulation results are augmented by transmission electron studies
resolving isolated dislocations during their glide.
The material presented here has not been published in any form and
is not consideration for publication elsewhere.
Sincerely,
Daniel Utt
On behalf of the authors
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